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Some Properties of Poly-2-vinyl Pyridine
in Solution

A. J. HypeE and R. B. TayLoR

Samples of 2-vinyl pyridine were polymerized using azo-bis-isobutyronitrile
as initiator and the polymers formed fractionated to yield ten fractions. Light
scattering and viscosity measurements were made on these in absolute ethanol
and in a mixed solvent, the composition of which had been derived from
precipitation measurements. The dependence of the various quantities derived
from light scattering and viscosity measurements on molecular weight is shown.
The values of & in the relationship {R*)=KN*e are discussed and the
‘hindered rotation’ term (1+cos ¢)/(1—cos¢) in the expression for {R2) is
evaluated.

EXPERIMENTAL
INITIALLY, benzoyl peroxide was used to initiate the polymerization of
2-vinyl pyridine but since the reaction mixtures obtained were always dark
coloured azo-bis-isobutyronitrile was used for all subsequent preparations.
Varying amounts of initiator were used in order to obtain a range of
molecular weights. One attempt was made to make a low molecular weight
polymer by working with benzene as diluent.

The whole polymers formed were fractionated at 25°C by successive
addition of hexane to the benzene solution of the polymers. Each polymer
was separated into three fractions, each of which was freeze-dried from
benzene solution. Viscosity measurements were carried out on all these
fractions in ethanol solution and groups of fractions with similar limiting
viscosity numbers (within 0-2) were combined forming ten lots in all. Each
lot was then refractionated into three fractions of which the middle fraction
was used in most of the subsequent experiments.

Viscosity measurements were made at 25°C using a Fitzsimmon’s visco-
meter (flow time for ethanol 36 seconds). The flow times are rather small
and although kinetic energy corrections are easily applied, shear effects are
probably quite large and cannot be estimated without further measurements
at different rates of shear.

Light scattering measurements were made using an instrument marketed
by SOFICA which is based on an original design of Wippler and Scheibling®.
Measurements were made of light scattered at eleven angles between 30°
and 150° to the incident beam, from not less than four solutions of different
concentrations. Solutions were clarified by filtration directly into the
scattering cells through No. 5 glass sinters or by high speed centrifugation
followed by transfer to the scattering cell using a dust-free pipette. The
measurements were made in ethanol and a mixed solvent at room tempera-
ture (20° to 25°C). This means that the mixed solvent used was not a 4
solvent for the light scattering measurements but was rather better since a
subsequent experiment showed that on heating a polymer solution to a
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temperature of about 30°C, the polymer precipitated. The results were
treated by the usual method due to Zimm?, except that no attempt was made
to correct the extrapolated values for polydispersity.

Measurements of dn/dc were made using a Brice Phoenix differential
refractometer, at room temperature, which was between 20° and 25°C,
An being insensitive to temperature variations.

The ¢ solvent chosen was a mixture of n-propanol and n-heptane of
refractive indices 1-3854 and 1:3876 respectively. The composition was
obtained using the method described by Schultz and Flory®. Three polymer
fractions (1, 5 and 10) of very widely separated molecular weights were
used, and the composition at which precipitation occurred found for each
over a wide range of polymer concentration. The procedure was to start
with a concentrated solution of polymer in n-propanol and progessively
add precipitant (n-heptane) till slight precipitation occurred, then to redis-
solve and to repeat this until solutions were quite dilute. The results
obtained were then extrapolated to yield a value of the solvent composition
which would just dissolve a polymer of infinite molecular weight at zero
concentration, i.e. the composition of the 9 solvent.

DISCUSSION
The early attempts at fractionation were carried out using the solvent-
precipitant systems used by Fuoss er al.* and by Boyes and Strauss® for
poly-4-vinyl pyridine. It was found, however, that poly-2-vinyl pyridine was
generally much more soluble than its isomer and could only be precipitated
using saturated hydrocarbons or water.
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The curves for the precipitation of polymer from the solvent-precipitant
mixtures (n-propanol-n-heptane) are shown in Figure I. The lines in the
ternary diagram corresponding to different molecular weights are much
more closely grouped than those obtained by Schultz using polystyrene of
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similar molecular weights. The broken line corresponds to the precipitation
curve for infinite molecular weight polymer.
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Figure 2—Zimm plot for poly-2-vinyl pyridine in ethanol
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Figure 3—Zimm plot for poly-2-vinyl pyridine in mixed solvent

Zimm plots for fraction 2 in ethanol and the mixed solvent are shown
in Figures 2 and 3 and values of {(R®>,, (six times the mean square Z+
average radius of gyration), M,,, the weight average molecular weight, and
B, the second virial coefficient for the various fractions are shown, along
with the limiting viscosity numbers and values of ®, in Tablz 1.

Graphs of 7,,/c against ¢ and log (4.:/c) against ¢ were plotted and
viscosity measurements continued to concentrations sufficiently low for
linear extrapolation of both graphs to be possible. Both graphs could be
extrapolated in every case to the same value of the limiting viscosity
number. The linear relationships found for the various quantities are:

(1) Viscosity—Molecular weight

(a) Ethanol {n]=2-8 x 10~* M},*®

(b) Heptane—propanol (6 solvent) {4]=1-2 x 10~ MY5°
(2) <R*>z—M,

(a) Ethanol {R*»,,=0-063 M’*

(b) Propanol-heptane {R*),, =049 M;;**
(3) B-M,, Ethanol; B=2-5x10"" M
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Table 1
Ethanol
Fraction Myx10-6 <R2>Z+X10“s BX 104 [yl DX ]g-21
Az dlig

T 45 135 1-97 6:30 1-48
2 317 875 2:10 560 1-83
3 218 545 2:03 417 1:75
4 1-69 372 2:36 3-45 2-04
5 1-35 3-08 30 314 2:07

6 085 1-:50 2-81 2-51 30
7 057 1:01 445 1-66 2:28
8 0474 0-770 4-65 1-50 2:58
9 0345 0655 50 1-15 1-97
10 0-086 - 19:0 0:62 320

PEinanol: Average 2:22.
Heptane-n-propanol
Fraction MyXx10-¢ {R%y,, X10-¢ [y] ex10-
A? dljg

T 445 7-63 2:42 134
2 320 565 2:17 1-33
3 1-:90 317 1-73 1-64
4 1-57 228 1-59 1-97
5 1-39 1-89 1-35 1-85
6 0-835 1:16 1-10 2:01
7 0-518 0-673 0-90 2:32
8 0-42 0615 077 1-85

9 — — 0-63 —

10 — — 0-34 —

P Heptane-n-propanol *

XZ

Average 1-79.

—

(&3]

Figure 4—Plot of {R?), against Mw for poly-2-vinyl pyridine in
ethanol (open circles) and in mixed solvent (solid points)
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SOME PROPERTIES OF POLY-2-VINYL PYRIDINE IN SOLUTION

The values of {R*»;, for the different polymer fractions in ethanol and
the mixed solvent are shown as functions of molecular weight in Figure 4.
The curve for ethanol is strongly concave upwards as one would expect
for a good solvent. The points for the mixed solvent do not appear, how-
ever, to fall on a straight line, as they should if R*COCM, but exhibit
slight upward curvature.

Plots of log {R*);, against log M,, give straight lines of slopes 1:25+0-02
in ethanol and 1-08 +0-02 in the mixed solvent. This shows that the mixed
solvent is better than a 6 solvent, as previously indicated, Measurements
in the mixed solvent at 25°C (i.e. a 0 solvent) are envisaged, when accurate
temperature control of the light scattering apparatus near room temperature
has been achieved.

The light scattering results for the fraction of highest molecular weight
in ethanol were analysed by a method previously described® to find the
exponent in the {R*y/M relationship. For this fraction the exponent in
the relationship <{r2>=k (i—j)**'N< is 0-1, ¢ being 0-25 according to the
log {R*»;/log M,, plot. The value of v found for the highest molecular
weight fraction should be characteristic for all fractions, and graphs of
P~ (6) against (sin” 48)°°® were drawn in order to find {R*»y and My from
which one can find an {R?)/M relationship uninfluenced by polydispersity’.
From a graph of log {(R*)y against log My, a value of ¢ of 0-24 was
obtained.

The limiting viscosity numbers of the polymer fraction when plotted in
log-log form against molecular weight gave straight lines of slopes 0-66 in
ethanol and 0-50 in the 6 solvent.

It is rather difficult to interpret the different values of the exponents in
the various relationships considered.

[n]=kM-
iy =K (i— N

which leads to <R*)=kN'*.. v is obtained directly from a single light
scattering experiment and should be less than or equal to . ¢ is found from
a plot of log {R*) against log M, the values being obtained from light
scattering. « is obtained from viscosity measurements and should be equal
tod+4e.

For ethanol, « is 0-66 which gives a value ¢=0-10. However, from the
log {R*);,/log M,, plot, e=0-25 and from the light scattering experiment
on the highest M, fraction, v=0-10.

The difference between the ¢ values from viscosity and light scattering
measurements seems rather large but may be due to the different averages
of distances obtained in the two types of measurement, and the fact that
the determination from the viscosity-molecular weight exponent is only
approximate.

An attempt was made to evaluate the amount of restriction of rotation
about carbon—carbon bonds in the polymer backbone using the expression

(RS {%}m (1+cos 6) (1 +cos ¢ 12) )

1-cos8/\1—cos¢
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which is a combination of the well known equation for {R?) involving
short range interactions, with an empirical one for long range interactions
(¢ being the supplement of the valence angle, ! the carbon—carbon bond
length, cos ¢ the average value of the cosine of the rotation angle measured
from the trans position and m, for vinyl polymers, is half the monomer
weight).

For the polymer in the mixed solvent system for which ¢=0-08,
(1 +cos ¢)/(1 —cos ¢) has the value 7-3.

This value is in agreement with values obtained for polymers of similar
structure®. However, if the same treatment is applied to the results for the
ethanol solution for which ¢=0-25, a value of 1:97 is obtained for
(1 +cos ¢)/(1 —cos ¢), which is much smaller than the previous value and
would appear to indicate almost completely free rotation in the molecule.
A similar difference is found if equation (1) is applied to polymers of
similar structure investigated in several solvents by other authors’. From
this it would seem that the effect of excluded volume cannot be simply
accounted for by the introduction of the term N'* into the formula for
{R?», although the effect of short range forces should, in principle, be
separable from that of long range ones.

The authors wish to thank the D.S.I.R. for the award of an equipment
grant for the purchase of the light scattering apparatus and of a research
Studentship to one of us(R.B.T.).

Chemistry Department, The Royal
College of Science and Technology,
Glasgow, C.1
(Received March 1962)
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The Dependence of the Viscosity
on the Concentration of Sodium Carboxy-
methylcellulose in Aqueous Solutions
D. A. I. Goring and G. SITARAMAIAH*

The Huggins coefficient, k', was measured for three fractions of sodium
carboxymethylcellulose by an iso-ionic dilution technigue for ionic strength
Ie from 0-1 M to 0-00001 M. At Ie=0-1 M, k' was approximately 0-5. How-
ever, k’ increased to values as high as 29 at lower ionic strengths. Such sub-
stantial increases of k' were produced by the increased interparticle repulsion
at low ionic strength. A model of the collision doublet is proposed in which
the hydrodynamic compressive force and the electrostatic repulsive force are
in equilibrium. As the ionic strength is lowered, the increased electrostatic
potential of the molecule causes an increase in the axial ratio of the doublet
and thus produces an increment in k'. A quantitative treatment is given in
which the electrostatic potential calculated from the increment in k’ is compared
with values computed by means of the equations for the potential of a
polyelectrolyte.

THE change in the reduced viscosity with concentration of dilute solutions
of high polymers has been expressed by the relationship*

[ C=1n]+ K" [n]Pc )

where k’, the Huggins constant, depends on the nature of the polymer-
polymer interactions in solution. For non-ionic polymers k’ has been
generally found to vary between 0-3 and 0-5°~°. However, with poly-
electrolytes higher &’ values have been reported for a number of systems®™®.

Recently, Goring and Rezanowich® observed for fractions of lignin
sulphonate a large increase in k’ with decrease in the ionic strength, I;. It
was suggested that this trend was due to the increased electrostatic inter-
particle repulsion at low ionic strength. The effect was then interpreted in
terms of the particle collision behaviour reported in detail by Mason
et al'*~'*, The constant k" is assumed to arise from the rotation of the
doublet formed by the collision of spherical particles in the streamlines of
the sheared solution. When the particles carry charges, the double layers
interact during collision and the collision radius increases. A higher value
of k" results. A diagrammatic representation of the rotating doublet is given
in Figure 1.

The following relation was deduced between k’ and half the distance of
closest approach ¢

{(ra+3)/ra}* =K' K )]
in which kj is the value of &’ under conditions of high ionic strength when

*Holder of a Union Carbide Fellowship (1959-60) and a Mead Foundation Grant (1960-61), Present
address: Borg Warner Corporation, Des Plaines, I1l,, U.S.A.
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Shear field

Figure 1—Collision of spheres
with interacting double layers
in a shear field

Shear field

8 is zero. In equation (2), r, is the radius of the equivalent sphere obtained
by substituting [4] (dl/g) in the Einstein viscosity equation

ry={30M [4]/=N}*"* 3)

in which M is the molecular weight and N is Avogadro’s number. From
equation (2), 8 was computed for a series of ionic strengths. Goring and
Rezanowich® found that the ratio of 3 to the Debye width of the double
layer was constant over a wide range of I».

In the above theory two forces are considered to act on the charged
spheres. A hydrostatic compressive force tends to push the spheres into
contact while the electrical repulsive force pushes them apart. The two
charged spheres are separated by a distance which is set by the equilibrium
between the two forces. In the present paper a theoretical extension of the
original proposal is deduced from this condition of equilibrium. -

It was considered of interest to test the validity of the theory by its
application to the results of the current studies on the molecular size and
hydrodynamic properties of sodium carboxymethyl cellulose (CMC)*
Intrinsic viscosities and k” values were available for a series of fractions,
over a range of ionic strengths and molecular weights. A quantitative
interpretation of the &’ values obtained will be given here in terms of the
concept outlined above.

THEORETICAL

The electrostatic repulsive force, Fz, may be obtained from an approximate
equation of Verwey and Overbeek'® for the repulsive energy, Vi, of two
charged spheres separated by a distance 23. Written in present symbols
the Verwey—Overbeek equation is

Ve=4riey; xe7*%/(ry+8) C))

where ¢ is the dielectric constant of the medium, ¥; is the surface potential
according to equation (4), and 1/« is the Debye width of a double layer.

8



THE VISCOSITY OF CARBOXYMETHYLCELLULOSE SOLUTIONS

The electrostatic repulsive force, Fy, is given by

_ srﬁybﬁ__l_ 2k 1
=T74 e [(r,,+8)+(r,,+8)2] )

According to Allan and Mason'’, the hydrodynamic compressive force,
F Hs iS
Fyu=27Bn,G (ry+ 5)* sin 2¢* (6)

where B is a function of the axial ratio of the prolate ellipsoid equivalent
hydrodynamically to the doublet, ¢* is the angle its major axis makes
perpendicular to the direction of the streamlines, 7, is the viscosity of the
solvent and G is the shear rate.

Approximately all directions between 0 and =/2 for ¢* being equally
likely, the average value of sin2¢* becomes 2/=. Allan and Mason'” have
shown that the factor 8 can be reduced to a value of 2:17 when the
ellipsoid equivalent hydrodynamically to the doublet has an axial ratio
of 2. Assuming an axial ratio of 2 and substituting 2/= for sin 2¢%*,
equation (6) becomes

Fu=87n,G (r, +9) @)

Equating the compressive and repulsive forces for equilibrium (equations
5 and 7) we get
347 1,G & (ry+ )
2
LC=Y (T T ) ®

Equation (8) can be used to compute the potential at the effective surface
of the molecule.

The surface potential of a polyelectrolyte can also be calculated by means
of the approximation derived by Lifson'®. Lifson’s Eq. 9 in ref. 18 written
in the present symbols is

kT . ., I+wry, |
Y= r sinh™ f [1 ) (u+ E)—r;] 16))

in which ¥, is the surface potential according to Eq. 9 and e, k and T
are respectively the electronic charge, the Boltzmann constant and the
absolute temperature. Also p?=«*(1+7*)"? and f=c/2c, in which ¢, is
the concentration of non-polymeric monovalent salt at points far from the
macromolecule where v, is zero and c is the local concentration of fixed
charges of the macromolecule given by

Degree of substitution x Degree of polymerization
Cc=
@4/3)=r

Surface potentials calculated from the viscometric data may now be
compared with values derived from Lifson’s Eq. 9.

EXPERIMENTAL
Three samples of CMC, Hercules Cellulose Gums 7HP, 7MP and 7LP
were kindly given to us by the Hercules Powder Co., Wilmington, Delaware.
The samples were fractionated by precipitation from aqueous solution with

9
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ethanol. Three fractions, one from each series of fractionations, were chosen
for viscosity measurements over a range of ionic strengths. The fractions
were designated H1, M1 and L3 and were found to have the sedimentation—-
diffusion molecular weights (M,,), degrees of substitution (DS) and poly-
merization (DP) shown in Table 1.

Table 1. Molecular weights, DS and DP for CMC fractions

Fraction M:p DS DP
H1 346 000 066 1611
M1 163 000 072 743
L3 44 700 073 202

Viscosities were measured in aqueous sodium chloride by means of a
capillary viscometer of Schurz-Immergut type'®, with four bulbs and a
reservoir to permit measurement at different shear rates and concentrations.
An iso-ionic dilution technique’® was employed to obtain linear graphs of
reduced viscosity versus concentration. All measurements were made at
25°+0-01°C and 7s/c vetsus ¢ graphs computed for G =500 sec™*. The
materials used, preparation of the fractions, as well as details of viscometry
have been described in an earlier paper*®.

DISCUSSION OF RESULTS
Values of [4] and &’ derived for three fractions at different ionic strengths
are given in Table 2. There is a marked increase of the Huggins coefficient
with decrease in ionic strength. The k&’ value of 29-0 for fraction L3 at
I;=5x10"*M is the highest so far reported for CMC. Pals and Hermans®
reported k’ for CMC ranging between 0-5 and 10-0 whereas the values of
Fujita and Homma’ were between 0-4 and 4-0. Increase of k' linearly
with the reciprocal of the ionic strength has been observed in the past® 2.

3+
JL3

° Figure 2—k’ versus recipro-
< cal ionic strengths for HI,
M1 and L3
M
.
H1
L !
5 10

(1000 7.
10



THE VISCOSITY OF CARBOXYMETHYLCELLULOSE SOLUTIONS

Data from the present work, plotted in Figure 2, confirm the linear
relationship for 1, values from 0-1 to 0-0004 M. At lower I, k' falls below
the straight lines shown in Figure 2 for fractions M1 and HI.

In order to apply the analysis given in the theoretical section the
molecule will be assumed to possess spherical symmetry. It is realized
that this assumption is an oversimplification and it is expected that at
very low I or molecular weight the treatment will break down because of
the considerable extension of the polyelectrolyte.

o 18001 5y

o: L3 ’
1000 |- / s
e 4 Figure 3—3 versus 1/« for H1, M1
and L3
500 |- .

J d
0 200 700
1/ k 2

Proceeding, the CMC macromolecule is considered equivalent to a sphere
of radius, r,, and values of & are computed by means of equation (2). For
the calculation of & at different ionic strengths, &k, values of 0-5, 0-43 and
0-44 for H1, M1 and L3 respectively were used and were obtained by
extrapolation of the k" versus 1/I; graphs shown in Figure 2 to 1/1;=0.
Meaningful calculation of 8 at an ionic strength of 0-1 M was not possible
because of the small difference between k, and k" at Iz;=0'1M.

As shown in Table 2, § increased with decrease in In. The composite
graph of & versus 1/« (Figure 3) was approximately linear with a slope of
2-4. For lignin sulphonates® a linear relationship between 8 and 1/x was
found with 8x=1-5.

The electrostatic potential at the effective surfacg of the macromolecule
was then calculated by the two methods embodied in equations (8) and (9).

25 — = 25
Ve
Iy /
20t A/ /° 20
- / I x
=5 =S
Zusf 215
+ A
(=] w
1-0} 1'0}“
1 d 1 1 A 1 1 1
3 I 5 2 3 b
log 1/1I¢ log 1/I¢

Figure 4—log Y1 and log Yy versus log 1/l for H1, M1 and L3. The curves on the
right are identical with those on the left
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Table 2. Values of [z), r,, k', 8, Y& and ¥y, for Fractions HI, M1 and L3 at various
ionic strengths

Fraction I [n] r, k’
(M Na+) @lfg) &)
H1 01 12-3 407 051
0-01 28-8 540 051
0-001 . 627 700 065
0-0006 68-2 720 11
0-0001 91-8 795 37
0-00005 105 832 82
0-00001 160 957 89
Mi 01 7-0 262 045
0-01 11-7 311 046
0:0014 195 369 19
0-0005 277 415 22
0-0001 39-0 465 10°5
0-00005 48-8 501 106
0-00003 51-3 510 12'8
L3 01 16 104 055
0-01 2:3 118 1-1
0-0017 35 135 6°5
0-0005 39 141 29
Fraction b Y X 103 YL X 103 /2
(A) (e.s.u.) (e.s..) e
H1 — — — -—
16 13 06 04
32 37 26 07
101 80 36 05
315 21-5 116 05
494 352 15-4 0-4
589 316 24-3 0-8
Mean 0-6
Ml — — — -
31 1-1 1-8 1-7
104 86 67 08
129 86 106 12
327 224 19-6 09
354 209 231 1-1
387 21-8 268 12
Mean 1-2
L3 — — — -
19-4 14 84 62
76 50 179 36
142 99 262 27
Mean 4-2

12



THE VISCOSITY OF CARBOXYMETHYLCELLULOSE SOLUTIONS

It is evident from the results given in Table 2 that the main trend of v,
and v, is to increase with decrease in the ionic strength. In this respect
there is agreement between the two methods of deriving the potential.

The quantitative agreement between ¥, and iy, at each ionmic strength
is best for fractions Hl and M1, With decrease in molecular weight the
potential calculated from the Lifson equation increases. The data for ¢, are
more irregular and there is no consistent increase in y; at the lower mole-
cular weight. These trends are shown more clearly in the graphs of log vy,
and log vy, versus log 1/1, shown in Figure 4. The plot of logy, versus
log 1/1y for M1 fits fairly well the log V4 versus log 1/I; points for H1, M1
and L3. In effect, these results signify that for a given ionic strength, the
surface potential calculated from &’ is independent of the molecular weight
whereas the Lifson equation predicts an increase of the surface potential
with decrease in molecular weight. However, the two theories yield approxi-
mately the same potential for carboxymethylcellulose at molecular weights
of 160 000 and 350 000.

The greater discrepancy between the theories for the lower molecular
weight fraction, L3, may easily arise from the configurational properties of
the CMC macromolecule. There is evidence that the cellulose nitrate
molecule below molecular weights of 10° loses its spherical symmetry in
solution due to the stiffness of the chain*'. Thus at lower molecular weights,
cellulose derivatives in solution would tend to deviate from the spherical
shape assumed both by Lifson'® and in the present theory. Spherical
symmetry would be most nearly approximated at the higher molecular
weight, i.e. for Fractions H1 and MI. It is with these fractions that agree-
ment between ¥, and y, is closest.

It is interesting to compare the present results with those reported by
Strauss®*. Working with long-chain polyphosphates, Strauss found that
the surface potential computed from the Lifson equation was lower than
the {-potential measured electrophoretically by a factor which increased
from about 4 to 50 for an increase in I;; from 0:03 M to 0-9 M. In contrast,
the present results show Y. =+, Also, for any one fraction, the ratio
¥../Y, was approximately constant over a range of ionic strengths. As
shown in Table 2, the exceptions to this occur at high ionic strength where
the measurement of £’ is most inaccurate.

In order to explain his discrepancy, Strauss suggested that the {-potential
measured electrophoretically is the micropotential of the individual chain
whereas the potential computed from the Lifson equation is the average
potential smeared over the surface of the sphere equivalent to the poly-
electrolyte. In the present study, it is probable that ¢, is also an average
surface potential since it seems unlikely that there will be interpenetration
of the polyelectrolyte coils in the formation of the rotating doublet.

In conclusion, it can be claimed that the limited agreement between v,
and ¥, in Table 2 is support for the general concepts proposed in the
present work. A more rigorous test of the theory is necessary using model
polyelectrolytes such as spherical particles of molecular dimensions carrying
charges only on their surface. Preparation and characterization of such
systems is now in progress.
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The authors wish to thank Dr S. G. Mason for his help in the theoretical
part of the paper and also G. Suranyi for carrying out the extensive
calculations.

This paper was presented at the 141st Meeting of the American Chemical
Society, March (1962).

Physical Chemistry Division,
Pulp and Paper Research Institute of Canada, and
Department of Chemistry,
McGill University, Montreal, Canada (Received April 1962)
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Radiochemical Investigation of Polymer
Unsaturation. Reaction of Butyl Rubber
with Radiochlorine

I. C. McNEILL*

The reaction between chlorine and butyl rubber is of interest for two reasons:
because of the industrial importance of the reaction, the mechanism of which
has not been fully understood, and because of the possibility of using it as a
method for the determination of unsaturation. By the use of (38Cl)-chlorine, it
has been possible to study the reaction on a conveniently small scale, the radio-
chlorine being manipulated quantitatively by a vacuum line technique. It has
been shown that the reaction with chlorine is freer from side effects than the
iodine chloride reaction. Two atoms of chlorine are incorporated in the polymer
for each double bond originally present. These are incorporated not by addition
but by a substitution process which is probably not free-radical in nature. A
mechanism is proposed for the reaction. Radiochlorine is demonstrated to be
potentially a useful reagent for investigating very low unsaturations in polymers.

SMALL amounts of unsaturated centres in polymer chains are important
for a number of reasons. They may form centres for crosslinking reactions,
as in the vulcanization of rubbers, points at which modification of the
polymer can be brought about by reactions such as grafting, points of
weakness towards oxidative attack, or centres at which degradation may
be initiated. Their presence in very small amounts may also provide
evidence for particular mechanisms of initiation, termination or transfer.
There is therefore some interest in being able to measure accurately the
number of double bonds present in a polymer. Satisfactory methods are
available for the determination in polymers of unsaturations down to
about 0-5 mole per cent. Below this level the accuracy of ordinary chemical
methods becomes inadequate. Thus while there is considerable interest in
unsaturations far below 0-5 mole per cent, there are no satisfactory
quantitative methods for investigating these. Radiochemical techniques
should enable this difficulty to be resolved—the use of a reagent labelled
with a suitable radioactive isotope should enable very low double bond
contents to be determined; for higher unsaturations it would permit deter-
minations to be carried out on extremely small samples of polymer.

Much of the published work on the determination of polymer unsatura-
tion has been carried out using butyl rubbers, which normally have
unsaturations in the range 1 to 5 mole per cent. The most satisfactory of
the variety of procedures which have been described for the determination
of unsaturation in butyl rubbers'—® appear to be the iodine/mercuric
acetate method of Gallo, Weise and Nelson', and the iodine chloride
method of Lee, Kolthoff and Johnson®. The former method yields repro-
ducible results provided time of reaction and concentration of reagent
are strictly standardized. It suffers from the disadvantage, however, that

*Present address: Chemistry Department, The University, Glasgow, W.2, Scotland.
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the nature of the reaction is not well understood, and that in order to
calculate unsaturation values an empirical assumption must be made that
three iodine atoms are consumed per double bond. The reaction of isoprene
butyl rubber and butadiene butyl rubber with iodine chloride in carbon
tetrachloride solution has been: the subject of a very careful study? in
which it was shown that the reaction with double bonds of the butadiene
type is straightforward addition of a molecule of ICl. Where there are
substituents in the vicinity of the double bond, however, the reaction is
complicated with side effects and is believed to proceed in these stages:

() initial addition of ICI

(i) splitting out of HI, which then reacts with a molecule of ICl to

give HCl and 1,

(iii) slow addition of ICl to the double bond resulting from stage (ii).
In spite of the complexity of the reaction, Lee, Kolthoff and Johnson were
able to devise a reliable procedure for the determination of unsaturation
using the iodine chloride reagent.

Although either of the above mentioned methods could in theory provide
a basis for the development of a radiochemical procedure for unsaturation
determination (using e.g. iodine-131 or chlorine-36), from the above con-
siderations neither was regarded as ideal.

Little attempt has been made in the past to use chlorine for the quanti-
tative estimation of double bonds in polymers, partly because of difficulties
in handling chlorine, and also because of the readiness with which chlorine
will react with hydrocarbons by free radical substitution processes.
Chlorine is an attractive reagent, however, from the radiochemical point
of view, since there is a suitable isotope available, and the preparation of
radiochlorine is readily accomplished’. Quantitative manipulation of
chlorine can now be carried out on a vacuum line without difficulty, using
greaseless stopcocks.

In the development of a radiochemical method for investigating polymer
unsaturation, using radiochlorine as reagent, butyl rubbers were selected
for study for a number of reasons. First, the reaction is itself of con-
siderable interest, partly because of its industrial importance in the
preparation of chlorobutyl. The mechanism has not been elucidated.
Secondly, butyl rubbers have unsaturations just high enough to be deter-
mined unambiguously by conventional techniques. Thirdly, unsaturation
of the isoprene type has proved more difficult to determine than the
butadiene type, because of side reactions. The reaction with butyl rubber
is therefore a searching test of chlorine as a potential reagent for estimating
double bonds in polymers.

EXPERIMENTAL

(1) Design and operation of the radiochlorine gas apparatus

This is illustrated in Figure I. Stopcocks 1 to 4 are greaseless stopcocks
(G. Springham and Co. Ltd) with Viton A Fluorocarbon diaphragms. The
system is evacuated through stopcock 2 and the liquid air trap F. Radio-
chlorine, produced as previously described” by decomposition of palladous
(**Cl) chloride in bulb E, is collected in D, which is cooled in liquid air
(stopcock 1 closed). The bulb E is then removed by drawing off the tube
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at I. Chlorine is transferred from D to A by thawing D, opening stopcocks
1, 3 and 4, and cooling the tail of the bulb A in liquid air. Bulb A is then
thawed to room temperature. A definite fraction of the weight of chlorine
in A may be removed by opening stopcock 4 (stopcock 3 closed) and
allowing the chlorine in A to expand into B. If stopcock 4 is now closed,
B contains a weight of chlorine given by the original weight in A multiplied
by the ‘delivery fraction’ volume B/(volume A + volume B), which can be
distilled into a reaction tube C or into D for storage, as desired. Further
portions of the chlorine in A may be removed by repeating these operations,
the amount removed at each stage being a constant fraction of that present
in bulb A before expansion into B.

—-
3 f To pumps
(8—€
©4 H
c F

Figure 1—Vacuum apparatus for the quantitative manipulation of
radiochlorine

(2) Method of filling reaction tubes

Reaction tubes were of 20 mi capacity and had two arms (C, Figure I).
One arm of the tube is fused on to the apparatus at G and the solution
for reaction is added through the other arm using a hypodermic syringe.
The latter arm is then sealed by drawing off the end at H. The solution
in C may then be degassed, if required, by the usual freezing and thawing
technique. Radiochlorine from the bulb systemr is then distilled into the
frozen solution. The reaction tube is finally removed by drawing off at
G and thawed to the reaction temperature. Further reaction tubes are
attached at G, and the procedure repeated as required.

(3) Calibration of the radiochlorine gas apparatus

The apparatus is calibrated for use by determination of the delivery
fraction, This may be carried out by two methods. First, successive portions
of inactive chlorine are collected in reaction tubes, cooled to liquid air
temperature, containing excess of 0-1 M aqueous potassium iodide. The
tubes are sealed off at G and thawed to room temperature, and the liberated
iodine is estimated by titration against standard 0-1 N sodium thiosulphate.
The ratio of titres from successive samples is equal to the fraction
volume A/(volume A +volume B), from which the delivery fraction may
be calculated. Results for a series of four successive operations are given
in Table I. Secondly, the delivery fraction may be determined radio-
chemically. With radiochlorine initially in bulb A, successive portions of
chlorine (about 1 to 3 mg) are collected in reaction tubes containing S ml
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Table 1. Calibration of the radiochlorine gas apparatus

Operation Thiosulphate Counts per Delivery
No. titre minute fraction
1 175 —
2 1-40 — 0-200
3 1-11 — 0-203
4 0-88 — 0-207
A — 557
B — 447 0-197

(degassed) of 5 per cent v/v solution of styrene (BDH) in AR carbon
tetrachloride. The sealed tubes are thawed to room temperature and left in
the dark for more than two hours. The contents of each tube are then made
up to 25 ml with carbon tetrachloride and 10 ml portions of these solutions
are counted in a liquid counter (see below). The ratio of counts from
successive samples, corrected for background, gives again the ratio
volume A/(volume A +volume B). The values of the delivery fraction
obtained by the two methods are in good agreement (Table I).

(4) Counting technique

10 ml portions of solutions were counted in a halogen-quenched liquid
counter (20th Century Electronics, type M6H), using a Dynatron type 200
scaling unit, along with a type 1014 probe unit. For each solution, duplicate
10 ml portions were also counted.

Observed counts on samples were generally of the order of 100 to 1 000
counts/min. Due correction was made for counter dead time and for
background.

(5) Determination of specific activity of radiochlorine

The specific activity of each batch of radiochlorine was determined from
two successive operations of the apparatus. The first sample was collected
in aqueous potassium iodide, as already described, and the chlorine
estimated by titration of liberated iodine with standard sodium thiosulphate.
The second sample was collected in 5 per cent v/v styrene in carbon
tetrachloride and made up to standard volume for counting. The weight
of chlorine in the latter sample was calculated from the former result
multiplied by (1 —delivery fraction). The specific activity of the radio-
chlorine could then be expressed as counts/min per mg chlorine, as counted
in carbon tetrachloride solution. Specific activities of the radiochlorine
used in these experiments were in the range 2000 to 3 500 counts/min
per mg chlorine.

(6) Purification of butyl rubbers

Three rubbers were kindly supplied by Polymer (UK) Ltd. All contained
an antioxidant, which was removed by the following procedure. One
gramme of rubber was dissolved in 100ml of n-hexane (BDH) and
precipitated by pouring the solution into one litre of methanol, with
vigorous stirring. The precipitated rubber was washed with methanol, dried

18



RADIOCHEMICAL INVESTIGATION OF POLYMER UNSATURATION

in air for 48 hours, and finally heated to 100°C for two hours in an
evacuated system to remove all traces of solvent and precipitant.

(7) Reaction of butyl rubbers with radiochlorine

20 mg rubber samples were dissolved in 10 ml AR carbon tetrachloride
(overnight) and the solutions were in turn transferred to reaction vessels
attached to the vacuum system (Figure I) using a hypodermic syringe.
The amount of liquid in each reaction vessel was made up to 15+0:5ml
by adding washings from the flask and syringe. Reaction vessels were sealed
at H (Figure 1), the solutions thoroughly degassed, and radiochlorine
transferred as previously described. After the reaction vessels had been
sealed off at G and thawed to room temperature, they were immersed in a
bath at 20° + 1°C, with exclusion of light, for the desired times of reaction.

(8) Preparation of rubber solutions for counting

The solutions after reaction contained reacted polymer, unreacted radlo-
chlorine and radioactive hydrogen chloride. Before counts could be made
on the polymer, it was necessary to remove the other radiochlorine-
containing materials. Immediately after each reaction vessel was opened,
the solution was shaken with 10 ml aqueous 0-1 N sodium thiosulphate.
The carbon tetrachloride layer was run off and the aqueous layer was
shaken with 3 to 4 ml carbon tetrachloride. The organic layer was run off
and added to that previously collected; the aqueous layer was discarded.
The carbon tetrachloride solution was shaken with a fresh portion of
thiosulphate and the above procedure repeated. Finally the solution was
made up to 25 ml with carbon tetrachloride.

(9) Solvent background

Tests were made on 15 ml portions of benzene, chloroform and carbon
tetrachloride, which were reacted with 1 mg of radiochlorine for 48 hours:
the reacted solutions were treated in exactly the same way as rubber
solutions, and the activity determined. Of the reacted solvents, only carbon
tetrachloride showed negligible activity and this solvent was therefore used
in all chlorination experiments.

(10) Iodine chloride experiments

Unsaturations of the butyl rubbers were determined by the procedure of
Lee, Kolthoff and Johnson?. A typical extrapolation is shown in Figure 3
the results are given in Table 2.

(11) lodine—mercuric acetate experiments

Unsaturations were determined by the method of Gallo, Weise and
Nelson’, the reaction time being limited strictly to 30 minutes. The results
are quoted in Table 2.

RESULTS AND DISCUSSION
Choice of solvent
Chlorine reacts with many common solvents, particularly in the presence
of air. For quantitative work on reaction of chlorine with a polymer dis-
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Table 2. Unsaturations of three butyl rubbers by the iodine chloride and
iodine-mercuric acetate methods

Unsaturation (moles %)
Polymer Todine-
lodine mercuric Mean
chloride acetate value
1 1-80 1-69 1-75
2 1-38 1-40 1-39
3 053 051 0-52

solved in a solvent, the side reaction with the solvent must either be
negligible or sufficiently limited to permit a correction to be made. When
radiochlorine is used, the possibility of exchange of activity between the
chlorine and a chlorinated solvent must also be examined. Test experiments
showed that benzene and chloroform were unsuitable as solvents but that
carbon tetrachloride was completely satisfactory.

Choice of reaction conditions

In view of the well known tendency of chlorine to react by free radical
processes in the presence of air, the exclusion of air in the reaction with
butyl rubber was considered essential. Baldwin, Buckley, Kuntz and
Robison®, who chlorinated butyl samples for 16 hours in chloroform using
sulphuryl chloride, without exclusion of air and light, claim that the
presence or absence of air or antioxidant has little or no effect on
the reaction. These workers, however, noticed a pronounced drop in the
viscosity of butyl rubber solutions after chlorination, which they interpreted
as due to a molecular weight drop resulting from free radical attack of
a chlorine atom on a methyl hydrogen followed by chain scission. The
present experiments were carried out in conditions designed to reduce or
eliminate any such free radical reaction: an inert solvent was used, reaction
mixtures were thoroughly degassed to remove air, chlorine was distilled
and tubes were sealed off under high vacuum, and reaction was carried
out for short times with exclusion of light.

Results

Lee, Kolthoff and Johnson, in their study of the reaction of iodine chloride
with butyl rubber, tested the effect of varying the halogen content of
reaction mixtures and the duration of reaction; the amount of halogen used
up in reaction was found to be acutely sensitive to both excess of halogen
and time.

A similar approach has been used in the radiochlorine method. Table 3
shows, for three samples of different unsaturations, the effect of varying
the concentration of chlorine, all other variables being kept constant. The
observed behaviour shows a similarity to the iodine chloride reaction in
that the plot (Figure 2) of chlorine content of polymer against chlorine
content of reaction mixture has an initial steeply sloping linear part and a
second linear but less steeply sloping part. Following the method of Lee,
Kolthoff and Johnson, the two linear portions may be extrapolated to an
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Table 3. Reaction of butyl rubbers with radiochlorine, under vacuum, in carbon
tetrachloride solution

) Atoms Cl
Moles %  Moles Cl Counts|min in
Wt 9 Cl Clin permole per100mg Wt % Cl Moles % polymer
in reaction  reaction double reacted in Clin per
mixture mixture bond polymer polymer polymer original
double
bond

Polymer 1. Unsaturation 175 mole %. 10 minutes reaction at 20°.
(Radiochlorine specific activity=2 585 counts/min per mg Cl, in carbon
tetrachloride solution)

189 149 851 6730 "2-60 2-05 2-34

12-7 10-0 5-62 6328 2-45 193 221

102 8-05 460 6178 2-39 1-89 2:15
8.27 652 373 5750 222 175 2-:00
593 4-67 267 5000 1-93 1-52 1-74
391 3-08 1-76 4430 1-72 135 1-54
2:68 212 121 3625 1-40 1-11 126
1-35 1-07 0-608 1768 0-683 0538 0-615

Polymer 2. Unsaturation 1:39 mole %. 10 minute reaction at 20°.
(Radiochlorine S.A.=3 300 counts/min per mg Cl)

164 12-9 9-35 6430 1-95 1-54 223

13-5 10-6 7-68 6290 1-91 1-51 2:18

10-1 7-98 578 6163 1-87 1-48 2:14
7-34 579 420 5700 1-73 1-37 1-98
2-98 2-35 1-70 4280 1-30 1-03 1-49
1-45 1-14 0-826 2070 0628 0-495 0718
099 0-780 0565 1318 0-399 0315 0456

2 Hours reaction at 20°. (Radiochlorine S.A.=2 700 counts/min per mg Cl)

150 11-8 856 5827 2:15 1-69 2:45

100 7-89 572 5278 1-96 1-55 2:24
2:43 1:92 1-39 3312 123 097 141

16 hours reaction at 20°. (Radiochlorine S.A.=2 700 counts/min per mg Cl)

149 11-7 8-49 8903 3-30 2-60 377
9-26 7:30 529 7004 2-60 2-05 297
767 6-05 438 6280 2-33 1-84 267
611 482 3-49 6200 2:30 1-82 2:63
1-95 1-54 11 2833 1-05 0-83 120

Polymer 3. Unsaturation 0-52 mole %. 10 minute reaction at 20°.
(Radiochlorine S.A.=2 585 counts/min per mg Cl)

153 12-1 230 1948 0754 0-594 2-26
131 10-3 19-6 1637 0633 0-500 1-91
8-88 7-00 133 1696 0656 0-518 1-97
678 5-35 102 1355 0524 0-413 1-58
5-39 425 810 1250 0-483 0-382 1-46
1-73 1-37 2-61 841 0-325 0256 0-98
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Table 4. Extrapolated results from Figure 2

Atoms Cl
Polymer Unsaturation Wt % Cl per original
in polymer double bond
1 1-75 222 200
2 1-39 1-76 202
3 0-52 059 1-77
3
- Polymer1
B S
.2k i Polymer 2
[ 7, 7 ° >
£ )
2> [
3 r Wz
c I Z
s F
1
'§ - , Polymer3
I~ ?‘—-_-—:--o -
1 I ] 1 1 i L1 1
0 4 8 12 16 20

Wt% Cl in reaction mixture

Figure 2—Reaction of radiochlorine with three butyl rubbers
with different unsaturations: Polymer 1: 1-75, Polymer 2:

1-39, Polymer 3: 0-52 mole per cent
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Figure 3—Comparison of the reaction of butyl rubber (Polymer 1:
1'75 mole per cent unsaturation) with radiochlorine and with iodine

chloride
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Figure 4—Effect of varying time of reaction of butyl rubber (Polymer
2: 1-39 mole per cent unsaturation) with radiochlorine

intersection, which corresponds to the reaction of almost exactly two
chlorine atoms per original double bond. Table 4 lists the extrapolated
values for the three polymers. In Figure 3, the reaction plots for the
iodine chloride and radiochlorine reactions with the same polymer are
compared. Clearly the radiochlorine reaction is much less sensitive to excess
halogen than is the reaction with iodine chloride.

Sensitivity to time of reaction has also been investigated. Figure 4
shows the effect of varying time of reaction from 10 minutes to 16 hours
for polymer 2. Satisfactory extrapolated values are obtained for the 10
minute and 2 hour plots, but somewhat high results are obtained after
16 hours.

It is clear from these experiments that reaction of chlorine with double
bonds of the isoprene type proceeds without serious complication from
side reactions. The radiochlorine procedure described may be used as a
microanalytical method for the determination of polymer unsaturations
greater than one mole per cent; it is also potentially applicable to the study
of very low unsaturation contents of polymers, using larger samples,
provided due precautions are taken to ensure that results are not vitiated
by reaction of chlorine with impurities such as monomer present in the
polymer.

Nature of the reaction between chlorine and butyl rubber

From consideration’ of the results of this and previous work, it is now
possible to put forward suggestions as to the mechanism of the reaction
between chlorine and butyl rubber in the absence of air and light. The
following evidence is now available :

() Two chlorine atoms become incorporated in the polymer for every
double bond originally present (Figures 2 and 3, Table 4).

(@) The incorporation of the first chlorine atom is very rapid, that
of the second less so (Figure 2).

(iiiy Chlorine does not react by addition, since, even with prolonged
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reaction and excess polymer only 50 per cent, or less, of the
chlorine initially present appears in the reacted polymer (Figure 4).
(iv) There is evidence for allylic chlorine in butyl rubber®.

Ry
(v) There is a possibility that some R >c=CH2
]
structures arise in the polymer in the reaction®,
(vi) Isobutene monomer reacts with chlorine (1 mol.) by the reaction®
CHy CICH
~, Cl, AN
C=CH —_— C=CH, + HClL
CHy” z CHy” 2
The following mechanism is proposed to account for these facts, In view
of the absence of appreciable side reactions except with large excesses of
chlorine and prolonged reaction, a free radical mechanism is unlikely.
By analogy with the isobutene reaction, chlorine is assumed to enter the
polymer mainly by substitution at the methyl group.

%

Y
oS o+
Tﬂz/?l
~nCHy—C CH—CHp
/ 2A
CH,CL CH, CL
ar CHy— C==CH——CHy ~nn CHg—C— CH—-CHp~r
+ HCL + HCL
ANICHEEE LIS SO
ANV
TH o
~nCHy—Czz=zo= CH —CHg s
‘l
CHCL,

anr CHz—C=—=CH—CHz ~ + HCl
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It is suggested that reaction 3 is slower than reaction 1 because of the
bulk of the chlorine atom, preventing access of the chlorine molecule to
the double bond. Further reaction of the dichloro product may be very
slow for the same reason.

I am indebted to Mr G. R. Martin for helpful discussion, to Polymer
(U.K)) Ltd, for providing the butyl rubbers used in this work, and to the
University of Durham for the award of an I.C.I. Fellowship, during
the tenure of which this work was carried out.

Londonderry Laboratory for Radiochemistry,
University of Durham,
South Road, Durham
(Received April 1962)
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The Low Frequency Dielectric Relaxation
of Polyoxymethylene (Delrin) using
a Direct Current Technique

G. WILLIAMS

The dielectric measurements on polyoxymethylene previously reported have

been extended to the low frequency range 10-2 to 10-* c/s using a direct

current method. Measurements have been made over the temperature range

20° to —110°C. Two regions of absorption are observed and discussed in rela-

tion to the dielectric and dynamic mechanical results obtained at higher
frequencies.

THE investigation of polyoxymethylene in the frequency range 10°c/s to
10*° c/s showed that the single broad relaxation absorption was very
temperature dependent in the low temperature range. It is the purpose of
the present work to extend the measurements to the very low frequency
and low temperature range in order to see if the dielectric absorption is
discontinuous near the apparent glass transition (—87°C) and also to
make a more direct comparison of the temperature of maximum dielectric
absorption with that obtained by dynamic mechanical measurements® at
0-186 ¢/s.

EXPERIMENTAL
The polyoxymethylene used in this experiment was Du Pont ‘Delrin’ 500
which has a number average molecular weight in the range 3 x 10 to
5x 10*. This was the same material as investigated previously.

The sample was 51 mm in diameter and 1-52 mm thick. Measurements
were made in a three-terminal cell in order to eliminate surface conduction
across the edge of the sample.

A step voltage applied to the sample produced a transient charging
current. After equilibrium had been attained, removal of the voltage
produced a discharge current. The currents were measured using a modified
ELL. 37B d.c. amplifier. Figure 1(a) shows a schematic diagram of the
experimental arrangement. The battery V and three-terminal cell are
connected in series with a calibrated Victoreen resistor R, of either 10'°
or 10 ohms. The current flowing in the sample is measured by the d.c.
amplifier as a voltage appearing across R,. The voltage V must drop
across the sample only and this is achieved by a feedback arrangement in
the amplifier so that the voltage across R, is equal and opposite to that
across R,. The time constant of the response of the amplifier depends upon
the stray capacitance between A and B. The time constant of the com-
mercial instrument was eighteen seconds. This was reduced to 0-6 second
by means of the following modifications. R, was mounted externally to
the amplifier in a screened box. The capacitance between A and B was
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reduced using an earthed plate P as shown in Figure I(b). The shorting
switch S, was employed to zero the amplifier meter and to protect the
amplifier against large transient currents at short times. S, was a manual
make-and-break device so that there was zero capacitance associated with
it in the open condition. Step voltages in the range 60 to 240V were
applied to the sample to confirm that the super-position principle was
obeyed and that other non-linear effects were absent. The charging and dis-
charging currents for the polyoxymethylene sample were in the range 10~!
to 107'* A, and were measured over the time range of 10 to 900 seconds,
depending upon the response of the dielectric. The currents could be
measured to an accuracy of three per cent.

r”

The dielectric loss factor ¢, at a frequency ®=(2=f) is given by**

oo
s’(w)=61: [g + frp(t) sin wf dt] (1
0

C, is the capacitance of the electrodes when the sample is replaced by air,
G is the steady conductivity of the sample. ¢ () is the current per unit
voltage flowing in the sample at a time ¢ after the application of the step
voltage. The steady conductivity current was obtained as the difference
between the charging and discharging currents. The dielectric loss factors
given below were obtained from the approximate solution of the integral
of equation (1) where ¢ (¢) was the reversible charge—discharge current and
thus did not contain the steady conductivity contribution, The solution of
the transient part of equation (1) has been given by Hamon* and has been
recently confirmed® for the special case of a Cole-Cole distribution of
relaxation times. The loss factors are thus derived using the relations

,, (t=0-63/w) 0-63
e(w)=¢ L‘)Ca / H W= 1

2

These relations are valid if the double logarithmic plot ¢ (¢) against time
has a slope 8in the range 01 << 8=<<1-2.

The cell was placed in a Dewar flask and using methanol-carbon dioxide
mixtures down to —76°C and methanol-liquid nitrogen mixtures down
to —110°C, the low temperatures were obtained and maintained to +0:1°C.
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RESULTS AND DISCUSSION

Figure 2 shows the double logarithmic current/time curve for polyoxy-
methylene at different temperatures. The current values given are
normalized to 120 V. All currents are average charge—discharge values,
where the charging current has been corrected for the steady direct current
observed. In all cases, the charge-discharge currents were within two to
five per cent of each other depending upon the magnitude of the current
observed. The two significant features of Figure 2 are that the current/time
slopes are temperature dependent and the magnitude of the current at
short times (10 seconds, say) decreases with decreasing temperature to a
steady value between about —35° to —55°C then increases rapidly to a
maximum in the region of —80° then decreases again at lower temperatures.
First let us consider the temperature dependent slopes since the trans-
formation of equation (1) to equations (2) depends on the value of B.
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In all cases the current/tlme plots curve to larger slopes at the longest
times measured but since the plots at times less than 100 sec are linear,
the values of 8 in Table I refer to initial slopes.

Table 1. B as a function of temperature

T°C B T°C B
20 046 —64-7 1-30
-17 0-83 -69'5 1-43
—357 111 —76'5 120
—46'0 1-14 —83:0 1-04
-547 1-14 —95-5 1-00
—110 1-00

It is seen that B first increases with decreasing temperature down to
about —70°C then decreases to unity. The significance of this variation
will be discussed after the magnitude of the temperature dependent current
bas been described. The transformation of the current/time data into
dielectric absorption data given by equations (2) can only be applied where
0-1 <8=1-2, thus equations (2) have to be modified as described by
the author® for the values in the temperature range —64°C to 70°C.

The dielectric loss factors were evaluated using equations (2) or modi-
fications of them, and Figure 3 shows the plot of ¢” against frequency.

20°C :
not dried -]

3

1022"(1)

1x10°

log £ [cls]
Figure 3
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The results for —35-7° and —54-7° are omitted since they are almost
identical with those for —46-0°C. It is seen that at room temperature the
loss factor increases slowly with decreasing frequency, far slower than
that for a single relaxation time. Also shown in Figure 2 are the room
temperature results for the sample before drying. The loss factors of the
wet sample are larger than those of the dried sample, thus the relaxation
observed is either of Maxwell-Wagner type due to absorbed water or
results from the effect of water on a relaxation process which occurs in
the absolutely dry polymer. A slight reduction in temperature to —1-7°C
reduces the loss factor to very small values. Since Maxwell-Wagner losses
are due to the presence of conducting particles in a poorly conducting
medium, and conductivity is exponentially dependent on temperature, the
drastic reduction in the loss factor on lowering the temperature suggests
that the room temperature loss mechanism is of Maxwell--Wagner type
and arises from impurities and water particles in the polymer.

The loss factors are at very small values at temperatures in the range
—10° to —60°C at about 2'5 to 107°. Since these very small loss factors
are easily measured, it serves to emphasize the accuracy to which very
small loss factors can be determined using the d.c. amplifier technique.

At —70°C and —76°C the loss factor values are much larger and it
is seen that the measurements refer to the low frequency side of a
relaxation absorption. At —83°C the loss is near its maximum value for
this frequency range, and is only slightly dependent on frequency. At
—95-5° and —110° the loss is independent of frequency and is decreasing
with decreasing temperature. The curves are very broad at these low tem-
peratures and it is not possible to define the average frequency of maximum
loss.
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If, however, we plot the loss factor at constant frequencies against
temperature the relaxation maxima are clearly seen. The results are shown
in Figure 4. At temperatures above zero, the Maxwell-Wagner type
absorption predominates. There is a plateau in the loss between —20°
and —60°C then the main relaxation absorption appears. This absorption
which is centred around — 80°C, is the main dipolar relaxation mechanism
previously described and is due to reorientation occurring in the amorphous
regions of the partly crystalline polymer. The asymmetry of the absorption
at lower temperatures was also observed at higher frequencies and is due
to a temperature dependent distribution of relaxation -times.
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In Figure 5 the temperatures of maximum dielectric loss for given
constant frequencies are plotted against frequency. The open circles
correspond to the higher frequency results previously obtained. The filled
circles correspond to the points derived from Figure 4. The d.c. values are
seen to lie on the smooth extrapolation of the higher frequency data. The
open and filled bar points in Figure 5 correspond to the imaginary com-
‘ponents of the complex shear modulus G” and compliance (J”). It is seen
that the G” point lies on the dielectric curve, but the J” point is about
four degrees higher in temperature. Since the mechanical and dielectric
relaxation processes should be compared as ¢’ to J” a discrepancy is
present between the two types of measurement. However, it is rare that
mechanical and dielectric maxima compare within ten degrees. It is of
interest to note that the plots of G”, J” and =” against temperature were
compared and it was found that the G and ¢” plots when normalized had
almost identical shapes. The J” plot was more symmetrical at lower tem-
peratures as expected. Thus the present data show a better comparison
between G” and ¢” data than is obtained from J” and ¢” data.
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The values of 8 given in Table I can now be explained. At room
temperature the measurements refer to the high frequency side of a
Maxwell-Wagner type absorption. Between —20° and —68° B is unity
since polyoxymethylene has a small frequency and temperature independent
loss around 2-5 x 1073, Between —65° and —78°C the measurements refer
to the low frequency side of the main dipole relaxation and if the dielectric
conformed exactly to a Cole—Cole type distribution it has been shown®*
that the slope is given by

B=(1+n)

where n is the Cole—Cole parameter. It is seen from Table I that 8 is
1-3+01 in this range, thus we calculate the Cole—Cole parameter n as
0:3+0-1. From the Cole-Cole ‘n’ value we may estimate’ the Fuoss—
Kirkwood distribution parameter y as 0:2+0-1. These rough estimates of
the distribution are in agreement with the values obtained previously in
this temperature range' and serve to emphasize the breadth of the loss
factor/frequency curves at lower temperatures. At temperatures lower than
—80°C the B values are near unity. Since the distribution is so broad at
these temperatures it is not possible to conclude from the 8 value that y
is zero, but with the results at higher temperatures we strongly suggest that
at temperatures below about —85°C the distribution is very broad leading
to loss factor/frequency curves which are nearly independent of frequency
over several decades. The apparent glass transition has been determined
from specific volume/temperature measurements® and is found to be
—87° +£2°C at a cooling rate of 0-1°C per minute. Since the specific volume
measurements are not made at precise thermal equilibrium at each tem-
perature it is not possible to say that a true thermodynamic glass temperature
exists for polyoxymethylene. It is, however, significant that the dielectric
measurements which correspond to the same time scale show a relaxation
maximum in the temperature range —82° to —84°C. Inspection of Figure 5
shows that if measurements are made to still lower frequencies, since the
plot is curved and the (1/T) scale is an expanding one at lower temperatures,
the ultimate temperature of maximum loss at the lowest measurable
frequencies is predicted to be —87° +2°C. Also in this temperature range it
is predicted that the distribution of relaxation times becomes very broad.

CONCLUSION

Using a d.c. method the very low frequency dielectric behaviour of polyoxy-
methylene has been examined. Two main regions of absorption were
observed. At higher temperatures the loss increases with decreasing
frequency, but no maximum is observed. Since this absorption depended
upon the moisture content of the sample it is presumed to be due to water
or impurities in the polymer. At low temperatures the main dipole
relaxation process is observed and is found to be a continuation of the
results obtained previously. It is found that the position of the low
temperature mechanical loss agrees well with the present results. The
temperature of maximum loss at the lowest frequencies measured is in
good agreement with the apparent glass transition obtained from specific
volume measurements,
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Viscosity [ Temperature Relationships for
Dilute Solutions of High Polymers

R. J. Fort, R. J. HUuTCHINSON, W. R. MOORE and Miss M, MurrHY

Values of Q and A in the expression n=Ae? BT hqve been obtained for dilute
solutions of polyisobutylene, polyvinyl acetate, polymethyl methacrylate, cellu-
lose trinitrate and cellulose triacetate in representative solvents. The apparent
activation energy of viscous flow Q is given by
0=0,+K Mc

where Qo is the value for the solvent, M and c are the molecular weight and
concentration of polymer and K. depends on polymer and solvent. Values of
K. for the cellulose triesters are much larger than for the other polymers and

it is suggested that this is due to their greater chain stiffness and extension.
For the polymers with flexible chains

A=A +K M-
over a limited molecular weight range but with the cellulose triesters
A=A exp (— K,/ M=)

where A is the value for the solvent and K., K, « and B depend on polymer

and solvent. Application of rate theory suggests that the entropy of activation

of viscous flow decreases with increasing ¢ and M for solutions of flexible

chain polymers but that the reverse is true for solutions of stiff, extended

cellulose derivative chains. Equations are derived relating the intrinsic viscosity
to Ke, Ko or Ko’, e or B, M and T.

INVESTIGATIONS of viscosity/temperature relationships for dilute solutions
of high polymers seem to have been largely restricted to the effects of
temperature changes on viscosity numbers or intrinsic_ viscosities and on
parameters derived from these. Although a number of studies have been
made of the effects of temperature changes on the actual viscosities of
concentrated solutions' few comparable studies have been made with
dilute solutions and these have been concerned with cellulose derivatives.
Studies of the temperature dependence of viscosities of dilute solutions of
ethyl cellulose? and of an incompletely substituted cellulose nitrate® show
that both the pre-exponential term A4 and the apparent activation energy of
viscous flow Q in the expression

n=A o/ ()

where 7 is the viscosity, depend on both the concentration ¢ and the
molecular weight M of the polymer. For concentrations in the range 0-1
to 0-4 g/dl it is generally found that

A=A, exp (- K.M) @

and Q=0,+K.Mc 3
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where A, and Q, are values for the pure solvents and K,, K, and « are
constants whose values depend on solvent and polymer.

Extension of such studies to dilute solutions of other polymers shows
that the variations of A and Q with ¢ and M obtained when dilute solutions
of more flexible and less polar polymers are used differ markedly from
those obtained with comparable solutions of cellulose derivatives. Differ-
ences in the values of (4 -—-A,) and (Q —Q,) for one per cent solutions of
different polymers of comparable molecular weight have been reported*.
This paper reports more detailed studies of the variations of A and Q with
¢ and M obtained using dilute solutions of fractions of polyisobutylene,
polyvinyl acetate, polymethyl methacrylate, cellulose trinitrate and cellulose
triacetate. Polyisobutylene was chosen as an example of a non-polar, flexible
polymer and polyvinyl acetate and polymethyl methacrylate as examples
of flexible polar polymers with possibly differing flexibility®. Cellulose
trinitrate was used in order that results could be compared with those
for the incompletely substituted nitrate®. The chains of the latter, although
stiff, are believed to possess some degree of flexibility and the chain stiffness
of cellulose nitrate has been found to increase with increasing degree of
substitution®. The triacetate was used as an example of a triester which
is believed to be less stiff than the trinitrate’.

EXPERIMENTAL
Materials

Polyisobutylene—Three sub-fractions were used, obtained by stepwise
precipitation on addition of methanol to one per cent solutions of the
polymer in benzene. Their number average molecular weights, obtained
osmotically in cyclohexane at 25°C, were 485000, 250 000 and 90 000.
Cyclohexane was used as solvent in viscosity determinations.

Polyvinyl acetate—Six sub-fractions were used, with number average
molecular weights 340 000, 217 000, 148 000, 141 000, 61 000 and 40 000.
Methods of fractionation and characterization of these fractions have been
described®, Acetone, dioxan, chloroform, toluene and methanol were used
as solvents in viscosity determinations.

Polymethyl methacrylate—Six sub-fractions were used, with number
average molecular weights 406 000, 325 000, 314 000, 297 000, 122 000 and
48 000. Methods of fractionation and characterization of fractions have
been described®. Acetone, toluene, benzene and chloroform were used as
solvents in viscosity determinations.

Cellulose trinitrate—Four sub-fractions, the preparation and characteri-
zation of which have been described®, were used. Their number average
molecular weights were 175 000, 148 000, 130 000 and 90 000. The nitrogen
content of each was 13-:8+0-1 per cent. Acetone was used as solvent in
viscosity determinations.

Cellulose triacetate—Three sub-fractions were used, obtained by non-
degradative acetylation'® of sub-fractions of a secondary cellulose acetate
which were obtained by methods previously described'*. The acetic acid
yield of each was 62-5+0-1 per cent and their number average molecular
weights, obtained osmotically in chloroform at 25°C, were 107 000, 69 000
and 56 000, Chloroform was used as solvent in viscosity determinations.
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All solvents were purified and dried by appropriate methods and
fractionally distilled just before use. Solutions were prepared at 20°C one
week before use and allowed to stand in the dark at room temperature
until required.

Viscosity determinations

Viscosities of the pure solvents and of solutions in the concentration
range 0'1 to 1:0g/dl at 20°C were measured at several temperatures in
the range 18° to 70°C, the range used depending on the solvent. Capillary
viscometers were used and were of such dimensions as to eliminate shear
effects. The viscometers used were calibrated over the temperature range
used and kinetic energy corrections were made where applicable. Measure-
ments were made in thermostatically controlled water baths, the tempera-
tures of which could be maintained to +0:02° of any temperature in the
range used. The viscometers were fitted with small glass bulbs containing
glass wool soaked with solvent to prevent evaporation at the higher tem-
peratures used. All solutions were filtered before use. Viscosities of the
pure solvents at the different temperatures were in good agreement with
published values'?®'*,

RESULTS

Figure 1 shows typical plots of log n against 1/7T. All are linear over the
temperature range used. Values of Q and 4 were obtained from such plots

Figure 1—Log 7 as ifunction of 1/T. 1'4—

1, polyisobutylene, My 250000, 1 per
cent in cyclohexane. 2, cellulose tri-

nitrate, Mx 175000, 0-4 per cent in 12—

/ i
2
1] 3
acetone. 3, polyvinyl acetate, My
148 000, 1 per cent in_ chloroform. 4, 10 4
cellulose triacetate, My 107 000, 0-4 /
y_o—"‘y-—o_-s

log n

per cent in chloroform. 5, polymethyl

methacrylate, My 406 000, 1 per cent 0-8
in acetone
1 1 1 l
31 32 33 34
1/7 x 10°

by the method of least squares. Figure 2 shows typical plots of Q against
¢ for solutions of the polymers with flexible chains. These are linear with
intercepts Q, in good agreement with published values for the solvents't.
Q appears to be independent of ¢ for polyvinyl acetate in toluene. Q
decreases with increasing concentration in all cases involving polymethyl
methacrylate and the same is true for polyvinyl acetate in methanol. In all
other cases Q increases with increase of c. Figure 3 shows Q as a function
of ¢ for solutions of the cellulose triester fractions. The plots are linear
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Figure 2-—Apparent activa- 325
tion energy of viscous flow
as a function of concentra- 30
tion. (a) poly@butylene—
cyclohexane. 1, My 485 020;
2, My 250000; 3, Mn
90 000. (b) polyvinyl ace- 2:25
tate. 1, 2, 3 a{lf 4 refer to
fractions of My 217000,
141 000, 61000 and 43000

2:0

Q (kcal)

respectively in chloroform; L s 1 1

5 refers to My 217000 in ()

toluene. (¢) polymethyl 175

methacrylate—-acetone, 1, My 1

48000; 2, My 297000; 3, v5 2
Mx 406 000 IS 1 g 3

025 075

05
c(g/dl 20°)

and the rates of increase of Q with ¢ are considerably greater than those
obtained with the polymers with flexible chains. In all cases, however,
we may write

Q= O, +kc @
where k, depends on solvent, polymer and molecular weight and may be
positive, negative or zero. Figures 4 and 5 show typical plots of k. against
M. These are linear so that, in each case,

k.=K.M (5)

Q=0,+KMc (3

where K., values of which are given in Table I, depends on the polymer
and the solvent.

and

25
(a)

W=

2.0} Figure 3—Apparent activa-
tion energy of viscous flow
L o 1 | as a function of concentra-

b) tion. (a) cellulose triacetate—
3 chloroform. 1, My 107 000;

2, M 69 000; 3, My 56 000.
3k } (b) cellulose trinitrate-ace-
4 tone. 1, M~ 175 000; 2, My
148 000; 3, My 130000; 4,

My 90000

~

Q (kcal)

1 ) !
01 0-2 0-3 04
c(g/dt 20°)
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Figure 6 shows typical plots of 4 against ¢ for the polymers with
flexible chains. All seem to be linear and to extrapolate to values of A,
in good agreement with published values where these are available*, We
may write

A=A,+kc (6)

where k, depends on polymer, solvent and M. In the cases involving the
cellulose triesters A is not a linear function of ¢ but, as shown in Figure 7

2

Figure 4—k. as a function of
Mn. 1, polyisobutylene—cyclo-
hexane. 2, polyvinyl acetate—
chloroform. 3, polyvinyl
acetate-toluene. 4, polymethyl
methacrylate-acetone

My x 1078

and in agreement with other results for cellulose derivatives*?®, —log 4
seems to be directly proportional to ¢ so that

—logA=—-log A, +kic @)
where &, depends on polymer, solvent and M.

6

5l 1

Lit—
Ll
3 _
> 3 Figure 5—k. as a function of Mw.
x % 1, cellulose trinitrate-acetone. 2,

2+ cellulose triacetate—chloroform

L 2

! 1l 1
1 2
My x10-5

k, is not a linear function of M but, as shown in Figure 8, a plot of
log k, against log My is linear over the molecular weight range covered for
polyisobutylene. The same seems to be true for polyvinyl acetate and
polymethyl methacrylate up to molecular weights of about 300 000. The
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plots tend to curve upward at higher molecular weights. For the molecular
weight ranges within which the plots are effectively linear we may write,
to a first approximation,

k.=K.M# ®

and
A=A,+KMbc ®
where the constants K, and 8 depend on polymer and solvent. X, is not
directly proportional to M but, as shown in Figure 9, a plot of logk;

against log My is approximately linear. Slight curvature is possible but,
again, to a first approximation,

k,=K.M* (10)
and —log A=—log A,+ K;M*c (11)
or A=A, exp(—K,Mx) @)
45
[~
43
Figure 7— —log A as a function of
42 concentration. (a) cellulose trinitra_t_e—
< 41 acetone. 1, Mw 175000; 2, My
g 40 148 000; 3, M~ 130 000; 4, Mx 90 000.
i (b) cellulose triacetate—chloroform. 1,
39 My 107000; 2, My 69000; 3, Mx
3-8 . 56 000
37 (b) %

{ 1 !
01 02 0-3 0-4
clg/dl 20°)
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where K, and « depend on polymer and solvent. Values of K, K, « and 8

are given in Table 1.

Table 1. Values of Kqs, Ko, « and 8

Polymer Solvent K, K, K, « B
Polyisobutylene Cyclohexane 7-8x 10 1-55x10—* 071
Toluene Nil 1:77x 107 0-51
Chloroform 2:0x10™* 87x10™* 059
Polyvinyl Acetone 1-5x 102 20x10"* 063
acetate Dioxan 1-5x 10— 2:6x10~* 058
Methanol —2-1x 10— 1-1x 10 0-57
Acetone -1-2x 10~ 1-0x10™ 077
Polymethyl Benzene —2-1x 10~ 39%x10~" 0-80
methacrylate Toluene —61x10™* 52%x107° 0-82
Chloroform —3-5x10~* 1-27x 10~ 079
Cellulose
nitrate Acetone 2:75%x 107 47x107 26
Cellulose
triacetate Chloroform 1:0x 10~ 2:1x107* 062

DISCUSSION

K. represents the contribution to Q made by unit polymer concentration
and molecular weight. Marked differences are seen between values for
systems involving the two types of polymers. For those in which flexible
chains are concerned K. may be positive, zero or negative and, if not zero,
its magnitude is ten to a hundred times smaller than values for the systems
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involving the cellulose triesters where K, is positive and of similar magni-
tude to values for other systems involving cellulose derivatives®®,

Such marked differences may possibly be related to differences in chain
flexibility and extension. Chains of cellulose derivatives are stiff and adopt
extended forms even in poor solvents’. Those of flexible chain polymers
adopt much more coiled and contracted forms even in good solvents.
Stiff, extended chains, which may overlap or interfere hydrodynamically
at the concentrations used might be expected to cause greater interference
with the flow of the solvent and make greater contributions to Q.

This correlation of K, with chain stiffiness and extension is supported
by comparisons of the values for the trinitrate and triacetate systems and
of those for the trinitrate and an incompletely substituted nitrate in
acetone®. Cellulose triacetate chains are believed to be less stiff than those
of the trinitrate and to adopt somewhat less extended forms in solution’.
The lower value of K, in Table 1 for the triacetate system might therefore
be expected. Chain stiffness and extension in a given solvent increase with
increasing degree of substitution of cellulose nitrate® and the value of K.
for the incompletely substituted nitrate is close to that for the triacetate in
chloroform.

The variation of K, with solvent in systems involving the incompletely
substituted nitrate may also support the view that K, and chain extension
are related. The value of the exponent a in the Mark-Houwinck equation

n=KMm* (12)

where [7] is the intrinsic viscosity and K and a are constants for a particular
polymer—solvent system, may be regarded as a measure of chain extension,
larger values implying greater extension. Table 2 gives values of K, and
a for the incompletely substituted nitrate.

Table 2. Values of K. and a for a 12:29% N nitrate?

Solvent K. x 102 a (25°C)
Acetone 1-1 0-80
Cyclohexanone 2:0 0-81
Methyl acetate 1-4 0-835
n-Butyl acetate 2:7 0-91

Although other factors seem to be operative, K, tends to increase as a
increases. It may be noted that the value of K. for butyl acetate, for
which a is 0-91, is very close to that for the trinitrate in acetone with an
exponent g of 0-92 at 25°C®.

The variation of K, with solvent in the polyvinyl acetate and polymethyl
methacrylate systems might also be connected, at least partly, with differ-
ences in chain extension resulting from differing solvent power. The order
of solvent power for polyvinyl acetate®® is chloroform > dioxan > acetone
> toluene > methanol and K, decreases in this order. The zero value with
toluene and the negative one with methanol might be connected with
association of polymer which is believed to occur in these solvents® but
it is not clear how this could lead to no change or a reduction in Q as ¢
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and M are increased. Association is also unlikely to be responsible for all
the negative values of K. in the polymethyl methacrylate systems since
chloroform can be regarded as a good solvent in which association is
improbable. The other solvents are poorer with order of solvent power
benzene > toluene > acetone’® and negative values of K, increase as
solvent power decreases, the value of K, for benzene being very small and
that for acetone relatively large. The chains may be tightly coiled or
associated in these poorer solvents and this may, in some way, lead to
decreases in Q as ¢ and M increase. This cannot, however, be the case
with chloroform in which the chains are believed to be solvated and
relatively extended. It is not clear why Q is reduced in this case or in
those where tight coiling or association may occur.

Even more marked differences between the two types of polymer are
seen in the variation of the pre-exponential term A4 with ¢ and M. With
flexible chain polymers A is a linear function of ¢ and, over a limited
molecular weight range, approximately proportional to a power of M, this
power varying from about 0-5 to about 0-8. Values of 8 are somewhat
greater and those of K, somewhat less for the polymethyl methacrylate
systems perhaps because of their slightly greater chain stiffness®. With
cellulose triesters, as in other cases involving cellulose derivatives*®, —log 4
is linearly related to ¢ and to a power of M. Values of K, for the polyvinyl
acetate systems seem to increase with increasing solvent power but this
does not seem to be so with the polymethyl methacrylate systems.

The significance of the constants K,, K}, « and 8 is not very clear but
they would seem to be related to the entropy of activation of viscous flow
AS. In terms of rate theory*®

1=(Vh V) e-asimane a3

where N is the Avogadro number, h Planck’s constant and V the molar
volume of the liquid. From equations (1) and (13)

A=(Nh|V)e 25k (14)

For the dilute solutions considered V will differ little from the value for
the solvent and the value of A will depend primarily on that of AS. Flexible
chains presumably lead to a decrease in AS while the cellulose derivatives
lead to an increase. From equation (14)

—log A= —log (Nh/V)+AS/R (15)

—log A is a linear function of ¢ for the concentration and molecular weight

ranges applying to the cellulose triesters so that within these ranges AS

would seem to be directly proportional to c, at least to a first approximation.

Barrer'* has pointed out that the entropy of activation of viscous flow

is made up of two parts:

(I) A positive component proportional to Q/T

(2) A negative component not primarily dependent on Q and resulting
from synchronization between intermolecular movements necessary
for a successful unit act of flow.
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If Q/T is small the positive component may be less important than the
negative so that AS is negative. This usually applies with pure liquids, only
those with high values of Q having positive values of AS.

The marked increases in Q with increasing ¢ and M for the systems
involving the cellulose derivatives with stiff, extended chains would lead
to corresponding increases in the positive component of AS which may be
large enough to offset any increases in the negative component so that AS
may increase with ¢ and M. The contribution of the negative component
presumably increases with ¢ and M for systems involving flexible chains
and in cases where K, is positive such increases must be greater than the
small ones of the positive component. It may be significant that the values
of A for lower molecular weight fractions of the incompletely substituted
cellulose nitrate increase® with ¢ like those for systems involving flexible
chains. k; is relatively small in these cases and the negative component may
increase more rapidly with ¢ than the positive component. When K. is
negative the positive component will decrease as ¢ and M increase and
increases in the negative component might be expected to lead to reductions
in AS. Although the physical significance of the negative component of
AS is not very clear the presence of polymer may lead to increased
synchronization of intermolecular movements but it is not clear whether
these involve polymer and solvent or solvent only. Different synchroni-
zation might be required in the flow of solvent through or past the
contracted semipermeable coils of flexible chains than in flow past
the stiff extended chains of cellulose derivatives.

It is possible, from equations (1), (3) and (9), to derive an expression
relating the intrinsic viscosity of a flexible chain polymer to its molecular
weight and the temperature. The specific viscosity, (y—7,)/1,, may be
written, from equation (1), as

oo =(A €977 — 4, €%/ [ 4, %™ (16)
Substituting from equations (3) and (9) in (16) and simplifying gives
Nep=[1 + (K. MPc)] e¥Me/BT — | a7

which, on expansion and neglect of terms beyond c?, gives
N/ c=K-M|RT +K.MF|A,+K:M°c|2R’T*+ K.KM'"*Pc{A,RT  (18)
from which
M= Tnw/c=KM/RT+KM*F|A,=K M+ K,MF 19

where
K,=K./RT and K,=K,/A,

For cellulose derivatives, in a similar way®*®, it may be shown that
substitution from equations (3) and (11) in (16), simplifying and expansion,
lead to:

[7M1=K.M/RT -K,M*=K M~K,M* (20)

Values of K, and K, at 25°C are given in Table 3.
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Table 3. Values of K1 and K3

Polymer Solvent K1 Ks
Polyisobutylene Cyclohexane 1'3x10-8 2:1x10-4
Toluene Nil 1009 x 10—+
Chloroform 3:5x10-¢ 4-0x 10-4
Polyvinyl Acetone 2:5%x10-¢ 1-4x 10-4
acetate Dioxan - 2:5x10-¢ 34 x10-4
Methanol —36x10-8 13-4x 10—+
Acetone —2:0x10-¢ 6:3x10-5
Polymethyl Benzene —35%x10-7 3-8x10-5
methacrylate Toluene —10x10-¢ 3:0x 10-5
Chloroform —59%x10-7 56x10-5
Cellulose
trinitrate Acetone 4-6x10-5
Cellulose
triacetate Chloroform 1-7x10-5

Equations (19) and (20) are approximations and only likely to apply
over the molecular weight ranges for which linear plots of log k., and
log k,, against log My were assumed to hold. Within these ranges, however,
substitution of appropriate values of M in equations (19) and (20) leads to
values of [4] which are in reasonable agreement with experimental ones.
In equation (19) values of K, are generally considerably larger than those
of K, so that the second term on the RHS is the more important. Equation
(19) may be written as

=(K.M'"#+K,) MF @n

KM% is of the same order as K, so that equation (21) is similar to
equation (12). The second term on the RHS of equation (20) will be small
unless M is large and up to relatively high values of M equation (20) will
approximate to a Staudinger expression. Similar variations of [4] with M
have been suggested for other cellulose derivatives!’-1¢:17,

It must be emphasized that the relationships obtained will only be
applicable to the dilute solutions and molecular weight ranges considered.
More complicated dependence of Q and 4 on both ¢ and M is to be
expected at higher concentrations and molecular weights.
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Infra-red Spectra and Chain Arrangement
in Some Polyamides, Polypeptides and
Fibrous Proteins

E. M. BraDBURY* and A. ELLIOTT}

The weak amide bands which Miyazawa has recently interpreted in polypeptide
spectra as arising from interaction between molecular vibrations in amide
groups have been examined in a homologous series of polyamides. This has
enabled the contributions from inter- and intra-molecular interactions to be
clearly distinguished. The diagnostic value of these weak bands is critically
considered in the light of the more accurate interaction constants now available.
It is concluded that in steam-stretched hair the arrangement of chains connected
by hydrogen bonds is antiparallel. Suggestions as to the structure of poly-
morphic nylons based on w-amino acids are made; these forms may be
distinguished by their infra-red spectra.

IN polypeptides (CO-NH-CHR) and in some polyamides {for instance in
nylon 6 {CO-NH-(CH,),}. and its homologues] the sequence of atoms in
the chains is polar and there is in consequence a distinction between
‘parallel’ and ‘antiparallel’ chain arrangements within a crystal. In nylon 6
an antiparallel arrangement has been found in a careful analysis of the
X-ray diffraction pattern of the crystal forms known as « and 8 by Holmes,
Bunn and Smith. The « and 8 forms (not to be confused with « and 8
synthetic polypeptides) both have extended antiparallel chains in the
hydrogen-bonded sheets, and differ only in the way in which these sheets
pack together.

Recently Kinoshita® has investigated the X-ray’ diffraction patterns of a_
number of polyamide series. He has found that when the fibre-axis repeat
distance is plotted against the number of CH, groups in the monomer unit,
two nearly straight lines are obtained. The one corresponds to fully
extended chains and includes the (2, B8) form of nylon 6. The othe1
indicates a slightly contracted chain and includes nylon 7.7, whose
structure he has determined (Kinoshita®). In this structure (the y form) the
planes of the amide groups make an angle of about 30° to the chain axis;
the unit cell is pseudo-hexagonal with only one chain running through it.
The form of the chain is such that the hydrogen bonds are more linear
than they would be with a fully extended chain. In nylon 7.7 there is no
difference between parallel and antiparallel arrangements. Since the chain
contraction is the same for all the polyamides on the linear plot which
includes nylon 7.7, their chain conformation has provisionally been given
the designation y by Kinoshita. _

Nylon 6, 8 and 10 can exist in either the (=, 8) or the y form according
to the method of preparation, but the homologous nylon 4 is known only
in the («, B) form. It is interesting that Kinoshita’s curves can be extended
to include the two forms of nylon 2, usually known as polyglycine 1 and n

*Present address: College of Technology, Portsmouth, England.
TPresent address: Biophysics Department, King's College, Strand, London W.C.2.
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(Elliott and Malcolm*; Crick and Rich®). Polyglycine 1 must correspond
to the (e, B) form of nylon 6 etc. but the question whether polyglycine 11
properly belongs to the vy series requires consideration.

Polypeptides in the near-extended form are usually assumed to be in an
antiparallel arrangement, for this would be more favourable for hydrogen
bond formation (Huggins®; Pauling and Corey”). The consequent doubling
of the a axis (direction of hydrogen bonding) has been observed in S8-keratin
by Astbury and Street® and in poly-8-n-propyl-L-aspartate by Bradbury,
Brown, Downie, Elliott, Fraser, Hanby and McDonald®. Curiously, it has
not been found in poly-L-alanine (Brown and Trotter'®).

In some important recent papers the effect of interaction between the
vibrations in amide groups has been discussed and certain weak bands
in the infra-red (ir.) spectra of polypeptides (known for some years) have
been explained as arising from such interactions (Miyazawa''; Miyazawa
and Blout'?). The interactions are different in parallel and in antiparallel
arrangements and should therefore have diagnostic value.

In a crystalline polymer with one chain with a twofold screw axis in the
unit cell, the normal modes of vibration of the repeat unit are double
those of the monomer unit. This arises from coupling or interaction between
the normal modes of the two monomeric units in the repeat unit of the
chain. The normal modes of the system are those in which the motions in
these monomer units are either in phase or out of phase and there is a
(usually) small difference in frequency between them. The motions have
transition moments which are along and normal to the chain axis,
respectively. If the transition moment of a normal mode of one of the
individual monomer units is in either of these directions then one of
the combined modes will be ir. inactive. Instead of a splitting of the
absorption bands, each one will be displaced as a result of interaction.

When there are two molecular chains in the unit cell (for instance, when
there is a regular alternation of chain sense along one of the crystal
axes), coupling occurs between motions in the chains, giving four normal
modes if the individual chains themselves each have two monomer units
in the repeat length. Miyazawa has given diagrams of the molecular
motion for parallel and for antiparallel chain arrangements, and has derived
equations for the frequencies of the absorption bands (below).

If & is the phase angle between the motions in adjacent amide groups
within one chain and &' the corresponding angle for amide groups connected
by a hydrogen bond then the normal modes within the unit cell may be
specified by the values of 8 and &, which are restricted to 0 and =. The
two bands of the parallel chain arrangement are designated v//(0,0) and
vl (=, 0), the first angle in the parenthesis being 3. (In the parallel chain
arrangement & must always be zero because all unit cells must be
identical.) The frequencies of the two bands are given by

v/[(0,0)=v,+ D, + D), ¢}
vl (x,0)=v,~D,+D), ‘ (2)

Here v, is the frequency of the motion when unaffected by coupling, and
D, and D] are interaction constants for intra- and inter-chain effects
respectively.
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For antiparallel chains there are four bands, of which one [v(0,0)] is
always ir. inactive. The frequencies of the other three are:

v/ /(0. ®)=v,+D,—D; (3)
vl (%, 0)=v,—D,+D, (4)
vl (%, ®)=v,—~D,— D), )

The last band has a finite intensity only when the transition moments
of the individual monomer units are out of the plane of the hydrogen-bonded
sheet. It is of zero intensity for fully extended, planar chains.

In near-extended polypeptide structures, the transition moment of the
Amide 1 band (mainly C=O stretching) is nearly perpendicular to the chain
axis, hence the v_L (=, 0) of an antiparallel arrangement is a strong perpendic-
ular band, whereas v/ /(0, ©) is a weak parallel band, and v.L (=, ) should
be very weak. Miyazawa has very plausibly assigned the strong perpendic-
ular band at ca. 1630cm™ and the weak parallel band at ca. 1690 in
polypeptide spectra to the first two of these three modes.

The interaction constants D, and D, have been calculated by Miyazawa
and Blout from data on several materials (particularly polyglycine and
nylon 66), it being assumed that the interaction constants are the same in
these materials. This gives the approximate magnitude of the constants, but
small changes in v, will cause disproportionately large changes in D. It
appeared to us that a possibly more accurate method could be based on
measurements of homologous series of polyamides in which the members
form, or may be expected to form, antiparallel sheets. Such a series is
formed by the polyamides from w-amino acids with odd numbers of CH,
groups, nylons 2, 4, 6 etc.

EXPERIMENTAL
Oriented specimens of the polyamides were made by dissolving the polymer
and casting at about 60°C on silver chloride. When nearly dry, the sheet
was rolled in a small jeweller’s rolling mill. The specimen was subsequently
heated to remove the solvent.

Nylon 6 (which usually occurs in the «, 8 form) has been converted to
the v form by treating with aqueous potassium iodide containing iodine.
The iodine is subsequently removed by sodium thiosulphate. This remark-
able process leaves the polymer in its initial state of orientation (Kinoshita?;
Ueda and Kinura'®). The change may be reversed by treatment with aqueous
phenol, with loss of orientation. Nylons 8 and 10 tend to be in the y-form,
but may be obtained in the (2, 8) form by the phenol treatment. These
facts suggested that we might obtain oriented specimens of nylons 8 and 10
in the y form from dichloracetic acid and in the (e, 8) form from m-cresol,
and this proved to be so. Nylons 2, 4 and 6 in the (2, 8) are obtained from
dichloracetic acid. Of these, only nylon 6 has been obtained in the y form,
by the iodine treatment.

The ir. spectra were recorded on a Grubb-Parsons S3 spectrometer with
rocksalt prism. This had been converted to a double-beam system (in time)
by fitting with a microscope and rocking stage. The associated electronics
were designed by Dr M. A. Ford of Perkin—Elmer Ltd, Beaconsfield.
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RESULTS AND DISCUSSION
The spectra of the »-amino acid nylons 2 to 10 in the («, 8) form are shown
in Figure I and those of 6 to 10 in the v form are shown in Figure 2.

(a)

y —

~
-
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1643| 165
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Wave number

0 1 i
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Figure 2—Infra-red spectra of oriented polyamides in v form. Full and broken lines
as in Figure 1. (a)nylon 6, (b) nylon 8, (c) nylon 10

Marked differences in the spectra of the two forms are seen. The Amide 1
band is clearly double in the (2, 8) form in nylons 2 to 10. The doubling
is most clearly seen in the spectrum with the E vector parallel to the fibre
axis. The separation diminishes towards the higher members of the series.
The corresponding components of polyglycine 1 (nylon 2) are well separated
and are the bands which Miyazawa identifies with v_L (=, 0) and v//(0, ©).
The separations of the two components are plotted against the series number
in Figure 3. No splitting of Amide 1 can be seen in the spectrum of the
v form, and the Amide 11 band is at about 1 560 cm™*, some twenty wave
numbers higher than in the (2, 8) form.

Antiparallel chains—Amide I band

One member of the polyamide series in the «, 8 form (nylon 6) is known
to have an antiparallel chain arrangement and the others so clearly belong
to the same series that they may confidently be assumed to be the same in
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this respect. Let us consider the composite nature of the Amide 1 band of
the (o, B) form. The polarization and (at least approximately) the relative
intensities are as expected for v.L (x, 0) and v/ /(0, ) and we feel sure that
this is the correct assignment. The value of D', the constant for interaction
across the hydrogen bond should be the same throughout the series, but
D, should diminish rapidly with increasing series number, since the distance
between consecutive amide groups within the chain increases in this way.

10
8
[
o
0
E 6l
2 Figure 3—Separation of Amide 1 components
¢ plotted against polyamide series number
£ 4
)
2 I 1 {

20 30 40 50cm-!
Yir o, m)" YL(W,0)

The separation in Figure 3 is tending to an asymptotic value of about
22 cm™ and from equations (3) and (4) D; is —1lcm™ The values of
v, and of D, may be calculated from the observed frequencies and are
given in Table 1. It is clear that, if Miyazawa’s equations are of the correct
form, v, is varying somewhat through the series. This is independent of the
values of D, for v, is simply the average frequency of the two components.

Our results for the polyglycine interaction coefficients differ somewhat
from those of Miyazawa and Blout, and make the intra-chain interaction
the more important. Miyazawa and Blout’s estimation depends on the
assumption that v, and D] for polyglycine are the same as for nylon 66
and in view of the fact that v, changes within a homologous series this
could be true only by chance. For instance, within the range of polypeptides
known to be in the 8 form the value of v, varies from 1 659 in polyglycine
to 166934 cm™ in poly-B-n-propyl-L-aspartate and in the polyamides it is
as low as 1 652 cm™. The errors introduced could be as large as the inter-
action constants themselves.

Amide 11 band

This band (connected largely with in-plane deformation of the NH bond)
should be split in the same way as Amide I, though since the directions of
the transition moments in the individual amide groups are different for the
two motions, the relative intensities of the three active components will
be very different. Miyazawa and Blout have not identified either of the
weaker bands in Amide 11 in the spectra of extended polypeptides. In
the 2-helix two components are expected and these have been identified as
the paralle] band at 1 546 and the perpendicular (weak) band at 1 516 cm™.
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The value of v, is determined by the position of Amide 11 (1 535 cm™) in
a partially N-deuterated specimen in the a-helix form'. In this case, there
is no regular interaction with neighbouring amide groups (most of which
contain ND groups and so have no Amide 11 mode) and the frequency is
that of Amide 11 in a hydrogen-bonded but not interacting amide group.
A similar technique has been employed by Hiebert and Hornig'® and by
Abbott and Elliott'’. In the work of the last-named authors, the components
of the Amide 11 band along the a, b and c crystal axes were found to be
1555, 1538 and 1 562 cm*. In the partially N-deuterated form, they were
1547, 1543 and 1 547 cm™, clearly indicating the approach to a common
frequency as the interaction with neighbouring groups became less. In
order to determine the uncoupled frequency v, for Amide 1 we have
measured the ir. spectrum of several polyamides N-deuterated to the
extent that the ND stretching band is much stronger than the residual NH
band. The frequencies of the residual Amide 11 band are identified with
v, and given in Table 3.

In the (2, B) form there is little variation in v, throughout the series.
In the v form, however, the frequency of v, is higher by about 20 cm™.
Also, an interesting effect is observed when a well-deuterated specimen is
allowed to exchange with water vapour in the atmosphere. A band at
1550 cm™ appears and this we attribute to the disordered part of the
polymer, which is always more accessible to water or heavy water than
the crystalline part. These facts are evidence that for Amide 11 the value
of the uncoupled frequency v, depends on the conformation. If our con-
clusions are correct then other factors are present than are considered in
Miyazawa’s theory. For example, differences in hydrogen bonding and
perhaps slight departures from planarity of the amide group may well affect
the value of v,. The Amide 11 band appears to be much more sensitive to
such 1nﬂuenccs than Amide 1.

The existence of a band at ca. 1550 cm™ attributed to a d1sordered
fraction also explains the displacement of the perpendicular peak with
respect to the parallel peak (see Figures I and 2). The perpendicular com-
ponent is composite; it is made up of a contribution from v// because of
imperfect orientation of the crystallites, a contribution from disordered
material and the interaction band v.. The disordered material contributes
equally to the band observed both in perpendicular and parallel positions
of the polarizer but has a correspondmgly larger effect in the perpendicular
position. This band, whose frequency is midway between that of the (=, f)
and v forms produces a displacement of the perpendicular peak towards
higher frequencies in the (2, 8) form and towards lower frequencies in
the v form, as observed. Similar factors may be operating in the case of
Amide 1, where small displacements are observed.

Discrimination between structures with parallel and with antiparallel chains

B-keratin—Miyazawa’s work on interaction bands has made it possible
to distinguish between parallel and antiparallel arrangements of near-
extended polypeptide chains. Some years ago Pauling and Corey” suggested
that a polypeptide chain with a chain repeat distance of 6-5 A would form
better (more linear) hydrogen bonds in a parallel than in an antiparallel
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arrangement, and that B-keratin (repeat 6:6 A) might be an example
of a parallel pleated sheet. Miyazawa and Blout have claimed to find
evidence of this in the spectrum of B-keratin (Parker in Bamford, Elliott
and Hanby'®). We disagree with their interpretation for the following
reasons.

(1) The parallel band which they identify as v//(0, 0) is said to have a
frequency 1645cm™. We have recently measured a number of spectra
of horse hair and find in every case a band, possibly parallel but more
probably non-dichroic at 1660 cm™. We find no evidence of a peak at
or near 1645 cm™ (see Figure 4). We should always expect v//(0,0) to
be quite weak. If the Amide I transition moment is similarly situated in
B-keratin and in some simple compounds containing amide groups'’'? it
will make an angle of about 20° to the C=0 bond (in the plane of the
amide group), inclined towards the CN bond. With a polypeptide chain
contracted to a repeat length 66 A (for B-keratin) the Amide 1 transition
moment will then be inclined at about 80° to the chain axis. The ratio of
intensities v_L (=, 0) to_v//(0,0) in a sample where the chains have their
axes all aligned along the fibre axis (but not otherwise oriented) will be'®
4 tan® 80°, about 16. Even with a generous margin for error in the transition
moment direction it is evident that the 1 660 cm™ band is too strong to be
v//(0,0). It could be caused by a-helices too poorly developed and
crystallized to be recognized in the X-ray diffraction pattern of stretched
hair, or from a random arrangement of polypeptide chains.

(2) There is a distinct indication in Parker’s spectrum of a very weak,
parallel band at about 1690 cm™, just where it would be expected if the
arrangement were antiparallel. We have examined the spectrum of steam-
stretched horse air and are convinced that there is in fact such a band
(Figure 4). It becomes more prominent if the specimen is exposed to heavy
water vapour. This exchanges with the NH bond of the peptide link, the
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Figure 4—Infra-red spectra of ‘keratins. Full and broken lines as in Figure 1. (a)
Section of steam-stretched horse hair (105 per cent extension). (b) Section of swan
wing feather rachis
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attack being most rapid in the largely random or disordered parts of
the protein which are responsible for the band centred approximately at
1660 cm™. The frequency of this band is lowered by about 10cm™ on
deuteration, and the band at 1690 cm™ is more clearly seen. (The more
highly ordered parts with which this band is associated do not readily
become deuterated and in consequence it does not move to a lower
frequency.)

Table 1. Wave numbers of Amide 1 band observed in poly-»-amino acids (z, 8 form)
and values of D; and v, (cm—1)

Polymer vl (,0) v [/(0,7) Y D
Nylon
2 1632 1686 1659 16
4 1640 1670 1655 4
6 1642 1667 16544 11
8 1641 1663 1652 0
10 1642 1 664 1653 0

The intermolecular interaction constant D,/ is taken as —~11 cm™ throughout.

Assuming that the interaction constants for polyglycine given in Table I
are applicable to other polypeptides, we should expect a parallel arrange-
ment of chains to give components for Amide 1 at 1632 and 1664 cm™.
The band at ca. 1690 cm which is to be seen in Figure 4 may therefore
be attributed with some confidence to an antiparallel arrangement, though
it remains a possibility that some chains are arranged in a parallel way.
A weak band at 1664 cm™" could easily escape detection.

The deduction that chains arranged antiparallel are present in steam-
stretched hair is in accord with the observation of Astbury and Street®
that the unit cell of B-keratin contains two chains linked by hydrogen bonds.

We would now like to suggest that there is evidence for a component
with a parallel as well as with an antiparaliel chain arrangement in the
spectrum of poly-8-n-propyl-L-aspartate which forms a cross-8 structure
(Bradbury, Brown, Downie, Elliott, Fraser, Hanby and McDonald®,
Figure I). The antiparallel arrangement is shown by the presence of the
vl (%, 0) and v//(0, =) bands at 1637 and 1702 cm™ respectively. There
is a very weak band at 1676cm™ of the same perpendicular dichroic
character as the 1 702 cm™ band which we believe to be the v/ /(0, 0) band
of a parallel arrangement (the band appears as a perpendicular one because
of the cross-8 arrangement). This band is clearly not associated with the
a-helix form of the polymer, which is known to absorb at 1662 cm™.
With the identification of three interaction bands in the spectrum of the
one polymer, the constant v,, D, and D, can be calculated from Miyazawa’s
expressions. They are found to be 1 6693, 194 and — 13 cm™?, respectively.
When these are compared with the values in Table 1 for polyglycine it is
seen that the greatest variation is in v,. We note that for both polypeptides
the intra-chain constant is the larger.

It is not altogether unexpected that evidence of a parallel chain arrange-
ment should be found in poly-B-n-propyl-L-aspartate. We have commented
elsewhere (Bradbury et al.’) that with the observed chain repeat length of
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6-79 A there is little difference between the linearity of the N—H...O
atoms in parallel and in antiparallel hydrogen-bonded sheets. Some
evidence of an occasional interruption of the regular alternation of chain
sense in this polymer was seen in the diffuseness of some of the X-ray
reflections, and it could well happen that there are some groupings in the
‘parallel’ arrangement sufficiently large to give the characteristic band
v//(0,0).

Feather keratin—We have sought by similar methods to decide whether
an antiparallel chain arrangement can be shown to occur in feather rachis
keratin. The spectrum in the 6x region was published by Ambrose and
Elliott**; we reproduce in Figure 4 a spectrum of swan quill made with a
somewhat improved technique. No band can be detected at or near
1690 cm™. We have exposed the quill section to heavy water vapour; the
NH groups exchange quite quickly but this technique, effective with-
stretched hair keratin, has failed to show the 1 690 cm™" band. This negative
evidence is not conclusive for the absence of an antiparallel arrangement,
however, for the intensity of the v//(0, =) band might be very low.

The vy-structure—As mentioned above, the contracted form of nylons 6,
8 and 10 is provisionally called the -y-form because of certain resemblances
to nylon 7.7 whose structure is known and is also so designated. The
diffraction patterns of all these y forms are very similar, as are their unit
cells (apart from differences in the length of the chain axis).

We have found that the i.r. spectrum of nylon 7.7 resembles that of the
other vy forms both in having an apparently single Amide 1 band and also
in having an Amide 11 band of about 20 cm™ higher frequency than is
usual in nylons. There is therefore a strong family resemblance among the
v structures. :

On comparing the spectra in Figures I and 2 it will be seen that in
the v form the dichroism of the Amide 11 band (relative to that of Amide 1)
is less than in the (2, 8) form and such a change would be expected if the
chains in the v forms of nylons 6, 8 and 10 have a similar conformation
to that of nylon 7.7 as determined by Kinoshita. In nylon 7.7 the chains
are not polar, but since there is only one chain in the unit cell the amide
groups connected by a hydrogen bond must be equivalent. They therefore
stand in the same relation to one another as do the hydrogen-bonded amide
groups in any parallel arrangement of nylon chains. This suggests that the
chains in the y form of nylon 6, 8 and 10 connected by hydrogen bonds
might be parallel chains, and they are so shown in Kinoshita’s diagrammatic
representation of the -y-structure in nylon 8.

With the interaction constants given in Table 1 the frequencies of the
v//(0,0) and vl (v, 0) Amide 1 bands of a parallel arrangement may be
calculated; they are given in Table 2. The v.L (=, 0) values are in reasonable
agreement with the observed values of v.L. The frequencies of v//(0, 0) are
expected to be only a few wave numbers higher; no separate band is seen
but in the parallel direction of the E vector the maximum absorption is
found at a slightly higher wave number. Much of this absorption, of course,
comes from the v.L (=, 0) band in the poorly oriented part of the polymer.
The criterion is too blunt to claim that the results confirm a parallel chain
arrangement, but they do not contradict it.
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Table 2. Calculated wave numbers of Amide 1 band in hypothetical structures and
observed values of y form (cm—1)

Parallel-chain Random chain sense ] y form (obs.)
Polymer H-bonded sheet 2-fold screw 3-fold screw
V00 | v [0 | /100 | o] D | o/ /00 | v] @0 off L
Nylon
2 1664 1632 1675 1643 1675 1651 (1648)*
4 1 648 1640 1659 1651 1659 1653 Not obs.
6 1645 1642 1 656 1653 1656 1654 1650 1643
8 1641 1641 1652 1652 1652 1652 1644 1643
10 1642 1642 1653 1653 1653 1653 1643 1 640
*Polyglycine 11, which probably does not belong to the y series. No separate components ascribable to

v/ /(0,0) have been observed,

Table 3. Values of v, (residual Amide 11 band in partially N-deuterated samples)

vo(cm—1)
Polymer

a, B form v form

Nylon 2 1 540 —

4 1544 —
6 1542 1 566
8 1542 1566
10 1542 1563

The pseudo-hexagonal packing might suggest that the sheet structure
usually characteristic of polyamides is destroyed, and the hexagonal
structure suggested by Crick and Rich® for polyglycine 11 comes to mind.
In this structure each chain has a threefold screw axis and all the hydrogen
bonds are between chains. Since Crick and Rich® state that hydrogen bonds
appear to form equally well between parallel and between antiparallel
chains it is unlikely that a strictly parallel arrangement will be found. Only
a powder diffraction picture has been obtained and it is not certain whether
there is one chain or more in the unit cell. A random chain sense is therefore
a possibility. In such a case the interaction constant D', would be zero,
for no regular relations would exist among the inter-chain coupled amide
groups. The frequencies of the vibrations modified by intra-chain coupling
should be given by expressions similar to those given by Miyazawa'* for
the a-helix, except that there is no term for interaction between third
neighbours (which in the a-helix are hydrogen-bonded). For the parallel
band

v/ =v,+D, (6)
and for the perpendicular band
vl =v,+ D, cosx M

Here x is the axial rotation between successive groups, and is 120° in
polyglycine 1. From the constants for polyglycine (Table 1) we find
vl =1651 cm™*. The value for v.L agrees well enough with the observed
value 1648 cm™ for polyglycine 11 (Elliott and Malcolm*). The band v//
has not been observed; it would be expected to be quite weak, since the
transition moment of the Amide 1 band in polyglycine 11 is more nearly
perpendicular to the chain axis than it is in extended chain (8-polypeptide)
structures.
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Although the structure suggested for polyglycine 11 receives support from
this calculation, it is clear that the same kind of structure cannot apply to
the y forms. For the higher members of the series, the frequency of Amide 1
should approach v, both for v// and for v.L and comparison of Tables 1
and 2 shows that this is not so. Any random arrangement of chain sense
would lead to the same unacceptable result.

An arrangement of chains in which the hydrogen bonds are formed
between a regular antiparallel chain arrangement for the y form should
give the same frequencies as those of the (antiparallel) « and 8 forms of
the polyamides, with a marked splitting of Amide 1. Since this is also
contrary to observation we are forced to conclude that a parallel chain
sense in the hydrogen-bonded sheet is the only one which will fit the
observations. We can escape this conclusion only by supposing that
the interaction constants (and perhaps v,) are different in the extended 2,
B and contracted y forms, a possibility which cannot be excluded.

The objection to the parallel hydrogen-bonded sheet lies in Kinoshita’s
observation that there is apparently only one chain in the unit cell. Since
there are antiparallel chains in the «, 8 form in nylon 6 from which an
oriented vy structure can be made, there must be antiparallel sheets in the
v form also. If the hydrogen bonds form within parallel sheets, then
the sheets themselves must alternate in chain sense and the inter-sheet
distance should be doubled. It could happen, by chance, that the reflections
indicating this doubling are too weak for detection. Clearly the problem
must await further work on the diffraction pattern of the y form.

CONCLUSION

Our measurements on the poly-w-amino acid series provide strong support
for Miyazawa’s assignments of the Amide 1 bands in polypeptide spectra.
They show, however (as we have suggested elsewhere®'); that the more
important interaction of adjacent amide groups is the intra-chain one, and
this may make it necessary to take account of next nearest as well as nearest
neighbours. As far as the Amide 1 band is concerned, a satisfactory situation
exists for the polyamide series, for B-keratin and for polyglycine 1 and 11,
and for both a parallel and an antiparallel chain arrangement in poly-g-
n-propyl-L-aspartate. For the Amide 11 band it would appear that the
change in frequency from one conformation to another is affected by factors
other than chain interaction.

We wish to thank Mr C. G. Cannon of British Nylon Spinners Ltd, for
the polyamides used in our experiments, and Mr H. A. Willis of Imperial
Chemical Industries Ltd, for specimens of nylon 6 monofil.

Research Laboratory,
Courtaulds Ltd,
Maidenhead, Berkshire
(Received May 1962)
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NOTE ADDED JUNE 1962

We have commenced an examination of the X-ray diffraction pattern of
the v form of nylon 6 (jointly with Mr L. Brown of Courtaulds’ Coventry
laboratories) and find that the unit cell is not, in fact, pseudo-hexagonal.
The fifteen reflections so far observed fit a body-centred orthorhombic cell
with a=4-82 &, b=7-82 A, ¢=16-70 A (fibre axis), with two chains running
through the unit cell. The distance between like chains, 4:82 A, corresponds
exactly to the separation of chains within a hydrogen-bonded sheet. The
distance between unlike chains, 4-59 A, on the other hand is too short.
These results, as well as consideration of the breadth of the X-ray reflections,
suggest strongly that the hydrogen bonds are formed between parallel
chains. The results of X-ray diffraction do not contradict our tentative
conclusions from ir. spectra, but afford them strong support. A fuller
account will be presented later.
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The Crystallization of Polyethylene 1

W. BaNks, M. GorponN*, R.-J. ROET and A. SHARPLES

The crystallization of polyethylene fractions of varying molecular weight has
been studied by the dilatometric method, and a procedure developed to enable
the primary and secondary processes to be analysed separately. The value of
the Avrami exponent, n, calculated on the basis of this method, varies with
molecular weight and temperature, and is often significantly different from the
integers required by theory. Modifications to the assumptions on which the
theory is based are proposed to account for this observation. A reversal in
crystallization behaviour occurs at a molecular weight of ca. 60 000 and as this
is near to the point where melt viscosity also undergoes a change, it is sug-
gested that viscosity is an important factor governing crystallization rate. It
thus follows that crystallization is determined by the same molecular weight
average as that determining melt flow. The secondary crystallization has a rate
which is less than one order slower than that for the primary process and also
has a similar temperature dependence to the latter, in that the rate decreases
as the temperature is raised.

NuMEROUS studies have been reported of the crystallization of high
polymers, and the picture which has generally been used to account for
the observed facts is that nuclei appear randomly in space in the super-
cooled melt, and subsequently grow at a constant linear rate, in one, two,
or three dimensions, to form rods, discs, or spheres’?. The disappearance
of the liquid phase can be related to the time of crystallization, ¢, by an
equation developed by Avrami® and others’*¢, which has the form

W, |W,=exp (—zt" n

where W,;/W, is the weight fraction of liquid phase remaining, and z is a
function of nucleation and growth rates which is constant for a given
temperature. n is an integer having a value between 1 and 4 depending on
whether nucleation is instantaneous or sporadic, and also on the number
of dimensions in which growth occurs. Thus, in the normally postulated
case of sporadic nucleation and spherical growth, n is equal to 4.

With some polymers (e.g. nylon 6.6° and polyethylene®) the crystallization
is complicated by an additional process, normally referred to as secondary
crystallization, which is considered to involve either ‘further growth or
improvement of the degree of the crystalline order’ or ‘filling up the holes
remaining after primary crystallization’. The time dependence in this case
has a different form from that of the primary crystallization, and difficulty
in resolving the two processes has previously rendered unsatisfactory any
kinetic analysis. Consequently, in spite of the wide interest in the bulk
crystallization of polyethylene, the large secondary effect (sometimes greater
than 40 per cent of the total) has in the past necessitated the use of
arbitrary assumptions concerning the mechanism, in order to enable any
analysis to be made’.

*Present address: Chemistry Department, Imperial College of Science and Technology, London S.W.7.
1Present address: Chemistry Deepartment, Duke University, Durham, North Carolina.
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In this paper a method is proposed for resolving the two processes, and
it is applied to the data obtained for a range of polyethylene samples of
different molecular weight and distribution. In addition, as the dilatometric
method normally used for studying polymer crystallization is capable of
high degrees of accuracy, the validity of the Avrami equation, and hence
the assumptions on which it is based are critically considered in the light
of the results obtained.

EXPERIMENTAL

Materials

Representative samples from two series of fractions were used, derived
from Phillips type polyethylenes. Degrees of polymerization, P, (determined
from viscometric measurements®) and melting points are given in Table 1,
both for these fractions, and for commercial whole polymers. The blend
was prepared in order to assess the effect of distribution on crystallization
behaviour, uncomplicated by the presence of other variables, such as short
chain branching. It consisted of 48-94 per cent by weight of fraction 5902
mixed with 51-06 per cent fraction 5907 to give a product whose intrinsic
viscosity average degree of polymerization was the same as that for fraction
5905.

Table 1
Sample Py Tm°C Comments
1 380 — Fraction from Phillips type polyethylene A
3 670 1359 Fraction from Phillips type polyethylene A
5 1030 136:0 Fraction from Phillips type polyethylene A
5908 350 1355 Fraction from Phillips type polyethylene B
5907 1800 136°1 Fraction from Phillips type polyethylene B
5905 7300 1366 Fraction from Phillips type polyethylene B
5902 14 800 136'8 Fraction from Phillips type polyethylene B
5901 18 500 1368 Fraction from Phillips type polyethylene B
B 7 300 1366 Blend of 5902 and 5907
M 3100 136-2 Marlex type polyethylene
PM 26 000 1376 Polymethylene
EBC 4000 1334 Ethylene butene copolymer, MI=0-28, 2-2

ethyl groups/1 000 C atoms

Dilatometry

The dilatometers used were considerably smaller than the conventional
type; measuring capillaries were 0-04 cm in diameter, and 80 to 100 mg
plugs of polymer, previously moulded to shape, were confined by ca. 0-4 ml
mercury. Liquid expansion coefficients were in excellent agreement with
those given in the literature®. Crystallinities were determined by Swan’s
equation®. The high temperature dependence of the crystallization neces-
sitated a high degree of temperature stability, and the thermostats used were
designed to give variations of less than 0-:02°C. Owing to the small size of
the dilatometers the time to reach equilibrium after transference from the
melting bath was never greater than two minutes.

In one series of experiments at constant temperature, the position of the
polymer in the dilatometer (and hence the ratio of surface to volume) was
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changed, with no effect on the subsequent kinetics, from which it is con-
cluded that surface nucleation is not important'!. Thermal memory, i..
the dependence of crystallization rate on temperature of pre-melting™!*,
was found to be absent, since melting for 15 minutes at any temperature
between 137°C (less than 1°C above the melting point) and 210°C produced
the same isotherm on subsequent crystallization. Melting points were
determined on samples which had been crystallized for up to 30000
minutes, the temperature of crystallization being such that the half-life of
the Avrami stage was ca. 30 minutes. The error in the melting point was
considered to be less than 0-10°C.

ANALYSIS OF DATA
The weight fraction of amorphous material remaining at time ¢ is related
to the volume of the crystallizing system, V,, by the equation?

WiW,=(V:=V)/(Vo— V) @

where V, and V are the initial and final volumes. Thus, during the primary
crystallization process it follows from equation (1) that

V=V (Ve —V)=exp (—z") 3

As relative volumes are determined experimentally from dilatometric
column heights, 4, equation (3) is normally written

(B~ hyo) [ (hy — ho)=exp (—21") @
Several methods have been evolved®'® for analysing data on the basis of
equation (4) but the general objection which can be made is that the use
of logarithms in the time axis has made any test for goodness of fit an
insensitive one. Hoffman, Weeks and Murphey!! have suggested an alter-
native approach which avoids this difficulty, but it is based on an
approximation which leads to large errors at high values of .
The method proposed here is as follows. Equation (4) can be differentiated
to give
n=t(dh./dt)/(he—ho) In {(h, — hy) [ (he — ho)} &)

and as dh,/dt can be calculated from successive pairs of results, n can
be obtained for every stage of the crystallization as a function of the
crystallinity, or some related quantity such as (h,—h,)/(h, —h,). The rate
constant, z, can then be calculated from the half-life, 7,, and the average
value of n, as follows

z=In2/r (6)

Resolution of primary and secondary crystallizations

In general, these two processes may be considered to occur either con-
secutively or concurrently. In either case equation (5) cannot be applied
without making further assumptions, and it is this factor which has led
to difficulties in the past. Here it is initially assumed that the processes are
consecutive so that the problem now becomes that of choosing a suitable
value of A, to characterize the completion of the primary crystallization.
This is achieved by adjusting A, until values of n, calculated from equation
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Figure I1—Crystallization of
fraction 5907. (A) 128-26°C,
(B) 128:70°C, (C) 129-45°C, (D)

130:00°C
Time min
8
6 ' . x 7
R4 [ x00% e 0X0& %0%X 0 o X 0% :ox%§ 3 ;.Ox.oo.ooooo oo
l...
2F '.c...
0 ) I ] t 1 1 L I 1
1-0 08 06 04 02 0

(h = h)i(hy- he)
Figure 2—Results from (D) Figure 1 plotted according to

equation (5) using three arbitrarily chosen values of h_.
09 k=400 cm, (o) h, =500 cm, (#) h =600 cm

(5), remain constant for the maximum period of time. The method is
illustrated by some data for fraction 5907. The results are first plotted in
Figure 1 in the form of A, versus log ¢, and it can be seen that there is no
obvious break to indicate a transition from one process to the other. In
Figure 2, three values of A, are chosen for one of the runs, and used in
equation (5) to enable plots to be made of n versus (h,—h.)/(h, — o).
It is evident that the correct choice of A, (=5-00 cm) is a critical one, and
this in itself provides indirect support for the method. However, more
direct confirmation arises from a consideration of the melting behaviour
of the material at different stages in the crystallization. Details of the
experiments are given elsewhere'? but the relevant feature is that melting
point remains almost constant for varying extents of crystallization until
a point is reached corresponding to the correctly chosen value of A, after
which a continual increase is observed. It can thus be concluded that during
the primary process, before A, is reached, the size or degree of perfection
of the crystallites remains unchanged, and only the amount of crystalline
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material increases. After s, a new process commences, which increases the
size or perfection of the existing crystallites and hence their melting point.

The assumption that two entirely different processes are involved, and
that they occur consecutively, thus seems to be reasonable, and in fact it
has been observed that for some polymers the plots show two distinct
regions™®. In the present results, no discontinuity is apparent, and it is
always necessary to use the method described above to determine 4.
Matsuoka'®, however, has found that even with polyethylenes, separation
into two regions can occur if the pressure on the system is increased.

RESULTS
(1) The primary crystallization

(a) The value of n—Crystallization parameters for three typical samples
are given in Table 2, and results for an individual run are given in Figure 3.

Table 2. Avrami parameters for the crystallization of polyethylene samples

© Temp.
R of
§ & crystalliza- n z Xy
“ tion (time in min) % %
°C
12536 312+ 008 1-45x 104 342 58
12575 3144011 5:51%10-5 35-0 58
- o 12685 308+0:07  327x10-% 336 58
K 3 12756 2:97+0:06  8:68x10-7 341 58
e ~ 12776 296+ 008 330x10-7 336 58
128-49 2754010 1-04x10-7 35-3 58
128-60 2:70+0:07  9:01x10-8 379 58
, 126'62 3-52+0:06 469X 10-°¢ 460 71
127-50 3-48+006  562x10-7 46'5 71
8 NS 128-49 3484014  3-66x10-8 454 7
a @ 129-48 3544010 1-18 X 10— 465 71
130-50 3504015  3-42%10-12 467 7
131-02 3544009  562%x10-14 46-8 71
12826 347+0-11 7-48%x10-¢ 547 79
- - 12870 3-5440-11 1-86x10-¢ 550 79
R 2 129-45 3-50+005 8:30% 108 555 79
e - 130-00 387+006  565x10-1° 55-8 79
130-34 3-77+008  9-52x10-11 557 79
35 s — ] c-._;_o..-o‘_'._o.
.‘d‘.
/.'
. 30 f
251 !
2~0‘ 1 I 1 ! 1 1 1 I
10 08 06 04 02

(ht - hoo)llhg =~ hg)
Figure 3—Primary crystallization of fraction 5905 at 127-50°C
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Several features are apparent. First, in Figure 3 it can be seen that n
increases initially from a value of about two to a final steady value. This
effect is present in a number of cases, and as it has been proposed in the
past that spherulitic structures commence their growth in the form of
rods'4, it is reasonable to suppose that the value of n = 2 observed here
corresponds to initial rodlike growth from sporadically formed nuclei.
The fact that this initial change is present to varying extents in different
cases, suggests that the final size of the growing bodies varies from sample
to sample, and that where this is large, the early stage of rodlike growth
constitutes only a small fraction of the total. As the trend is for this effect
to decrease with decreasing molecular weight (cf. Figure 2) it can be
deduced that spherulite size increases in the same direction.

Secondly, the constant value of » which characterizes the majority of
the crystallization, is often significantly different from the integral values of
1, 2, 3 or 4 required by previous theories. Although fractional values of n
have been recorded in the past'®'®, the tendency has been to assume that
the process is characterized by the nearest integer. The results in Table 2
show that certainly in the present case there is no justification for this
procedure, as the differences from integral values are frequently greater
than the experimental errors involved. In general n varies from 2-0 to 4-0,
depending on molecular weight and temperature of crystallization, and it
can be seen from Figure 4 and Table 2 that although there is no obvious
correlation with temperature, there is a tendency for a maximum to be
‘reached in the dependence on degree of polymerization. This becomes more
obvious if the fractions only are considered, when it can be seen that this
maximum occurs in the region of P,=2 000. The results for other samples
presumably deviate owing to the presence of other variables, such as
branching and polydispersity. The effect of the latter only can be seen
from the results for the blend, which has values of n well outside those
recorded not only for the lower molecular component (5907), but also for

4F |
5907 b
5995 5902
5901
5908 3 2 | |
3 . I ! B
[ M
2
i | PM
t 1 §
102 103 104 10%
P,

Figure 4—Values of the Avrami exponent, n, for different
temperatures of crystallization, plotted as a function of degree
of polymerization. (The thick lines refer to fractions)
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the fraction of identical viscosity average degree of polymerization (5905).
It is thus evident that the behaviour of the blend is very little affected by
the presence of the large amount (51 per cent) of the low molecular weight
component, from which it may be deduced that the operative molecular
weight average must be higher than the intrinsic viscosity average used here.

(b) Temperature dependence of rate—The temperature dependence of the
primary crystallization process for polyethylene is extremely high, as is
indicated by the fact that the time scale of the observations can change
from minutes to days over a temperature range of only 3°C. Consequently,
as the data are necessarily derived from measurements taken within this
narrow range, it is important to realize that any conclusions which are
reached may not apply to crystallizations carried out at lower temperatures.

The overall rate constant, z, depends on both nucleation and growth
rates, but as growth is generally found to involve secondary nucleation,
the temperature dependence of z is governed by that for the nucleation
rate’. The relation normally proposed is of the form?

log z=A — 4B/ AT? @)
although the following alternative has been suggested?
log z=A—4B|/AT )

where A and B are constants and AT is the difference between the tem-
perature of crystallization, T., and the melting point, T,,. In the present
case where the Avrami exponent, n, varies it is likely, for reasons given
later, that equations (7) and (8) should be modified to:

log z=A —nB|AT* 9)
and
log z=A —nBJ/AT (10)

Previously*'*, T, has been treated as an adjustable parameter, owing to
the uncertainty attached to the experimentally obtained values. In the
present study, a kinetic method was used'? to determine T,,, and the values
obtained are considered to represent the true values to within +0-1°C.
With this accuracy, more satisfactory use can be made of the crystallization
data in deciding on the correct temperature relationship. In Figure 5, where
results for fraction 5901 are plotted according to equations (7) to (10), it
can be seen that the data are best fitted by equation (9). A similar
conclusion can be drawn for all the samples from which it follows that
growth proceeds by three-dimensional secondary nucleation?.

The values of the parameter B are plotted in Figure 6 against degree of
polymerization, and again if fractions only are considered, a reversal in
trend is apparent in the region of P, = 2 000. The blend also has a value
very close to that for its high molecular weight component (5902). Most
striking is the extent of variation of B in view of the fact that previous
workers have found this parameter to be constant”. The significance of this
point theoretically is that the critical free energy of the secondary nucleation
relative to that of the primary process, must also be changing with
molecular weight?.
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Figure 5—Temperature dependence of rate constant, z,
for sample 5901, fitted according to equations (6) to (9).
(A) Equation (6), (o) equation (7), (A) equation (8),
(®) equation (9)
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Figure 6—Variation of Bv(equation 8) with degree of
polymerization

(c) Molecular weight dependence.of rate—It has previously been reported
that polymers in general (e.g. ref. 7) crystallize with increased rates at
lower molecular weights. The choice of a suitable standard of comparison
is in fact not a straightforward one, as can be seen from equation (9)
which shows that z also varies with n, B and AT. It is considered, however,
that the characteristic features of the dependence, for the limited tempera-
ture range studied here, are satisfactorily illustrated by the plot used in
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Figure 7—Temperature range below melting point for which
10 min <t <250 min, plotted as a function of degree of
polymerization. (The thick lines refer to fractions)

Figure 7. The trend noted above is confirmed, down to P, =~ 2 000, but
below this value there is again a reversal in behaviour, and the rate now
starts to decrease as the molecular weight is further reduced. The behaviour
of the blend is again nearer to that of the high molecular weight component.

(2) The secondary crystallization

Although no detailed picture exists for this process it has been estab-
lished'” that crystallinity increases with time according to the following
empirical relation

x:=C+Dlogt an

where . is the crystallinity, C and D are constants, and ¢ has its origin at
the beginning of the secondary process. The choice of a suitable origin is
critical if the best fit is to be obtained, and here it was found that values
giving optimum agreement corresponded to values of x within two or three
per cent of those for x., thus confirming the sharp transition between the
primary and secondary processes. xo is thus used here to indicate the value
of ) at which the secondary process commences. Although there is a
progressive decrease in the rate of this secondary process, there is no
experimentally accessible time where the crystallization can be considered
to be complete. Consequently, the values of x;, the ‘final’ degree of crystal-
linity, are arbitrarily taken at a time 150 times greater than that required
to complete the primary stage.

As can be seen from Figure 8 the results conform to equation (11) over
a limited range, but show deviations as the final value of the crystallinity,
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Figure 8—Secondary crystallization process for fraction 5901. (x) 125-00°C,
(e) 125-75°C, () 126:85°C, (o) 127-76°C

X is approached. This is to be expected, as equation (11) is necessarily
an approximation in that it predicts that crystallinity should increase
without limit as ¢ increases. A more fundamental equation is that derived
by Hirai and Eyring'®'® to account for the shrinkage of glasses

ng_V! . Xr— Xt _ a Voo_Vf —t/r
tanh(2 v, x’_x”) [tanh > ( v, )] e (12)
where a =~ V,,/6RTAB, V,, is the molar volume of the contracting mole-
cular unit, A8 is the difference in compressibilities between the liquid and
glassy stages, = is a relaxation time, and ., and ; refer to the beginning
and end of the secondary process. At intermediate values of x. this
approximates to

aVe—V) xi—xs
. =~ 23log(t/2
V; Xt~ Xoo g (t/27)

which can be written as

23 — . _
Xe=Xs+ %logt— %::—_%V,-log% (13).
and this is of the same form as equation (11). Equation (13) predicts that
the value of D should be independent of temperature for the small tem-
perature range studied, a feature which was observed to hold experimentally
for all the samples studied (cf. Figure 8). The variation with molecular
weight also is small, and accountable for in terms of the changes in
(1= Xo0) V1/(Vo— V), which is to be expected if V,, is interpreted as the
volume of a chain segment. The value of V', calculated from the result for
D corresponds to a chain segment of roughly 60 —CH,— units which is
certainly likely to be of the right order of magnitude. However, although
this approach is able to account: for the approximate validity of equation
(11) and also to lead to a reasonable value for the parameter D, there must

70



THE CRYSTALLIZATION OF POLYETHYLENE I

be reservations to the inference that the assumptions on which the Hirai
and Eyring treatment is based are entirely applicable here. In the first
instance equation (12) fits the observed data no better than does the
approximate form (equation 11) at very large values of ¢, indicating that
some other process eventually intervenes. Secondly, the rate of the process,
a practical assessment of which can be obtained from t, or 7 (¢, = 27/e?),
increases as the temperature decreases, whereas for a relaxation
phenomenon the reverse should apply. In fact 7, has a temperature
coefficient which is very close to that for the primary crystsllization, as
can be seen from Table 3. It is also apparent that the absolute values of
t, for the two stages are separated by less than one order, which suggests
that the slow volume contraction observed by Kovacs'” at much lower
temperatures, where the primary crystallization is effectively instantaneous,
is a different process.

Table 3. Half-lives for the primary and secondary processes in polyethylene
fraction 5901

T ty (primary) ty (secondary) .

o/ . . Ratio

C min min
125-36 15-1 80 53
125-75 202 115 57
126-85 536 290 54
127-50 97-1 530 55
127-76 137 700 51
128-49 303 1300 43
128:70 355 1500 4-2

(3) Crystallinity

The reversal in trend of the crystallization rate parameters at P, =~ 2 000
raises the question of whether the amount of crystalline material shows a
similar dependence on molecular weight. Previous workers” have noticed
that crystallinity increases as molecular weight is decreased, and this is
confirmed in Figure 9, where x;, the crystallinity at the end of the secondary
stage, is plotted as a function of P,. A reversal again occurs, however,
and x, can be seen to decrease at lower molecular weights. A similar relation
also holds for x,. the crystallinity at the end of the primary stage, which

3
)

90 -3
N X% 5907
1
* 5905
Figure 9—Plot of crystal- 70 .
linity at the end of the 0 r
secondary process, as a . o 5302
function of degree of B * 5901
polymerization
50|
PM
! ERC 1 ©
102 0% _ 104
PV

71



W. BANKS, M. GORDON, R. -I. ROE and A. SHARPLES

is between 20 and 25 per cent less than x;, and varies slightly with tem-
perature of crystallization. The conditions of crystallization used in these
experiments are favourable to the formation of the maximum amount of
crystalline material, and it can be seen that in fraction 3, approximately
90 per cent is formed.

The blend is again nearer in behaviour to the higher molecular weight
component, so that if comparisons are made on the basis of viscosity
average molecular weight, increasing polydispersity leads to a reduction in
crystallinity. The result for the ethylene-butene copolymer shows that short
chain branching, as expected, has a similar effect.

DISCUSSION

The results indicate that although the secondary crystallization in poly-
ethylene can be as high as 40 per cent of the total, it overlaps the primary
process only to a very small extent, so that the method proposed for
analysing the data is considered to yield unambiguous parameters for each
stage. The Avrami exponent, n, has values determined by this method which
are often significantly different from the integers required by theory, and
although fractional but changing values of n can be accounted for by the
simultaneous occurrence of two different Avrami processes (e.g. with pre-
determined and sporadic nucleation) the values observed here are both
fractional and constant, so that no such simple explanation applies. Con-
sequently it is necessary to examine the assumptions which have been used
in the past to derive the Avrami equation.

The occurrence in some cases of initial values of n=~2 (Figure 3)
suggests that growth starts in the form of rods, from nuclei that appear
sporadically, and not instantaneously. The fact that » in general approaches
but never exceeds four confirms that sporadic nucleation is the more
likely possibility, followed by three-dimensional growth, modified in some
way so as to reduce #n in certain cases. The normal equation for sporadic
nucleation and spherulitic growth is derived by assuming first that the
density of the spherulite is the same at every stage of its growth, and
secondly that growth and nucleation rates are constant®>. The more detailed
form of equation (1) is then?

Wi/ W,=exp (—N,=G°p,t*[3p)) (14)
so that
z=N,7G°p,/3p (15)

where N, is the nucleation rate per unit volume, G is the linear growth
rate, and p, and p, are the densities of the solid and liquid phases. Modi-
fication of either of the two assumptions given above can lead to a form of
equation (14) where the power of ¢ (i.e. the Avrami exponent n) is reduced
to a constant fractional value, as observed. The dilatometric method of
following the crystallization process is not capable of yielding separate
information on growth and nucleation rates, so that a detailed discussion
of the possible modifications is deferred to the second part of this work,
which involves direct microscopic observations of these quantities. It is
possible to note at this stage, however, that these modifications lead to
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versions of equations (14) and (15), of the form

W./W,=exp (—const. N,G"'1") (16)
and
z=const. N,G*™* an

which, apart from accounting for fractional values of the Avrami exponent,
are relevant in connection with the observed temperature dependence of z.
It has been shown that®

log N,=A,-B,/AT? (18)

where 4, and B, are constants, and AT is the difference between melting
and crystallization temperatures. If it is assumed? that growth proceeds by
secondary nucleation then
logG=A,—B,/AT*? (19)

Hence

log z=const.+ A, —(B,/AT*)+(n—1) A,—(n—1) B,/ AT? 20)
Microscope observations®® of growth rate show that (n—1) 4, is negligible
compared with the other variable terms in equation (20) so that, if it is
assumed that B, =B, (i.e. that primary and secondary nucleation processes
have a similar temperature dependence), then

log z=const. — B,n/AT? 21)

which is the relation found to hold experimentally (equation 8 and Figure 5)
in the present experiments.

This lends support to the general picture suggested above, namely that
the Avrami mechanism is still operative, with three-dimensional growth
from sporadically formed nuclei, but that one of the assumptions on which
it is based is modified. The extent of the deviation from n=4 varies from
sample to sample, and also with temperature, which suggests that the
nature of the spherulite growth is similarly changing. This is confirmed by
microscope observations*'? and also by the fact that quite large variations
are observed in B, (equations 9 and 21), which is dependent on the
critical free energy involved in secondary nucleation, and hence on the
nature of the growing surface.

The reversal in behaviour which occurs in the region of P,=2 000 has
no obvious explanation in terms of the above picture. It does occur,
however, at a molecular weight which, from viscosity measurements, is
near the critical point below which chain entanglements cease to be of
importance®*®. Consequently although it has generally been accepted in
the past® that the rate controlling step in spherulite growth is unlikely to
be determined by diffusion to the growth surface, it would seem from the
present results that the viscosity of the liquid polymer in the neighbourhood
of this surface is an important factor regulating growth rate. Confirmation
of this point derives from the fact that the behaviour of the blend in the
above experiments is very close to that for the higher molecular component.
The dependence of melt viscosity on molecular weight (above the critical
molecular weight) is a 3-4 power law?!, so that if viscosities can be
assumed to be additive, the appropriate average is not the intrinsic viscosity
average previously used but that defined by

Moy = WMoy
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where W, is weight fraction of the ith component. Py .. for the blend can
thus be calculated to be 12 000, compared with 14 800 and 1 800 for the
two components and 7 300 for the intrinsic viscosity average value. The
dominance of the high molecular weight component is thus explained,
and it is evident that the molecular weight average which determines
crystallization behaviour is the same as that which determines melt flow.

We are grateful to B.P. Ltd for financial assistance in this project.

Arthur D. Little Research Institute,

Inveresk, Musselburgh, Midlothian
(Received May 1962)

REFERENCES

1 MORGAN, L. B. Phil. Trans. 1954, 247, 13
2 MANDELKERN, L. Growth and Perfection of Crystals, pp 467-497. Chapman and
Hall: London, 1958

3 AVRaMI, M. J. chem. Phys. 1939, 7, 1103

1 Evans, U. R. Trans. Faraday Soc. 1945, 41, 365

5 HarTLEY, F. D., LorD, F. W. and MoRGAN, L. B. Ric. sci. A, 1955, 25, 577
8 RYBNIKAR, F. J. Polym. Sci. 1960, 44, 517

7 BUCKSER, S. and TuNg, L. H. J. phys. Chem. 1959, 63, 763

8 WessLAU, H. Makromol. Chem. 1956, 20, 111

9 SwaN, P. R. J. Polym. Sci. 1960, 42, 525

10 GRIFFITHS, J. H. and RaNsY, B. G. J. Polym. Sci. 1959, 38, 107

11 HoFFMAN, J. D., WEEks, J. J. and MURPHEY, W. M. J. Res. Nat. Bur. Stand. A,

1959, 63, 67

12 BANKS, W., GORDON, M., ROE, R.-J. and SHARPLES, A. To be published

13 MATSUOKA, S. J. Polym. Sci. 1960, 42, 511

14 KELLER, A, Makromol. Chem. 1959, 34, 1
15 HATANO, M. and KAMBARA, S. Polymer, Lond. 1961, 2, 1
16 INOUE, M. J. Polym. Sci. 1961, 55, 753

17 Kovacs, A. I. Ric. sci. A, 1955, 28, 666
18 Hiral, M. and EYriNG, H. J. appl. Phys. 1958, 29, 810
19 BAnks, W., Hay, J. N., SHARPLES, A. and THOMSON, G. To be published
20 Fox, T. G and LOSHAEK, S. J. appl. Phys. 1955, 26, 1080

74



Polymerization of tert-Butyl
Acrylate in the Presence of n-Butyl Lithium
and Titanium Tetrachloride

E. A. H. Hopkins and M. L. MILLER

The use of a Ziegler-type catalyst for the polymerization of tert-butyl acrylate

is reported. By the proper choice of catalyst components, conditions and pro-

cedures, high yields of stereoregular, crystalline poly(tert-butyl acrylate) are
obtained. The optimum conditions for this polymerization are noted.

EsTERS normally inactivate Ziegler-type catalysts unless complexing
solvents are used'. We have found, however, that rert-butyl acrylate can be
polymerized in petroleum ether in good yield to highly crystalline polymer
by the Ziegler-type catalyst, n-butyl lithium plus titanium tetrachloride.
This polymerization is in marked contrast to polymerization of the less
bulky esters, methyl methacrylate and vinyl acetate which are polymerized
to crystalline polymer by Ziegler catalysts only if polymerization is carried
out in the presence of diethyl ether, tetrahydrofuran or similar complexing
agents™®. The beneficial effect of the tert-butyl group may result from its
ability to shield the ester carbonyl and prevent inactivation of the catalyst.
Other polar monomers with bulky groups which have been polymerized to
stereoregular polymer by active Ziegler catalysts are: vinyl carbazole* and
N,N-dialkyl acrylamides®.

The object of the work reported here was to study the polymerization
of tert-butyl acrylate with a Ziegler-type catalyst.

EXPERIMENTAL

Materials

tert-Butyl acrylate was prepared by the method of McCloskey, Fonken,
Kluiber and Johnson® (b.pt 117°C, 760 mm of mercury, d&3°0-8711,
n% 1-4080). The monomer was stored over calcium hydride at 7°C for at
least four days and then distilled under vacuum into glass ampoules
provided with break tips. The petroleum ether was ACS reagent grade,
b.pt 30° to 60°C. n-Butyl lithium was supplied by the Foote Mineral
Company as a 15-5 per cent solution in mixed hydrocarbons (1/3 pentane,
2/3 hexane). The solution was analysed by the double titration method of
Gilman and Haubein’ and by the single titration method of Frankel,
Rabani and Zilkha®. Titanium tetrachloride was Fisher’s ‘purified’ from
Fisher Scientific Company.

Polymerization

All glassware was dried at 150°C and cooled in an inert atmosphere.
150 ml of petroleum ether was introduced into a 250 ml flask which was
fitted with a serum stopper, a stirring bar, and a side tube to which the
ampoule containing monomer was attached by Tygon plastic tubing.
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The petroleum ether was boiled five minutes under vacuum and then
‘prepurified’ nitrogen was admitted. Unless otherwise specified polymeri-
zation was carried out as follows.

The catalyst components were injected through the serum stopper, first
9-6 mmoles of n-butyl lithium followed by 3-2 mmoles of titanium tetra-
chloride. The catalyst was aged ten minutes at room temperature and then
cooled in an ice bath for ten minutes. 24 to 5 m! of monomer, containing
approximately 4 mg of calcium hydride, was added at the rate of 0:78 g/min
and the polymerization allowed to proceed at 0°C for 40 minutes. In early
experiments the polymerization was quenched by the addition of a
1:1(v/v) solution of methanol in water. When this method of quenching
was used the polymers, although recoverable and useful, were difficult to
handle and had a high percentage of ash. If absolute methanol was added
to the polymerizing mixture before the introduction of air, the polymers
were easier to extract and the ash was reduced from ten per cent to a few
tenths of one per cent. The coagulated polymer was filtered, washed with
aqueous methanol, dried under vacuum at 50°C and extracted repeatedly
with boiling acetone to remove amorphous polymer. The polymer that
failed to dissolve in acetone was examined for crystallinity by X-ray
diffraction and for metals by ultra-violet emission spectroscopy. The
molecular weight was estimated from the viscosity in chloroform at 30°C®.

RESULTS
The effect of the following variables on the polymerization was examined:
(a) variation in the metal alkyl component of the catalysts; (b) variation
in the concentration of catalyst; (c) order of addition of catalyst components;
(d) variation in the time of catalyst ageing; (e) the rate of addition of the
monomer; (f) the temperature of polymerization, and (g) the use of additives.

The organometallic compounds tested as catalyst components were:
n-butyl lithium, amyl sodium, diethyl aluminium chloride, tri-n-butyl
aluminium, diethyl cadmium and diethyl zinc. In all tests, except those
with amyl sodium a 3/1 mole ratio of metal alkyl to titanium tetrachloride
was used. With amyl sodium a 5-3/1 ratio was used. Catalysts made with
n-butyl lithium polymerized 86 per cent of the monomer (molecular weight
1x10%) and catalysts made with tri-n-butyl aluminium, 61 per cent
(molecular weight 2-5x 10*). Other metal alkyls tested produced lesser
amounts of polymer.

The order in which the catalyst components were added to the reaction
vessel had an effect on the percentage of monomer polymerized. When
titanium tetrachloride was added to n-butyl lithium, the percentage con-
version was higher than when the reverse order of addition was used.

Experiments were run to test the effect of a number of variables on
polymerizations initiated by n-butyl lithium plus titanium tetrachloride.
Experiments were run to test the effect of the length of time that elapsed
between the initial contact of the titanium tetrachloride with the butyl
lithium and the beginning of the introduction of the tert-butyl acrylate.
We refer to this time as the ageing time. The total ageing time included
the time required to cool the catalyst dispersion to the polymerization
temperature as well as the time used in the initial ageing at room tempera-
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Table 1. Effect of length of time catalyst was aged on conversion to polymer

Tempera- % of
ture of Minutesat  Minutes at Total Percentage  polymer
catalyst room temp. °C time conversion  insoluble in
prepgratlon, acetone
0 0 0 0 580 585
25 5 5 10 72-0 351
25 10 10 20 860 905
25 15 10 25 50 75

ture. Table I gives the percentage of monomer which was converted to
polymer and the percentage of the polymer that was insoluble in boiling
acetone (crystalline polymer) in experiments in which the catalyst was
prepared and aged at different temperatures and for different times. The
highest yield of polymer and the highest yield of crystalline polymer resulted
when the catalyst was aged ten minutes at room temperature and trans-
ferred to an ice bath at 0°C where it stood for ten minutes.

Table 2. Effect of temperature of polymerization on percentage of monomer

polymerized*
Time of Time of Temperature of Percentage
catalvst ageing, polymerization, polymerization, conversion
min min °C
" 10-room temp. 360 -70 11
20-to cool
10-room temp. 40 0 39
10-to cool
10-room temp. 40 room <5

*Rate of addition of monomer 0-2 g/min.

The effect of the temperature of polymerization was examined in the
series of experiments listed in Table 2. This table shows that polymerization
at 0°C gives higher conversion than polymerization at either —70° or
+25°C. The percentage conversion to polymer was increased by an increase
in the rate of addition of monomer to the catalyst dispersion. Figure 1,
which plots the percentage of the monomer polymerized against the rate
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at which the monomer was added, shows that the faster the monomer was
added the higher the conversion to polymer. A faster rate of monomer
addition also increased the percentage of polymer that was insoluble in
acetone. When the rate of addition of monomer was 0-78 g/min, 90-5 per
cent of the polymer was insoluble in acetone. When the rate was 0-05 g/min,
63-7 per cent of the polymer was insoluble in acetone.

Table 3. Effect of inclusion of calcium hydride and air on polymerization

Conc. of TiCls Percentage % of polymer
mmoles|ml Additive polymerization insoluble in
x 10? acetone
111 None 3
111 4 mg CaH, 86 905
Trace of air
22 None 95 824

An increase in the concentration of titanium tetrachloride from
1'1x1072M to 2-2 x 1072M, with a fixed ratio of n-buty! lithium to titanium
tetrachloride of 3/1 increased the percentage conversion from 3 to 95 per
cent.

When a small amount of calcium hydride, either with or without traces
of air, was .added with the monomer, the yield of crystalline polymer
increased. This increase was especially marked when the concentration of
catalyst was low, Table 3.

The acetone-insoluble polymer had a high molecular weight and a degree
of crystallinity (shown by X-ray diffraction) that was as high as the
crystallinity of poly(tert-butyl acrylate) polymerized with lithium or n-butyl
lithium® alone.

CONCLUSIONS
From the foregoing it can be seen that the polar monomer, fert-butyl
acrylate, can be converted to stereoregular polymer with a Ziegler-type
catalyst. The polymerization is reproducible, as shown in Table 4, and

Table 4. Reproducibility of results

g % of Mol. wt
monomer Percentage  polymer % Infra-red X-ray (viscosity
used conversion insolublein  ash absorption diffraction  agverage)
acetone x 10-8
3-48 97 75 03 stereo- crystalline 1-0
regular
3-48 96 73 o1 . stereo- crystalline 11
regular

there is a good yield of highly crystalline polymer with a high molecular
weight.

The authors wish to acknowledge the assistance of Mr J. Skogman in
the preparation of the monomer.

Polymer Chemistry Section,
American Cyanamid Co.,
Stamford, Conn., U.S.A. (Received May 1962)
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The Radiation Chemistry of
Some Polyamides. An Electron Spin
Resonance Study

C. T. Graves and M. G. ORMEROD

Electron spin resonance spectroscopy was used to study the nature, concentra-
tion and kinetics of disappearance of the free radicals produced in polyamides
by gamma irradiation at 77°K. At 77°K, two radical species predominated, one

of which has been identified as —CH,—CO—NH—CH—CHz—. At room

temperature the radicals decay leaving a more stable species which is probably

a radical stabilized on a radiation-induced double bond. G values for these

radicals have been calculated and the kinetics of their decay studied. We have

related our electron spin resonance data to the radiation chemical studies of

other workers. This has enabled us to present a scheme for the radiation-
induced reactions in polyamides.

ALTHOUGH chemical changes induced by ionizing radiation can be measured
using a variety of techniques—e.g. infra-red (ir) and ultra-violet (u.v.)
spectroscopy, viscometry, light scattering measurements and analysis of the
evolved gases—few definite conclusions have been reached about the inter-
vening mechanisms by which they occur. It is therefore of interest to
examine the unstable intermediates whose reactions give rise to the final
products.

If irradiation is carried out at a sufficiently low temperature, the free
radicals initially formed by the radiation are stabilized and can be examined.
Subsequent warming of the sample allows radical reactions to occur and
these can be followed by using electron spin resonance (e.s.r.) techniques.
This method has been used successfully with several polymers"*—in
particular, polyethylene®~°, polyvinyl chloride® %’ and polysiloxanes®.

We have used e.s.r. to investigate the radiation-induced free radicals in
a range of drawn and undrawn polyamides differirig in the number of
—CH,— groups between the amide groups. Radical identification has been
facilitated by studying the variation with the direction of the magnetic field
of the e.s.r. spectrum of an oriented sample. Our data have been related
to previous radiation chemical studies.

EXPERIMENTAL
An X-band, 400 kc/s modulation frequency spectrometer, which has been
described more fully elsewhere® ®, was used for the measurements at 77°K
and at 195°K. The room temperature measurements were made on a similar
X-band, 105 kc/s modulation frequency spectrometer which was built by
L. G. Stoodley of this laboratory. All spectra are shown as the first
derivative of the absorption intensity.

The polyamide samples were irradiated at 77°K in vacuo in glass tubes.
Their e.s.r. spectra were observed at 77°K without prior warming. They
were then warmed to room temperature and the decay of the free radicals
followed.
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Concentrations of free radicals were determined by numerical integration
of derivative curves and by comparison with the signal from a molybdenum
disulphide sample which had been calibrated against e,o’-diphenyl-8-picryl
hydrazyl. Radical concentrations are expressed as the number formed per
100 eV of absorbed energy. This is known as the G value.

The source of radiation was a 2 kilocurie *°Co vy source (dose rate =600
kilorad h-?),

The polyamides studied which were supplied by British Nylon Spinners
Ltd were nylons 6; 6.6; 6.8; 6.10; 11. Drawn samples of nylon 6.10; §;
6.8; 6.6; 7; were also used. These were placed in sample tubes in a random
fashion so as to avoid any orientation effects. For studies of radical
anisotropy an oriented sample of nylon 6.10 was mounted so that measure-
ments could be made with the magnetic field either along the fibre axis or

at right angles to it.
(a)/\\ (C)//-\—\
(b)//\\/d/ (d) /\/\\-Vf
206 206 \/\/

Figure I—E.s.r. spectra from some polyamides irradiated and studied at 77°K:
(a) Nylon 6.6 undrawn, (b) Nylon 6.6 drawn, (¢} Nylon 6.8 undrawn, (d) Nylon
6.8 drawn

——— Experimental
------ Synthesized

Figure 2—E s.r. spectrum of nylon 11 undrawn, irradiated and
studied at 77°K

RESULTS

After y irradiation to a dose of about 10 MR and observation at that
temperature, all the polyamides gave an e.s.r. spectrum which was stable
at 77°K. It consisted of a quartet with a hyperfine splitting of about 21
gauss and a superimposed singlet, the relative proportions differing accord-
ing to the specimen. There were also some weak lines in the wings of the
spectra indicating the presence, in low concentrations, of another type of
radical. Typical spectra are shown in Figure 1.
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It is possible to synthesize the spectra at 77°K by assuming gaussian
line shape, a line width of 13 gauss for the quartet, and a line width of
11 gauss for the singlet. This is shown for undrawn nylon 11 in Figure 2.
From the distances AA and BB marked in the figure the relative sizes of
the quartet and the singlet were estimated for all the nylons and hence their
relative areas could be calculated. These results are in Table I. It can be
seen that the only effect of drawing the nylons is to reduce the intensity
of the singlet. On warming to 195°K the weaker lines disappeared (Figure 3).

Table 1
NYLON GTOTAL GQUARTET GSINGLE’I‘
Undrawn
6 07 0-5 02
66 1:0 07 03
68 1-4 111 03
610 14 1-0 04
11 1-1 08 03
Drawn
7 11 09 02
8 1-0 08 02
66 13 11 02
68 1-5 13 02
610 09 08 01
(a)
{b)
206

Figure 3—E.s.1. spectra of two polyamides irradiated at
77°K and studied at 195°K: (a) Nylon 6.6 undrawn, (b)
Nylon 7 drawn

On warming the samples to room temperature, the quartet and the singlet
decay at different rates. At the same time a single broad line appears
(Figure 4). These spectra are similar to those reported by other workers® *°,

The overall radical decay at room temperature has only been plotted
for one sample—undrawn nylon 6.8—and is shown in Figure 5. In order
to compare relative radical stabilities in different samples, we plotted the
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(a

(b
©

(d)

(e

()

106

Figure 4—Room temperature (20°C) decay of the esr. spectrum of nylon 6.8

undrawn irradiated at 77°K: (a) After 2 min, (b) After 16 min, (c) After 150 min,

(d) After 455 min, (¢) After 1-44x10° min, (f) After 4-32X10° min, (g) After
1-73X 10* min

(=B = -
O _® O

Total G value

=)
5

<Q

N
T

x

1 \’&. !
10! 10° 10° 104 10°
(t+10) min

Figure 5—Total radical decay at room temperature (20°C) of nylon 6.8 undrawn
irradiated at 77°K
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decay of the outer lines of the quartet, since they are unaffected by
the singlet. The results of these plots are shown in Figure 6. Neither the
total radical concentration nor the quartet concentration showed a first or
second order decay. The scales used in the figures were adopted for con-
venience. Radical stability was about the same in all the polyamides.

3

x (a) - (¢)

(arb. units)

8 8

-]

Peak height
E o
O

?o‘ 102 10 10 10t 102 103 104 105

(1+10) min
Figure 6—Room temperature (20°C) decay of the outer lines of the
quartet in the es.r. spectrum of each polyamide irradiated at 77°K:
(a) X Nylon 7 drawn, O Nylon 8 drawn; (b) X Nylon 6.8 undrawn,
_ Nylon 6.8 drawn; () X Nylon 11 undrawn, C Nylon 6 undrawn;
(d) X Nylon 6.6 drawn, O Nylon 6.10 undrawn, A Nylon 6.10 drawn

RADICAL IDENTIFICATION
Unambiguous radical identification in solids is best made by studying single
crystals, and using the property that, while the hyperfine splittings due to
B-hydrogen atoms are isotropic with magnetic field direction, the a-hydrogen
splittings are markedly anisotropic'*. Similar studies can be made with
polymers by orienting them by cold drawing prior to irradiation, as has
been done with polyethylene®?.

Using this technique Gordy and Shields'® have studied the doublet found
in silk irradiated at room temperature. They concluded that the radical was
—NH—CH—CO—. Similar radicals have been observed in single crystals
of acetyl-glycine'* and glycyl-glycine!®. The only effect of the —NH—
group is a line broadening due to unresolved coupling with the **N nucleus.
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From these results it appears that the most stable radical species is that
adjacent to the amide group. This is an agreement with Burrell’s work!®
on polycrystalline amides studied at 77°K. It is therefore to be expected
that the radical

O H

|-
—C—N—CH—CH,—

will be found in irradiated nylon, and it seems reasonable to associate the

observed quartet with this radical since four lines would arise from

the unpaired spin coupling with the «-hydrogen and the two B-hydrogens.
(i) (if)

@) (a)

VN J\/V\Kf

I\ /\ \ EVAVERN
) " \/ \/ Y (d) \/J\r
VA
N WA /\\/,_ \/

° e

206 206 v'
Figure 7—E.s.1. spectra of an oriented specimen of nylon 6.10 irradiated at 77°K
and studied at different temperatures: (i) H parallel to the fibre direction, (i) H

perpendicular to the fibre direction; (ay 77°K, (b) 195°K, (c) After 2 min at 20°C,
(d) After 4 h at 20°C (e) After 11 days at 20°C

In order to check this radical identification an oriented sample of nylon
6.10 was studied. The spectra obtained after 1rrad1atmg at 77°K and viewing
at 77°K, 195°K and room temperature are shown in Figure 7. The change
in spectrum between 77°K and 195°K is irreversible and is probably due to
the decay of another radical spemes (perhaps —CHz—CH—CH —) present
in low concentration which gives rise to the previously mentioned lines
in the wings of the spectrum at 77°K. The lines that are to be expected
from a radical containing one - and two B-hydrogens are also shown in
Figure 7. These lines are calculated on the assumption that a S-hydrogen
gives a hyperfine splitting of 26 gauss and that an a-hydrogen gives a
splitting of 32 gauss when the fibre axis is parallel to the magnetic field
and 14 gauss when it is perpendicular. These data have been taken from
previous work on the radical —CH, —CH——CH — in polyethylene!®?7,
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The presence of the singlet in the centre tends to obscure the quartet
spectrum, but it can be seen that the experimental results agree with those
predicted. At low temperatures the lines which have been coupled together
in Figure 7 cannot be resolved from one another owing to their proximity
and to the large line width. At room temperature, with the magnetic field
perpendicular to the fibre axis, all the lines can be resolved. Our e.s.r.
data cannot distinguish between the radicals —CO—NH—CH—CH,—
and —CH,—CH-—-CO—NH—CH,— since both have one «- and two
B-hydrogens. However, Burrell’s work on substituted amides'® shows that
it is the hydrogen adjacent to the —NH— group which is usually removed.
We therefore assign the quartet to the radical —CO—NH—CH—CH,—.

The assignment of the central singlet is more difficult. It is not a radical
formed by scission of a ==C—H,==C—C=, or =N—H bond since any
such radical would couple with one or more hydrogen atoms, or, in the
case of —N—, with the nitrogen nucleus. The unpaired species is either
the result of a reaction of the polymer with hydrogen atoms formed by
irradiation or it is an ion. Since the singlet takes several hours to decay
at room temperature we think it unlikely that it arises from an ion. We
suggest that it is due to the addition of a hydrogen atom to the carbonyl
group to give the radical

O-

I
—CH,—CH—NH—CH,—

In most polymers with a carbon backbone, radiation forms vinylene
double bonds. With polyethylene and polypropylene it has been shown
that at room temperature radicals tend to become stabilized on these
double bonds to give a comparatively stable allylic radical®*®, It has been
suggested that the double bond —CO—N=—=CH— is formed in polyamides'®.
It seems probable that the broad stable singlet which is formed in irradiated
polyamides after standing at room temperature is the radical

o

I .
—CH,—C—N—CH—CH—CH,
which resonates with the structures
0

[
—CH,—C—N—CH=CH—CH,—
O

and

|
—CH,—C=N-—CH=CH—CH,

Any hyperfine splittings will be small owing to the extended conjugation
of the unpaired spin and will probably be smaller than the line width.
Hence only a single broad line will result. Similar broad lines have been
observed in highly irradiated polymers and have been assigned to polyene
radicals®,
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DISCUSSION

Comparatively few studies have been made of the radiation chemistry of
polyamides. Early workers were in disagreement as to whether they
crosslinked or degraded under radiation®**~?%, From later work it seems that
crosslinking and degradation occur simultaneously?'-*2,

Marjury and Pinner®® obtained a G value for the net number of cross-
links formed in polycaprolactum (nylon 6) of number molecule weight
20000 of 0-35. They also found that —NH, end groups are formed with
a G value of 0-6 while at the same time there is a decrease in the number
of carboxylic groups. If it is assumed that for every —NH, group formed
one main chain fracture occurs, one obtains a value of 06 for G
(degradation). With this value and assuming a random distribution for
the polymer, it can be calculated that G srosstinxsy =0"5.

Zimmerman® has studied the change in viscosity with radiation dose in
nylon 6.6 and in a 6.6/6/6.10 terpolymer of low crystallinity. He found
that the terpolymer crosslinked more readily and that temperature also had
a marked effect. From.these facts he suggested that degradation is due to
a radical reaction, such as disproportionation, and that it is difficult for
crosslinks to form in crystalline regions, probably due to the hydrogen
bonding.

Our e.s.r. data have shown the presence of radicals formed at 77°K with
a G value of about one. It is believed that in polyethylene crosslinks are
formed by the combination of two radicals and that the radicals meet one
another by a slow migration due to a hydrogen transfer reaction®®, i..
RH+R—> R-+RH. It is probable that radicals can migrate through
nylon in the same way. At room temperature there is no evidence for
radicals of the type —CH, —CH—CH,— which are to be expected if the
radicals are migrating. Since —CO—NH—CH is the more stable radical,

the reactions

—NH—CH— + —CH,—CH,— —> —NH—CH,— + —CH,—CH—

1y
—CH,—CH— + —CH,—CH,— — —CH,—CH,— + —CH,—CH—

@)
—CH,—CH— + —NH—CH,— —> —CH,—CH,— + —NH—CH—

(3)

will occur in order of difficulty (1) > (2) > (3), so that reaction (1) will
occur much less readily than the other reactions. The concentration of
—CH—NH—CH— radicals will be in sufficient excess to prevent the

observation of —CH —CH—CH radicals.
There is evidence that main cham fracture in polyamides is a radical

disproportionation reaction**. It has also been shown that —NH, end
groups are formed™. It seems that the main radical species present,
—CO—NH—CH—CH will react to give a chain fracture and an —NH,
group—possibly by a series of reactions of the type shown below

—CH,—CO—NH—CH—CH,— — —CH,—CO + HN=CH—CH,—
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(0]
I :
—CH,—CO + Polymer —> —CH—C—H + polymer radical ®)
HN—CH—CH,—CH,— — H,N—CH—=CH—CH,— ©)

If this scheme is correct, a chain fracture does not result in the destruction
of a radical—the number of crosslinks eventually formed will be

independent of the amount of degradation. ) )
Summarizing the above arguments we suggest that the following reaction
scheme takes place upon irradiating polyamides :

— CH,—CO—NH—CH,—CH,— **—>—CH,—CO—NH—CH—CH,—
+ H
#r—>CH,—CH—CH,— +H
+ a few other radicals
#+—>__CH,—CO—N=CH—CH,—

. + H,
2H—H, D
H-* -+ Polymer —> H, + polymer radical (H-* represents a ‘hot’ H atom)
' ®

o
N
H'+ —CH,—CO—NH—CH,— — —CH,—CH—NH—CH,— (9)

Radicals Zivrororionate fractures

or __mete crosslinks
or migrate __CHZ_CO_N-_—CH——.CH——CHz_

These reactions give G crossinks) = 3% G iradicats) = 0-5. The number of chain
fractures depends on the relative rates of the disproportionation reaction (4)
and the hydrogen transfer reaction (1). If the rate of reaction (1) is slowed
down then there is a greater probability that reaction’ (4) will occur, which
explains why it is more difficult to crosslink a more crystalline polyamide.
Temperature should also have an effect which will depend upon the relative
activation energies of the two reactions.

One might expect that the relative rates of the reactions (8) and (9) above
would depend upon the number of methylene groups between the amide
groups in the polymer, i.e. the fewer the number of amide groups, the

0'
fewer the number of —C—NH-— radicals formed. In practice this is not

H
found to be so. This might be because an insufficient range of polyamides
was studied.
Finally it should be noted that the radicals in these polyamides are
long-lived—on average it takes 160h at 20°C for the radical concentration
to be reduced by 95 per cent. If oxygen is let into an evacuated sample
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after irradiation it will react with any remaining radicals thus preventing
them from reacting with one another. This may account for some of the
discrepancies found by early workers®*~**, Any future studies on the
radiation chemistry of these compounds should allow for this effect.

CONCLUSIONS

A range of drawn and undrawn nylons with ratios of methylene groups to
amide groups varying from 5:1 to 10:1 when irradiated at 77°K gave
essentially the same radicals. It was not possible to obtain a simple
correlation between this ratio and the corresponding G values. The identi-
fication of the spectra was greatly facilitated by the study of an oriented
specimen, again demonstrating the value of this technique in polymer
studies.

The overall G values vary from 0-7 to 1-4. The e.s.r. spectrum consists
of two major components :

(a) a quartet due to the removal of a hydrogen « to the amide group, and

(b) a singlet which is probably due to hydrogen addition to a carbonyl
group, but whose interpretation is not certain,

There is also evidence of the existence of signals due to other radicals.

The singlet was less intense in the drawn samples than in the undrawn.

The radicals are stable at 77°K, and decay at room temperature at a
rate which is an order of magnitude slower than the decay of free radicals
in polyethylene®’. This confirms the view that a radical associated with
the amide group is more stable than an alkyl radical. During this decay
some of the original radicals become stabilized on radiation-induced
double bonds.

Previous work?* has shown that the final radiation-induced products
depend on the post-irradiation storage temperature. We believe this
to be due to the competition between disproportionation, which gives
rise to scissions, and migration which gives rise to crosslinks.

We wish to thank Professor A. Charlesby with whom we had several
discussions, Mr L. G. Stoodley who built the e.s.r. spectrometers, and
British Nylon Spinners Ltd who supplied the nylon samples.

Physics Branch,
Royal Military College of Science,
Shrivenham, Swindon, Wiltshire
(Received June 1962)
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Proton Magnetic Relaxation in
Polyamides

D. W. McCaLL and E. W. ANDERSON

Proton magnetic relaxation studies of three polyamides have been carried out.
Nuclear magnetic resonance relaxation times, T1 and Ts, have been measured
over a wide range of temperature and the transitions observed have been
correlated with dielectric and mechanical loss transitions. The low temperature
transition involves the entire specimen and is interpreted in terms of molecular
reorientations about the long chain axes. The high temperature transition is
associated with the onset of liquid-like motions in the non-crystalline regions.
Between 130° and 190°C it is possible to decompose the resonances into a
broad and a narrow component and to deduce a ‘rigid fraction’.

PROTON magnetic resonance in polyamides has been studied extensively by
workers in many laboratories. Therefore, it is disappointing that the
experimental characterization is incomplete and the interpretation in terms
of molecular mechanisms is in question. For example, we are not aware of
any exteasive study of T,, the spin-lattice relaxation time, as a function
of temperature or composition. Also, the decomposition of the resonance
into narrow and broad components (i.e. amorphous and crystalline, in the
usual discussion) is in dispute. In the present paper we shall present some
new data; specifically, T, versus temperature and some T, results at high
temperatures where resonance widths are difficult to measure. (Recall that
T,, the spin—spin relaxation time, is about equal to 1/v8H.) The transitions
observed will be correlated with dielectric and mechanical observations,
and molecular mechanisms will be proposed. In addition, we shall argue
that the resonances can be justifiably decomposed into two components
(at least above 130°C) and show how saturation measurements can be
used to support this contention.

EXPERIMENTAL

Most of the data were acquired by pulse techniques. The spectrometer
has been described in detail by Schwartz' but the transmitter described by
Schwartz has been replaced by an Arenburg Ultrasonic Laboratory pulsed
oscillator. A new probe has been constructed entirely of Teflon, and heating
or cooling is accomplished by means of flowing nitrogen gas. This probe
was machined from two Teflon blocks and is constructed such that the
conditioned nitrogen passes up past the specimen tube and then down
through an outer jacket which nearly surrounds the inner chamber. With
this double jacket arrangement we have covered the temperature range
—185° to +300°C.

This spectrometer is not ideally suited to the study of resonances in
solid materials. The receiver takes about 20 usec to recover from the
transmitter pulse and thus signals that decay in this period cannot be
observed. We take T,=t,,,/In2 where ¢,,, is the half-time of the decay
observed after the receiver has recovered. This procedure ties in with steady
state results fairly well; T,=2/y8H where SH is the steady state (peak-to-
peak derivative) resonance width. Figure I shows a typical decay following
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Nylon
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47°C
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Receiver
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Figure 1-—Decay tail for the Nylon terpolymer at 47°C.
A 90° pulse (~2'5 wsec duration) begins at the first
division mark. The receiver is saturated for about 20 psec
and then the nuclear signal appears after the third division

t (10 psec/div) —»

mark

Nylon
terpolymer

-33°C
No180° pulse

@L&Mﬁg

180° -90° pulse
Time=0-12sec
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Time=0-20 sec
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Figure 2—Decay tails for the Nylon terpolymer at —33°C.
The 90° pulses (~~2'5 psec duration) begin at the first
division marks. The receiver is saturated for about 20 usec
and then the nuclear signals appear after the third division
marks. In the first trace there is no 180° pulse, ‘In the
middle trace the 180° pulse precedes the 90° pulse by
0-12 sec and in the bottom the 180° pulse precedes the

90° pulse by 0-20 sec
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a 90° pulse (duration ~2-5 usec). The time scale is 10 usec/division and
the pulse is marked by the spot on the baseline at one division. The receiver
is saturated for the next 20 usec and the nuclear signal appears following
the fourth division mark. T, here is approximately 9/0-692 ~ 13 usec.

To measure T, a 180° pulse is applied at time ¢ before the 90° pulse
and ¢ is adjusted until the decay tail disappears. Then T, =t,,u/In2.
Figure 2 shows a typical case. At the top we see the 90° tail. In the two
lower traces we see the same tail but the 90° pulse has been preceded by
a 180° pulse. For this case #u==0-12 second and T, =0-17 second.
It is sometimes apparent that the specimens exhibit a distribution of Ts
but the differences are smalil, and we have not investigated this effect in
detail.

The low temperature resonance widths were taken from the earlier study
of Slichter? for Nylon 6-6 and Nylon 6-10. The terpolymer was not studied
by Slichter. This material was measured by standard techniques employing
a Varian variable frequency spectrometer operated at 15 Mc/s.

Steady-state saturation studies were carried out above 100°C. A Varian
DP60 spectrometer was employed, together with a modified variable tem-
perature probe. Details of this probe were kindly made available to us by
Professor P. R. Shafer, Dartmouth College. This temperature region (i.e.
above 100°C) is believed to be favourable to the decomposition of the
resonance into a broad and a narrow component. The r.f. field (H,) was
calibrated by subsequent measurement of 7, and T, by pulse methods.
With no attenuation, H, ~ 0-1 gauss.

The materials, Nylon 6-6, Nylon 6-10, and the terpolymer (consisting
mainly of Nylon 6-6 co-polymerized with Nylon 6-10 and Nylon 6) are
du Pont products. The same polymers were previously studied in an
investigation of dielectric behaviour®. The specimens were conditioned
under vacuum for 24 h at about 100°C and then sealed under vacuum.
This drying treatment is similar to that employed earlier in the dielectric
study. When the specimens are heated through the melting point, they foam,
darken slightly, and on subsequent cooling, usually break their glass tubes.
We have not studied this foamed material extensively, but it would appear
that some sort of irreversible change has occurred on melting.

PROTON RELAXATION TIMES

The spin-lattice relaxation time, T, and the spin-spin relaxation time, T,
are expected to behave in the following way*. At low temperatures T, is
very short and independent of temperature whereas T, is very long and
dependent upon temperature. As the temperature is raised the molecules
begin to move and, when the molecular correlation time, =, is roughly
equal to T, (i.e. the low temperature T,), T, begins to increase with
increasing temperature. T, continues to decrease with increasing tempera-
ture until 7. ~ 1/, where o is the angular resonance frequency (i.e. 27v).
T, will be at a minimum at this temperature and will increase on further
heating. When r, is very short, as in a mobile liquid, T, ~T,.

In the polyamides studied in this work we observed two T, minima and
at least two (and probably three) regions of increasing T,, see Figures 3, 4
and 5. We shall try to identify these features with transitions observed by
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dielectric and mechanical techniques and interpret the transitions in terms
of molecular motions. As will be seen, the identifications with previous
measurements are easy and satisfying whereas the molecular interpretations
are less definite.

Figure 3 shows the temperature dependence of T, and T, for Nylon 6-6.
(When a distribution of T,s is present, our technique sees mainly the longer
times.) T, begins to increase just above —200°C and continues to increase
gradually until the temperature has reached 50°C. This increase in T,
must be associated with the T, minimum at 20°C. T, then increases rather
abruptly between 50° and 120°C and a T, minimum corresponding to
this increase is observed at 155°C. (Two sets of data representing different
specimens are shown in the high temperature portion of Figure 3.) Finally,
T, increases further above 200°C but no T, minimum is detected.

Figure 4 shows similar results for Nylon 6-10. T, increases from its low
temperature value gradually and a corresponding 7, minimum is observed
at 17°C. Then a rather abrupt increase in T, occurs, beginning at about
50°C, with a corresponding T, minimum appearing at 150°C. Finally, T,
increases sharply above 200°C but no T, minimum is observed. The prin-
cipal difference between the results for Nylon 6-6 and Nylon 6-10 is to be
seen in the T, plot near 150°C. T, is almost constant in this region for
Nylon 6-6 but continues to increase in Nylon 6-10.
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Figure 5 shows similar results for the terpolymer. Again we see the
gradual low temperature increase in T, and the associated T, minimum
near 10°C. This is followed by a relatively sharp increase in T, between
40° and 150°C and the corresponding 7, minimum occurs at 140°C.
T, increases relatively more slowly between 150° and 230°C but no
associated T, effect is observed. The terpolymer appears to melt in the
neighbourhood of 140°C.

In view of the obvious similarities between Figures 3, 4 and 5 a single
discussion should suffice. The low temperature transition has been observed
by several workers and has been designated as the v transition. Recalling
that the frequency of molecular motion must be equal to the resonance
frequency at the temperature of the T, minimum, we can predict this
temperature on the basis of the dielectric loss data. Table I shows a
comparison based on Curtis’s® data. The agreement is excellent.

Similarly, the higher temperature transition beginning at about 50°C has
been observed by a large number of workers. It seems clearly established
that only the amorphous regions of the polymers are involved®s. This
transition is sometimes designated the « transition. Again, dielectric loss
data can be used to predict the temperature of the T, minimum and these
predictions, based on the data of McCall and Anderson®, are given in
Table 1. The agreement is quite good.
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Table 1. Temperatures of 71 minima

Polymer Observed Predicted
OC OC
Nylon 6-6 20 35
Nylon 6-6 155 157
Nylon 6-10 17 23
Nylon 6-10 150 158

If the transition phenomena could be characterized properly by a single
molecular correlation time, one could analyse the temperature dependencies
of T, and T, in terms of activation energies. Such an analysis yields 1 to 2
kcal/mole for the low temperature process and 7 to 8 kcal/mole for the
high temperature process. These activation energies are much too small for
reasons discussed by Powles®; a distribution of correlation times leads to
low results. The dielectric data yield about 10kcal/mole for the low
temperature process® and about 40 kcal/mole for the high temperature
process®. A valid estimate of the activation energies from proton resonance
measurements could be made if T, minima were measured at various
frequencies.
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The increase in T, observed above 200°C in Nylons 6-6 and 6-10 is
associated with the crystalline melting transition. The absence of a T,
minimum could be the result of the discontinuous change in correlation
frequency which is expected at a first order transition. However, the
continuity of the T, curve through this region suggests a continuous
change in correlation times. A 30 per cent increase in resonance intensity
occurs at about 245°C for Nylon 6-6 and about 230°C for Nylon 6-10
indicating that below these temperatures the resonance tail from the
crystalline regions has decayed considerably before our receiver has
recovered from the pulse. Thus, the T,s and T.s shown in Figures 3, 4
and 5 at high temperatures refer predominantly to the non-crystalline parts
of the samples and are only indirectly affected by the melting transition.
(The increase in intensity is about 25 per cent for the terpolymer and is
observed near 130° to 140°C.)

Yet another transition is observed dielectrically near room temperature
at 10 kc/sec but no evidence of this relaxation process is observed in the
proton resonance curves presented here, Curtis® has shown that this tran-
sition is caused by a small residual concentration of water (less than 1 per
cent) and thus we would not expect to detect this transition. This is a
good example of a process for which the dielectric techniques are much
more sensitive than resonance techniques.

RESONANCE DECOMPOSITION

Several years ago Wilson and Pake” made the important observation that
in favourable circumstances one can measure the degree of crystallinity by
means of nuclear magnetic resonance. In the polyamide systems, however,
the procedure has not been generally accepted. In this section we shall
examine this problem and argue that decomposition of the resonance into
two components is sensible. For this discussion we shall employ the
terminology of steady-state resonance.

In applying the Wilson—Pake treatment it is important that the crystalline
material exhibit as broad a resonance as possible while the amorphous
material exhibits as narrow a resonance as possiblé. Linear polyethylene
and Teflon are good examples of this type of polymer; the amorphous
resonances are quite narrow while the crystalline resonances exhibit their
rigid lattice widths. In polyamides, on the other hand, both components
of the resonance have narrowed during the low temperature transition, and
we must separate the amorphous curve from a crystalline resonance that is
only about half its rigid lattice width. We expect that the temperature
range above the « transition but below the onset of melting will be best
suited to our purposes.

Figure 6 shows a series of resonance derivative curves for Nylon 6-6 at
various r.f. field intensities at 110°C. From the saturation behaviour it is
apparent that the broad portion of the spectrum saturates at much higher
levels than the narrow portion. We interpret this to demonstrate that the
observed signal is a superposition of two resonances. Mobile regions in
the polymer are associated with the narrow resonance and relatively rigid
regions of the polymer are associated with the broad resonance. Decom-
position of the resonances (indicated by dashed lines in Figure 6) is
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Figure 6—Resonance derivative curves for Nylon 6-6 at
110°C at various r.f. levels

Table 2
Rigid fraction Rigid fraction Crystallinity
Polymer (n.m.r), % (diel.), % (dens.), %
Nylon 6-6 60 70 53
Nylon 6-10* 55 — 36
Nylon 6-10* — 70 60

*The Nylon 6-10 samples differed in density, 1‘11 in the dielectric studies and 1:08 in the present studies.

admittedly an intuitive operation but the intensity ratios deduced are not
significantly affected by varying the shape of the decomposition curve.
The method employed here leads to maximum ‘rigid fractions’. The ‘rigid
fraction’ is computed as the ratio of the first moment of the broad derivative
curve to the first moment of the total derivative curve. At each temperature
we measured a series of curves and extrapolated the apparent ‘rigid
fraction’ (which we sometimes call ¢) to low r.f. level. This is important.

‘Rigid fractions’ for Nylons 6-6 and 6-10 are plotted as functions of
temperature in Figure 7. It is seen to decrease with increasing temperature,
level off near 130°C, and decrease again above 190°C. The plateau ‘rigid
fraction’ is about 60 per cent for Nylon 6-6 and 55 per cent for Nylon 6-10
and these are compared with ‘degrees of crystallinity’ computed from room
temperature densities® (1-15 for Nylon 66 and 1-08 for Nylon 6-10) in
Table 2. ‘Rigid fractions’ computed on the basis of dielectric relaxation
measurements® are also included.
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Figure 7—Rigid fraction’ for Nylons 66 and 6-10 as a
function of temperature

We suggest that there is a non-trivial correlation between ‘rigid fraction’
and crystallinity as determined from the density. The plateau region of
Figure 7 suggests that the temperatures of melting and the « transition
are sufficiently different that the association of the ‘rigid fraction’ with the
degree of crystallinity is sensible. Only a rough correlation can be supported
and even this is a controversial matter. The problem has been discussed
previously® *°.

It is of some interest to consider possible reasons for the fact that
resonances of polyamides have not been decomposed by a number of
previous workers. First of all, as noted above, the situation is difficult
owing to partial narrowing of the broad component. Secondly, only recently
has instrumentation been available which offers adequate signal to noise at
modulation levels that do not broaden the narrow component artificially.
Thirdly, the dielectric data that were helpful in choosing a favourable
temperature range are of recent origin. Illers and Kosfeld* decomposed
their curves in the same manner as we have used here. However, Jones'?
states that such a decomposition is not indicated by his data. The highest
temperature curve reported by Jones was taken at 105°C, and this is at
the low end of the range that we consider reasonable for decomposition.

MOLECULAR INTERPRETATION

The low temperature relaxation has been discussed in detail by Curtis®.
Both mechanical and dielectric loss maxima are observed. Curtis states
that the mechanical and dielectric relaxation times do not match exactly*.
The slight mismatch in absolute values can be explained as follows, The
frequency of maximum loss, either dielectric or mechanical, is the macro-
scopic relaxation frequency. This is related through a theoretical model
to the molecular correlation frequency by a factor of order unity. It would
not be surprising if this factor were different for the various experiments.
Figure 8 is a composite Arrhenius plot (for Nylon 6-6) composed of

*Curtis* also states that the dielectric activation energies are about 13 kcal/mole for the low temperature

process compared with 9 kcal/mole as found by mechanical studies. More recently Curtis has stated
that this discrepancy was the result of a computational error and both methods yield 9 kcal/mole
(private communication),
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dielectric and mechanical frequencies of maximum loss and magnetic
resonance points deduced from the 7, minima*,

T, increases by about a factor of two during this low temperature
transition which suggests strongly that the chains begin to reorient about
their long axes. This is probably an activated motion consisting of rapid
reorientation between potential minima. The correlation frequency is the
number of reorientations per second. We cannot say what the explicit
reorientation mechanism involves; we only know that motion does occur
at the average correlation frequency. Proton resonance does make it clear
that the entire specimen is involved and is consistent with the model that
allows reorientation about the long chain axes onlyt.
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The high temperature relaxations with T, minima in the neighbourhood
of 150°C correspond to dielectric and mechanical loss processes studied
by many workers. Activation energies are greater than 40 kcal/mole and
the process is definitely associated with only a portion of the specimens.
We interpret this transition as a glass transition in the amorphous regions.
In other words the molecules simply change their average rate of motion
continuously as the temperature is changed. There is no abrupt change in
order and above the transition the amorphous material can be considered
to be a viscous liquid. The presence of crystalline material will obviously
affect the molecular freedom in the amorphous regions. The increase in 7,
observed at high temperature is interpreted as the effect of crystalline
melting on the mobility of molecules in the amorphous regions. Motional
processes occurring in the crystalline regions have been discussed in detail
by Slichter® .

The molecular motions signalled by the resonance narrowing above
50°C must be quite general as local magnetic fields must be averaged to
less than one per cent of their rigid lattice values in times of the order of

*The data exhibited in Figure 8 were drawn mainly from the literature® *'*. Primary references are
given in Curtis’s paper®.
Dr D. Hyndman has suggested that studies of drawn fibres could do much to characterize the motion.
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milliseconds*®. It is difficult to conceive a specific motion that would be
capable of such complete averaging. T, does not change drastically on
passing through the melting point so we suggest that the motions of
molecules in the amorphous regions are similar to motions of molecules
in the liquid phase.

The use of the term glass transition to describe the « transitions is open
to question. Our tentative molecular interpretation is the same for
amorphous transitions in either semi-crystalline or glassy polymers but
further investigation is needed.

We are indebted to Drs D. C. Douglass and W. P. Slichter for extensive
aid in connection with the development of this paper. We have profited
from valuable discussions with Drs D. Hyndman and W. Q. Statton. We
are indebted to Dr Paul McMahon for pointing out an error that existed
in our original manuscript.

Bell Telephone Laboratories Inc.,
Murray Hill, New Jersey, US.A.
(Received June 1962)
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Intermolecular Forces
and Chain Flexibilities IV—Internal
Pressures of Polyethylene Glycol in the
Region of its Melting Point
G. ALLEN* and D. SiMst

Experimental support for the suggestion (Part III), that the freezing-in of chain

conformations is a major factor contributing to the low values of internal pres-

sure found in polymeric glasses compared with the glass transition regions for

corresponding rubbers, is advanced as a result of tests on a commercial sample
of polyethylene glycol. The reliability of the results is considered.

In parT III' it was shown that the internal pressure (P;) of a polymeric
glass is much lower than the value observed in the glass transition region
for the corresponding rubber. It was suggested that the freezing-in of chain
conformations is a major factor contributing to this behaviour and this
contention was supported by an analysis of a crude lattice model. Experi-
mental support for this hypothesis can be obtained from studies of
crystalline polymers since there is also a transformation from rigid to
mobile chains on melting and thus a corresponding increase in P; is to be
expected.

A commercial sample of polyethylene glycol (carbo-wax 1540; M, =1 500)
was selected for this study because it is highly crystalline at room tem-
perature and melts conveniently at ~ 50°C to give a mobile oil. Before
use, the sample was refined by zone meltingi and two consecutive sections
cut from the purified end of the fused rod were retained for further investi-
gation. The first specimen was studied in an apparatus previously
described’ 2, coefficients of thermal pressure v,=(oP/oT), and thermal
expansivity being measured over the range 0° to 80°C. The second specimen
was studied at the Explosives Research and Development Establishment
using an apparatus in which the coefficients of thermal expansivity and
isothermal compressibility were measured below the melting point. The
thermal histories of the specimens were changed by melting and recasting
them at different rates of cooling. Unfortunately, rapid rates of cooling
could not be used because quenching invariably led to the formation of
cracks and voids in the crystalline rods. In each experiment the transition
was approached from lower temperatures. The results are summarized in
Table 1 and Figure I; the values of P; are estimated to be accurate to
+ 2 per cent above and + 3 per cent below the melting point.

The reliability of the data may be judged from the fact that above the
melting point our data compare well with the results reported by Malcolm

*University of Manchester.
tMinistry of Aviation.
$Kindly performed by Dr J. H. Beynon and his colleagues, I.C.I. Dyestuffs Division, Blackley, Manchester.

105



G. ALLEN and D. SIMS

O\
[} \O\
£ n & o~
&M ® o PP~ g
e -~
(9]
1001
[\ o 8; Measured directly
o y, Measured directly
80|~ " ¢ ref. 3
Melting range
P J L —0
| 7 ] I L i ! J
%0 0 20 40 60 80
T °c

Figure I—Internal pressure of polyethylene oxide

Table 1. Physical constants of polyethylene glycol 1 540*

0 4 -1 10° B Yo

e 10% a deg atm A atm/deg

03 2-53 10:0

97 2:54 98
10-01 2:54 2:73 ©9-0)
15-01 277 2-96 9-4)
2001 328 2-82 (11-2)
33-5¢ 15-4
4201 151
514 828 154
575 826 14-8
61-0% 143
652 825 142
6801 13-8
704 824 137
78-5 §:22 132

*Melting range 25° to 50°C.
1By measured directly.
$Malcolm and Ritchie’s data recalculated using our values for ..

and Ritchie®* for a polyethylene glycol of similar molecular weight. In
view of the fact that these latter measurements were made in a simpler
cell in which mercury was not used as a containing fluid and hence no
correction for its dilation was required, the agreement is very satisfactory.
Malcolm and Ritchie also report data for the supercooled melt showing
that P; is not markedly temperature dependent in accordance with normal
trends? observed in liquids and rubbery polymers. However, our data show
that crystalline polyethylene glycol has a much lower internal pressure,
as predicted above.

There is, admittedly, some scatter in our data obtained below the
melting point and this is probably due to slightly different degrees of
crystallinity induced by the various thermal histories of the specimens and
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to slight differences in the composition of the two sections originally cut
from the fused rod. Nevertheless there is a significantly large increase in
P; on raising the temperature of the specimen through the melting region.
The magnitude of the increment is somewhat larger (AP; = 60 cal/cm?)
than for polyvinyl acetate in its glass transition region (AP; ~= 40 cal/cm?®).
This is due mainly to the higher internal pressure of the polyethylene glycol
melt relative to that of rubbery polyvinyl acetate. In fact the internal
pressures of crystalline polyethylene glycol and the two glasses (polyvinyl
acetate and polymethyl methacrylate) previously studied are very similar,
with P,=65 +5 cal/cm®.

One of the authors (David Sims) thanks the D.S.I.R. for the award of a
research studentship during part of the work. Dr Malcolm’s kindness in
forwarding unpublished data is also acknowledged.
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Ministry of Aviation,
Explosives Research and Development Establishment,
Waltham Abbey, Essex
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Gas Discharge Etching as a New Approach
in Electron Microscopy Research into
High Polymers

B. J. SeiT

Fragments of the cellulose fibres Fortisan and Fiber G were etched in a low

voltage gas discharge. The transverse striation obtained is discussed. Two

samples of high impact polystyrene were also etched. The differences in impact
resistance can be correlated with the electron microscopy image.

RECENTLY in several papers attention has been drawn to the possibility of
etching in a low voltage gas discharge. Jakopic' has used a high frequency
discharge in oxygen and has described some results on latex particles and
filler material in rubber. Spit® used a direct current supply for the discharge
and has given some.results obtained with different gases on cellulose
material. Anderson and Holland®, working with a discharge in argon,
reported a cross striation on nylon fibres, while Dlugosz* applied this
method in an investigation showing two components in a high polymer
mixture, Harris and Magill’>, Keller* and Moscou’ have also used gas
discharge etching for thinning thick specimens.

The growing interest in this method makes a more detailed discussion
of our previous results valuable. New investigations carried out on the
regenerated cellulose fibres Fortisan, Fiber G and a preliminary result
with high impact polystyrene have given a better impression of the
applicability of this method.

MATERIALS AND METHOD

The materials used in this investigation were the cellulose fibres: Fortisan*,
Fiber G, and a core skin yarn. Further we studied two samples of high
impact polystyrene. These samples originate from different manufacturers
and have respectively a high and low impact value. Thin transverse sections
of the fibres, embedded in Araldite, were cut on a Reichert microtome with
a diamond knife (51°). The polystyrene samples were cut without
embedding. The sections were etched in oxygen in a direct current discharge
on the anode side and shadowed with platinum or tungsten oxide.

Only in a few special cases were we able to get longitudinal sections.
Mostly they were rather thick and not fully expanded.

Fortisan and Fiber G were also disintegrated in a Biihler homogenizer.
Fibrillar fragments were mounted on a carbon coated grid and etched. The
etch apparatus used and the circumstances during etching have been
described®.

*Fortisan was kindly supplied by Professor K. Hess of the ‘Eiweisz und Mehlinstitut’, Hannover, Germany.
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RESULTS WITH CELLULOSE FIBRES
After etching, transverse sections of regenerated cellulose fibres show that
the surface has been partly etched away. The surface has obtained relief
as shown in Figures 2 and 3, for Fortisan. This fibre contains many
irregularly shaped voids. Figure 3 is a positive printed micrograph hence
the fibre appears against a black background of surrounding Araldite, the
voids in the fibre show up as white spots. Figure 2 is a negative printed
micrograph and hence voids in the fibre appear as black dots in it and the
embedding medium (at the bottom left hand corner) is white.

After etching, the cellulose material between the voids has split up.
This means that there is a different sensitivity of the cellulose material with
respect to the ion bombardment.

As will be discussed below we have correlated this with the amorphous
and crystalline state of the material which makes up the fibre. Previously
we already made it clear that the etch pattern obtained is a function of
the duration of etching. Now we have found that the etch figures also vary

Figure 1—Portion of an etched trans- Figure 2—Portion of an etched trans-
verse section of a core skin yarn. verse section of Fortisan. Shadowed with
Shadowed with tungsten oxide tungsten oxide

with the type of fibres, which is demonstrated in Figure I for a core skin
yarn as compared with Figure 2 for Fortisan. Figure 1 is also a negative
printed micrograph. At the bottom left hand corner in this figure one sees
the porous core material surrounded by a densely packed skin layer. The
black and white areas at the top of the picture are respectively a hole in
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the section and the embedding material. The etch pattern from core and
skin as well as that of Fortisan differ. These phenomena lead to the
conclusion that the etch pattern is typical of the submicroscopical structure
of the fibre. As many fibres have obtained an axial orientation in accordance
with their stretching during manufacture, we can expect that the etching
of longitudinal sections will yield more interesting. results,

Figure 3—Transverse section of Fortisan embedded in
Araldite

- ulm

Figure 4—Etched longitudinal section of a core skin yarn. Arrow indicates
fibre axis
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Attempts in this direction suceeded only seldom. With the core skin
yarn we got a picture like Figure 4 (negative print). Here again the core
has a coarser texture than the skin. To solve the problem of cutting good
longitudinal sections we decided to disintegrate the fibres in a homogenizer.
This was done with the fibres Fortisan and a third fibre known as Fiber G.
After having etched the fibre fragments we observed a cross striation as
shown in Figures 5 and 6; the arrow in the figures indicates the fibre axis.
These etch patterns are totally different from the etch pattern obtained in
the longitudinal section of the core skin yarn in Figure 4. In a previous
publication we showed that, after etching, microfibrils of native cellulose
split up into lumps at more or less regular distances. If these lumps are

X
4

Figure 5—Blendered microfibrils of Fortisan after etching Figure 6—Blendered
in a gas discharge six minutes at 3 mA. Arrow indicates microfibrils of Fiber
fibre axis G after etching in a

gas discharge. Arrow

indicates fibre axis

laterally located we get a cross striation in bundles of microfibrils. The
same is visible in the fibre fragments of Fiber G (Figure 6) and Fortisan
(Figure 7). It is pointed out that these micrographs are reminiscent of
the diagram given by Hess et al.® about the sequence of amorphous and
crystalline parts in regenerated cellulose fibres. In view of this diagram,
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based on iodine-stained Fortisan, it is of particular interest to measure the
distances between these lumps.

Emphasizing that we have used the same Fortisan material, measure-
ments for this fibre in Figure 5 give values ranging from 300A to 700A.
In other fragments a basic periodicity of about 1000A remains as in
Figure 7 (arrow indicates fibre axis). The shadow on the edge of the fibre

Figure 7-—Fragment of blendered Fortisan after gas discharge etching.
Arrow indicates fibre axis

fragment in the upper left hand part of the picture is smaller than the
one in the lower part. This means that the fragment is not lying absolutely
flat on the substrate. This causes a different appearance of the upper and
lower parts of the micrograph. The flat upper part shows a fairly regular
structure. The relationship necessary between the etch figures obtained
in the transverse (Figure 2) and longitudinal plane (Figures 5 and 7)
of the Fortisan fibre is discussed further on. It is noted here that all our
pictures of Fortisan and Fiber G leave no doubt as to the microfibrils
possessing an axial and a lateral orientation, the latter extending over
reasonable areas.
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RESULTS WITH HIGH IMPACT POLYSTYRENE®
In high impact polystyrene, a mixture of polystyrene and rubber, it is
interesting to know in which manner the two polymers in this material
occur. Therefore we chose a sample (1) with a high impact and a sample
(2) with a low impact value, from different manufacturers. The results are
a remarkable example of valuable information to be gained from the
application of electron microscopy.

Figures 8 and 9 are positive printed micrographs of sections cut from
both samples. A very smooth picture without structural details was obtained,
especially in the case of Figure 9. Sample 1 in Figure 8 demonstrates a
large island 2-5u long lying in a matrix.

Figure 8—Section of high impact poly- Figure 9—Section of high impact poly-
styrene. Sample 1 styrene. Sample 2

This island is filled up with a number of small particles. Figure 10
(reversed-printed) shows a part of such an island after gas discharge
etching for comparison with Figure 8. The particles in the island are now
more conspicuous, as the material surrounding them is partly etched away.
Obviously there is a selective attack. The main matrix surrounding the
island and the particles in the island are more resistant to the gas discharge
than the material surrounding the particles in the island. On the basis .of
these data we may conclude that in this sample polystyrene particles are
surrounded by rubber and form an egg-shaped body (the island). This body
in its turn is embedded in polystyrene. On impact a shock wave travelling
through this material will be damped by these islands.

With sample 2 we got the Figures 9 and /1. Figure 9 shows dispersed
white blobs which correspond with the black globules in the reversed-
printed Figure 11. In this last figure these globules, about 0-2 u in size,
are partly etched away. The rubber must be localized in these small

*Carried out in collaboration with Dr J. Isings of the Central Laboratory T.N.O., Delft.
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globules. It is clear that these individual rubber globules embedded in
polystyrene give little damping, as the shock waves run between the rubber
globules.

Finally these micrographs demonstrate that the two materials went
through different manufacturing processes.

To confirm the explanation given of the impact properties further work
is being prepared.

DISCUSSION
The effects of attack obtained by etching in a gas discharge with oxygen
are totally different in the two cases. The etching of cellulose can be
described as the corroding action as effected by active oxygen in relation
to local differences in physical modifications, whereas with impact poly-
styrene the way corrosion acts depends on the various chemical components
of the material. The attack on cellulose can be related to ordered or
‘crystalline’ and unordered or ‘amorphous’ parts in the axial direction of

Figure 10—Section of high impact poly- Figure 11—Section of high impact poly-
styrene. Sample 1 after gas discharge styrene. Sample 2 after gas discharge
etching. Shadowed with platinum ' etching. Shadowed with platinum

microfibrils. Furthermore it seems reasonable to believe that the crystalline
parts are more stable under bombardment.

Looking at the etched fibre fragments of Fortisan and Fiber G (Figures
5 and 6) the material left there represents the crystalline fraction, extending
laterally to several hundred Angstrom units. Considering the surface of a
transverse section of Fortisan (Figure 2) it is obvious that amorphous and
crystalline regions occur in the surface of this section. These regions have
the same dimensions as the lateral ordered crystalline parts. In agreement
with this, one sees in Figure 2 that the material between the voids is split
up into points and ‘threads’.
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It is noted that the etch figure obtained is a function of the difference
in the speed of etching as related to the amorphous or crystalline nature
of the material. Secondly by stronger etching the attack could be extended
beyond the first layer of amorphous or crystalline material. Lastly it is
possible that the section is not cut fully normal to the fibre axis and in
view of the inexact alternation of crystalline and amorphous parts, the
etch figures become very complicated and craters can be formed.

In the micrographs of Hess et al.® of iodine-stained Fortisan, clearly
depicted repetition of the stained zones can be observed and hence
measured. Our measured distances between the lumps in Figure 5 do
not agree with the measurement in Hess’s pictures.

Dlugosz and Michie® have discussed the appearance of elongated particles
after ultrasonic irradiation of acid-swollen Fortisan. These authors found
particle sizes compatible with those of Morehead'®, namely length 334 A
and width 50A. It is striking that our remaining lateral ordered parts
(Figure 7) have the same width as the length of these particles (denoted in
Figure 7). This bears out the opinion of Dlugosz and Michie that the
particles exist before acid treatment. Both experiments make it probable
that these particles form a basic structure of the fibre. Between this structure
smaller more or less ordered areas can be seen to occur here and there
in Figure 5. After acid treatment these smaller areas are dissolved and the
larger lateral ordered areas split up into the smallest microfibril dimension
of 50A. This construction makes it understandable that Fortisan after
blendering splits up into ribbon-shaped fragments. Both acid-swollen
and gas-discharge etching experiments tend to the Hess—Kiesig model for
the fibres Fortisan and Fiber G.

Finally Anderson and Holland®, working with a discharge in argon,
found in drawn nylon 6.6 fibres a structure perpendicular to the axis of draw.
We believe that this structure too can be explained as lateral ordering
from etch-stable areas in the fibrils.

I am indebted to S. C. van der Knaap and Miss T. ter Lintel Hekkert
for their help in carrying out the experiments.

Technical Physics Department T.N.O. and T.H.
Microstructure Section,
Delft, The Netherlands

(Received June 1962)
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The Crystallization of Polydecamethylene
Terephthalate

A. SHARPLES and F. L. SwiNTON*

A study has been made of the crystallization of polydecamethylene terephthalate
at various temperatures. The interpretation of the results is uncomplicated by
the presence of any detectable secondary stage but the process nevertheless
shows several unusual features. First, although the majority of the crystalliza-
tion conforms to an Avrami relation, the values of the exponent, n, are
fractional, whereas current theory requires integral values. Secondly, an addi-
tional process intervenes towards the end of the crystallization to cause a
decrease in the normal rate. It is possible that this is related to an observed
decrease in the nucleation rate. Finally, a pronounced change in behaviour
takes place about 15°C below the melting point causing a 30 per cent decrease
in the density change during crystallization to occur for a temperature lowering
of only 0-5°C. The kinetic behaviour also changes on passing through this point.

IN GENERAL, the crystallization of high polymers is considered to involve
the formation of nuclei in the supercooled melt, foliowed by the growth
of these centres to form rods, discs or spheres. The decrease in volume of
the system resulting from the formation of the more dense, crystalline
phase, can be related to time by an equation of the form*~®
Vi—V)/(V,—V)=exp (-2 o))

where V' is the volume of the system at time ¢, z is constant for a given
temperature, and # is an integer having a value of 1, 2, 3 or 4. Usually a
process referred to as secondary crystallization® intervenes to complicate
the interpretation of the data, and although methods have been proposed
to allow for this effect’, it was considered desirable to study the behaviour
of a polymer where it is absent, especially in view of the fact that recent
results on polyethylene® have indicated that the integral values of n
predicted by existing theory are not always obtained.

Polydecamethylene terephthalate shows no detectdble secondary crystal-
lization, and an account of its behaviour is given below.

EXPERIMENTAL
Materials

The polymer was prepared by the method of Flory, Bedon and Keefer®.
The equilibrium melting temperature obtained by dilatometry using slow
(1°C/24 h) rates of heating was found to be 137-5°C, in good agreement
with Flory’s value of 138°C, although the values of 0-968, cm®/g for the
specific volume of the liquid polymer at 150°C is in rather poor agreement
with that of 0-956 cm® /g quoted by Flory.

The melt viscosity of the liquid polymer was measured at 255°C and
was found to be 740 poise. According to Flory et al® this indicates that
the number average molecular weight is greater than 10 000, and that the
true equilibrium melting point will not be depressed to any extent by
the number of chain ends present in the melt.

*Present address: Chemistry Department, Royal College of Science and Technology, Glasgow, C.1.
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Dilatometry

Molten polydecamethylene terephthalate has the property of wetting
glass, so that when the temperature is lowered and the polymer crystallized,
the resultant volume contraction invariably shatters the containing tube if
this is made of glass. The dilatometers used in the present study were
consequently constructed with stainless steel bodies, connected to the
measuring capillaries through flanged joints, which were lightly greased
with high melting silicone grease to render them vacuum-tight. The
measuring capillaries were made of 2 mm internal diameter precision-bore
Veridia tubing.

The dilatometers were filled with weighed amounts of polymer and
mercury in the usual way, under vacuum®. Approximately 10g of dried
polymer was used for each dilatometer, and the height of the mercury
column as a function of time and temperature was measured to +0-01 mm
using a 1 m cathetometer manufactured by the Precision Tool and
Instrument Co. The crystallizations were carried out in an oil thermostat
of conventional design, the temperature control of which was +0-03°C at
the experimental temperatures. Before each crystallization run, the sample
was melted at 180° to 190°C for 30 min. As an indication of the extent
of the volume change measured, the specific volume of the polymer at
120-00°C before crystallization is 0-9527, cm?®/g, while after crystallization
at this temperature the value is 0-9113, cm®/g.

Microscopy

Measurements of nucleation and growth rates were made using a
10 x micrometer eyepiece and a % in. objective. Temperature control was
effected with a Kofler hot-stage, thermostatted to +0-1°C. Films of polymer
approximately 10ux thick were prepared by pressing the molten material
between glass slides and cover slips, but even when precautions were taken
to avoid degradation, the resultant nucleation densities were very variable,
and often were so high that an unresolvable birefringent mass was formed’.
The results reported were obtained using a sample with resolvable spherulitic
structure prepared under similar conditions to those involved in the dilato-
metry. Approximately 1 mg was heated on an open glass slide in vacuo
at 170°C for 15 min. The sample was then cooled, a cover slip was placed
in position, and the slide was reheated to 200°C prior to pressing to form
a suitable film. Subsequent measurements were made by first melting at
160°C for 5min and then lowering the temperature to that required for
crystallization. Prior melting at 140°C and 300°C produced identical results.
The mean thickness of the specimen was determined from the known weight
and the measured area. Variation in thickness across the specimen was
assessed by differential focusing under high magnification, and was found
to be less than 20 per cent. This was considerably less than the variation
in nucleation density observed to occur from one sample to another.

RESULTS
Dilatometry
Relative values of the volume change occurring in a crystallizing polymer
can in practice be determined from dilatometric heights, so that equation
(1) can be written (hi—hy)/(hy — h,)=exp (—zt") ?)
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Figure 1—Crystallization of polydecamethylene tereph-
thalate at various temperatures. Dilatometric height versus
log (time)

where A, is the dilatometric height at time ¢. Results for /4, obtained during
the crystallization of polydecamethylene terephthalate at various tempera-
tures, are plotted® in Figure I against log ¢t and it is immediately apparent
that, for example at 118°C, the final value, i.e. h,, is constant (to within
01 per cent of the total change, h,—h,) for a period of time one order
greater than that involving the primary crystallization. Thus, secondary
crystallization®, which involves a continual, slow decrease in volume after
the completion of the primary stage, is effectively absent from this polymer.

The unexpected feature of the results is the anomalous volume change
which takes place at ca. 122:8°C. This can be seen more readily in Figure 2,
where the change in dilatometer height occurring during crystallization is
plotted as a function of crystallization temperature. Above 122-95°C and
below 122-50°C the volume change increases with decreasing temperature,
as is to be expected from the different expansion coefficients of liquid and

T 150 g
E \\\\
- i \
Figure 2—Volume change r °
occurring during crystalliza- cs
tion, plotted as a function of ‘o -
temperature < ~
— o Tv=a
10001 1 ] 1 | ] 1
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solid phases. Between these two temperatures, however, there is a displace-
ment of about 30 per cent. No obvious explanation or precedent is available
to account for this effect, but it immediately raises the question of whether
the kinetics are also affected on passing through this transition.

In the first instance it was noted that an obvious discontinuity is present
at all temperatures in the crystallization plots. This is illustrated by the
results for 122-00°C (Figure 3). Deviations from the extrapolated curve A
are apparent in two successive experiments, B and C, and it is evident that
some process intervenes in an irreproducible manner to slow down the
normal course of crystallization. In most of the isotherms the discontinuity
does not occur until the crystallization is about 80 per cent complete as

f min
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/\
s .
AL Figure 4—Avrami plots showing
< Qg conformity to equation (2) for
N majority of crystallization
g
]
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Table 1. Crystallization rate parameters for polydecamethylene terephthalate

Crystallization Range of
temperature n ( timez min) agreement
°C ’ per cent

125-:00 3-76 £0-05 7-00x10-11 —
123-75 379 1-:00x10-2 97
123-40 3-87 1-113x10-° 98
12295 3-60 1-25%x10-8 97
122-80 3-74 804 x10-° 94
122-50 3-59 565x10-8 57

122:00 397 3:44x10-8 90 and 59
120-95 3-49 1-40x10-¢ 80
120-00 3-08 3-23x10-5 75
118:00 2:66 1-35x10-3 80

can be seen from Table 1 and in fact the slight deviations observed for
the results at 122:95°C and above only occur in the last 2 to 3 per cent
of the crystallization and are barely outside the limits of experimental
erTor.

Before this discontinuity occurs, the results at all temperatures accurately
fit the version of the Avrami relation given in equation (2). Two typical
sets of data are plotted in Figure 4 in the form of

log { —log [(h.— h.)/(h, —h,)]} versus logt.

For the results at 123-75°C, agreement is found for 97 per cent of the
crystallization, while at 120-95°C the discontinuity occurs after 80 per
cent crystallization. The values of the Avrami exponent n, however
(equation 2), frequently differ signficantly from the integral values required
by theory, as can be seen in Table 1. A similar effect has been reported for
the crystallization of polyethylene® where the values of n were found to
range from 2-0 to 4-0. For the temperatures covered in the present study,
the range is from 2-7 to 4-0 (Table 1).

The temperature dependence of the crystallization rate has been shown
by Mandelkern® and others to take the form

log z=A —4B|AT? (3

where 4 and B are constants, and AT is the difference between melting and
crystallization temperatures. In the case where n varies with temperature
it has been proposed® that this should be modified to

log z=A —nB/AT* C))

and in Figure 5 the results from Table I are plotted on this basis. The
agreement with equation (4) is good, confirming that the observed variations
in n are real, and require to be accounted for®. Alternative plots (e.g.
equation 3) which do not allow for changing n, show very poor agreement.
The parameter B, which is a measure of the critical free energy involved in
secondary nucleation®, decreases on passing through the temperature at
which the crystallinity changes (122-80°C, Figure 2) indicating a transition
in the nature of the growing surface. This, however, is the only aspect of
the kinetics which can be considered unambiguously to change on passing
through the transition temperature.

123



A. SHARPLES and F. L. SWINTON

7
10} /'
8.._
N Figure 5—Temperature dependence of
2 crystallization rate (dilatometry experi-
_'6- ments). @ Results for 122-80°C and
above. O Results for 122:50°C and
| below
AR
25 10 15 20 25
nlAT*x10°
Microscopy

The dilatometric method yields information only on the combined effect
of nucleation and growth during crystallization. The microscopy experi-
ments were designed to determine whether the behaviour reported in the
previous section could be accounted for in terms of anomalies in the
separately observed nucleation and growth rates. A major difficulty was
encountered, however, in that the nucleation density was found to vary
from sample to sample, an effect which has previously been observed for
polyethylene’. As with this latter polymer, the nucleation density is
frequently so great as to preduce a birefringent structure which is not
resolvable microscopically at any stage during its growth. The particular
sample studied 'was chosen because it yielded resolvable nuclei and because
the method of preparation-{given in the experimental section) is not likely
to have caused any degradation. The absolute values of the nucleation
rate, however, are subject to an unknown error.

The appearance of the spherulitic structures formed during crystallization
is similar to that for the spherulitic aggregates observed in nylon®, and
remains constant over the measurable temperature range of 120-0°C to
126-0°C. Apart from the effect discussed later, both nucleation and radial
growth rates (N and G) are also constant at a given temperature, and the
values obtained are given in Table 2. It has previously been shown that for
sporadic nucleation and spherulitic growth, as is observed here, the constant
z in equation (2) is related to G and N by

2=7p.NG*[3p: X &)

where p; and p. are the densities of the liquid and crystalline pbases and

X, is the weight fraction of crystalline material within the spherulites.

The derivation of this equation, however, also leads to a value of n=4

in equation (2), and consequently the deviations from this value observed

in the present case (Table 1) indicate that one of the assumptions involved
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Table 2. Microscopy data for polydecamethylene terephthalate

Temperature G X 10° '+ (miny from
Of . Nx10—6/cm3/min ta (min) + .

crystallization cm/min dilatometry
126:0 153 0-246 —
1250 373 0-800 127 457
123-9 655 1-90 88 a1
1237 660 186 82 210
1230 9-50 3-33 52 143
121-9 15-4 11-0 23 70
121-0 207 226 16 45
120-0 332 54-6 10 25

(possibly the ome implying that the density of growing spherulites is
constant) is not valid. Consequently a comparison of the values of z
obtained dilatometrically from equation (2), and microscopically from
equation (5) is not justifiable on an absolute basis, although the relative
changes with temperature may be comparable. In Figure 6, values of z
from microscopy data are plotted for various temperatures on the basis of
equation (3). The solid lines represent the dilatometric data from Figure 5,
and it can be seen that the change in behaviour at 122-8°C is confirmed,
although the absolute values are displaced by a factor of 200 to 300 per
cent. This displacement may be due to the arbitrary nature of the nucleation
rate, or to the unknown factor causing » to be less than its predicted
value of 4.

A feature of the nucleation process which has previously been reported®
is that although the rate is constant for a considerable period of time, it
eventually decreases and finally falls to zero, leaving a fixed number of
nuclei which is determined by the temperature of crystallization. The
time at which nucleation stops ¢, is well within the time scale of the overall
crystallization process as can be seen from Table 2 where the observed
values of f, are compared with those calculated for the half-life, #,, from

Figure 6 — Temperature
dependence of crystallization
rate (microscopy experi-
ments). @ Results for
123-0°C and above. O Re-
sults for 121-9°C and below.
Solid line indicates dilato-
metric plot from Figure 5

15 20 25 30
41ATZx103
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dilatometry data. Owing to the arbitrary nature of the nucleation experi-
ments, the absolute values of #, are likely to have a considerable error
attached to them. Relatively, however, the change with temperature follows
that of #, very closely, and again indicates a change in behaviour at
ca. 122-8°C.

DISCUSSION
In spite of the absence of any complicating secondary process, the crystal-
lization of polydecamethylene terephthalate nevertheless shows several
unusual features. First, fractional values of the Avrami exponent n
(equation 2) which have previously been observed for polyethylene’, are
also found in the present case (Table 1), and as existing theory*® requires
integral values of 1, 2, 3 or 4, it is evident that some aspect of the present
mechanism requires modification. It is possible that more careful analyses
of existing data for other polymers, where the presence of secondary crystal-
lization in general renders interpretation more difficult, may reveal that
integral values of n are the exception rather than the rule. No detailed
explanation can be proposed to account for this behaviour, but the
microscopy data suggest that the usual picture of sporadic nucleation
followed by spherulitic growth at a constant radial rate may be basically
correct, and that some process is superimposed to reduce n from its
expected value of 4 for this system. One likely possibility® is that the density
of the growing spherulites is not constant with time, as is normally assumed.

Secondly, there is evidence from the dilatometry experiments that the
crystallization is interrupted by some process which causes a slowing down
of the normal rate. It is important to note, however, that this effect does
not prevent the attainment of the expected value for the final density, as
the data for the earlier stage of crystallization conform to an Avrami plot
(equation 2) best if the experimentally observed value of h,, is used. It
would seem at first sight that this effect is explicable in terms of the
stopping of nucleation, which is observable microscopically, and which is
naturally expected to lead to a decrease in rate. Comparison of the observed
time of stopping with the time at which the decrease in rate occurs in
the dilatometric experiments is unfortunately not justifiable owing to the
arbitrary nature of the nucleation data, so that this obvious test is not
possible. The quantitative form of the dilatometric rate plots is informative,
however, and is such that the decrease in rate (Figure 3) is much too
sharp to be accounted for solely by cessation of nucleation. Consequently,
although these two effects may be related (and obviously, as is noted above,
some decrease in overall rate is bound to occur if the reduction in nucleation
rate takes place within the time scale of the bulk crystallization), some
additional factor must also be operative.

Thirdly, in the region of 122-80°C, a pronounced change occurs in the
density of the crystallized product (Figure 2). For example, the density
increase resulting from crystallization is ca. 30 per cent greater at 122-95°C
than at 122:50°C. At the same time the temperature dependence parameter
for the rate of crystallization (Figure 5) also changes indicating an
alteration in the nature of the growing spherulites. No difference is detect-
able in the qualitative appearance of the spherulites above and below this
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temperature, but the change is reflected quantitatively in the microscopically
observed rate constant (Figure 6).

Changes in kinetic behaviour on decreasing the crystallization tempera-
ture have previously been observed for polyethylene terephthalate'®, and
explained on the assumption that sporadic and predetermined nucleation
occur simultaneously to varying extents, depending both on temperature
of crystallization, and on time and temperature of melting. However, the
existence of two simultaneously occurring Avrami processes, each with a
different value of n, such as would be expected if nuclei are formed both
sporadically and from pre-existing sites, leads to a changing value of n,
whereas in the present case, n, although fractional, is also constant.

The most pronounced change is not that occurring in the kinetics but
in the value for the final density of the crystallized product. In general
this effect (Figure 2) could arise from one of three causes; incomplete
crystallization, a modification of crystal form, or a change in the fraction
of crystalline material within the spherulite. Incomplete crystallization is
unlikely because it would require that the value of A, (equation 2) to give
the best fit for the data should be less than the observed value. In fact,
as is noted above, the experimentally observed value gives the optimum
agreement. Simple modification of crystal form is also unlikely to account
for the large effect observed, but the following explanation proposed by
Morgan'! is a possibility.

This assumes that crystallization at higher temperatures involves only the
polar groups in the chain, and that it is not until temperatures below
122-8°C are reached that the ten-carbon paraffinic segments take part in
the process, imposing more restrictive conditions that result in a reduced
extent of crystallization within the growing spherulite. This hypothesis
would also predict a change in the nature of the growing surface on passing
through the transition temperature, and this is consistent with the observed
change in the temperature dependence parameter®, B (equation 4, Figure 5).
It suffers, however, from one serious objection, in that at the higher tem-
peratures where the density change on crystallization is at a maximum,
this change should still be less than, for example, in polyethylene
terephthalate where the entire chain is presumably capable of being involved
in crystallization. In fact, at 122-95°C the density increase on crystallization
is 5-1 per cent, whereas the maximum figure observed for polyethylene
terephthalate’® is 2-6 per cent.

The effects discussed above, and the results reported recently for
polyethylene®, suggest that the existing picture of polymer crystallization
may require modification. The postulate of nucleation and spherulitic (or
occasionally rodlike) growth may be generally correct, but the additional
assumptions that the growth and nucleation rates are constant, and that
the density of the growing crystalline regions is similarly independent of
t}ilme, require to be examined in greater detail than has previously been
the case.

Arthur D. Little Research Institute,
Inveresk, Musselburgh, Midlothian

(Received July 1962)
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Studies of 2-Cyano-2-propylazoformamide
II—Measurements of Rate of Dissociation

J. C. BEVINGTON and ABDUL WAHID

At 100°C, the velocity constant for the dissociation of 2-cyano-2-propylazo-

formamide in solution in aromatic hydrocarbons is 1'9 x 10-3 sec-?; the activa-

tion energy is 34'5 kcal[mole. The limiting efficiency of the azoformamide as
an initiator for the polymerization of styrene is about 60 per cent.

2-CYANO-2-PROPYLAZOFORMAMIDE, (CH,),C(CN)-N :N-CO-NH,, can be used
conveniently as an initiator of radical polymerizations at temperatures of
about 100°C. Experiments involving the azo compound labelled in its
methyl groups with carbon-14 have been reported already'. Measurements
of the rates at which 2-cyano-2-propyl groups become incorporated in
polystyrene indicate that at 100°C the velocity constant for the dissociation
of the azo compound into available radicals is 1-08 x 107° sec™*. This
velocity constant is equal to k,f where k, is the velocity constant for
dissociation of the azo compound into radicals and nitrogen, and f is the
efficiency of initiation of polymerization.

The velocity constant k, has now been determined at temperatures in
the range 100° to 120°C for solutions of the azo compound in toluene,
xylene and chlorobenzene. Three procedures have been used; these
involved: (a) determination of undecomposed azo compound in reaction
mixtures by the method of isotope dilution analysis, (b) spectrophotometric
determination of the azo compound remaining in reaction mixtures, and
(c) measurements of the volume of nitrogen evolved during the decom-
position.

EXPERIMENTAL METHODS AND RESULTS

For experiments involving isotope dilution analysis, degassed solutions
of *C-2-cyano-2-propylazoformamide at a concentration of 4 x 10~°M in
toluene were used; the solutions contained about 30 mg of the labelled azo
compound. After treatment at 100°C, a known weight (about 200 mg) of
unlabelled azo compound was dissolved in the reaction mixture which was
then cooled strongly to precipitate the azo compound; the recovered
material was purified by repeated crystallization and assayed by gas
counting. Results are presented in Figure 1, the decomposition follows a
first order kinetic law and k;is 1-8 x 107° sec™.

In the experiments in which the decomposition was followed spectro-
photometrically, degassed solutions of the azo compound were used.
Optical densities of solutions were measured at 370, 380 and 390 mu using
a 1cm quartz cell in a Unicam spectrophotometer; there was no inter-
ference resulting from absorption by products of the decomposition and,
for the azo compound, Beer’s law was obeyed. Both the azo compound and
an unstable intermediate in its decomposition absorb strongly between
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Figure 1—Results of isotope dilution analyses; wo denotes
initial weight of azoformamide; w:, the weight remaining
after treatment at 100°C

280 and 320 my; optical densities at these wavelengths could not be used
directly for, determination of the azo compound remaining in reaction
mixtures. Results of experiments at 100°C are shown in Figure 2. In the
hydrocarbons, k; is 2-1 x 107° sec™!; in chlorobenzene, k, is 1-5 x 107° sec™*.
The values of k, for decomposition in toluene at 110°C and in xylene at
120°C are 6-8x 10-°sec™ and 2-4x 10 *sec® respectively; for decom-
position in the aromatic hydrocarbons, the energy of activation is
34-5 kcal/mole.
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Figure 2—Results of spectrophotometric analyses; [azo]o

denotes initial concentration of azoformamide; [azo]:, the

concentration remaining after treatment at 100°C.

Initial solutions: @ 7-8 X 10~3M in toluene, @80 X 10— M

in toluene, O 99X 10-3M in xylene, ® 8:0x10-3M in
chlorobenzene

A simple gas burette was used for the manometric measurements. A
value of 1-22 x 10~% sec™* was obtained for k; for azoisobutyronitrile in
benzene at 60°C; this is close to the accepted value?® indicating that the
experimental procedure was satisfactory. Prolonged experiments at 100°C
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showed that, within experimental error, one mole of gas is evolved during
the decomposition of one mole of the azoformamide; mass spectrometric
analysis showed that the gas was nitrogen with traces of carbon monoxide.
Figure 3 shows the results of experiments involving 4 x 10~*M solutions
of the azoformamide in toluene; the line corresponds to a first order process
having a velocity constant of 1-8x107°sec™*. The results show more
scatter than with azoisobutyronitrile; this effect is attributed to difficulties
associated with the use of a higher temperature for the azoformamide, and
with the comparatively low solubility of this substance.
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Figure 3—Results of manometric ', o3k 4
measurements; V, ~denotes corrected £ .
volume of nitrogen calculated for com- 8
plete decomposition; V:, the corrected
volume of gas evolved after treatment at — 02~ U
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DISCUSSION
The primary dissociation of 2-cyano-2-propylazoformamide may be repre-
sented by the equation

(CH,),C(CN)N : N-CO-NH, — (CH,),C(CN)- + NH,-CO- + N,
The evolved gas contains traces of carbon monoxide so evidently the
further dissociation
NH,-CO- — NH,-+ CO

may occur to a small extent. It has been established® that 2-cyano-2-propyl
radicals generated by dissociation of azoisobutyronitrile may react in the
form (CH,),C:C:N-; this effect is likely to occur also for radicals formed
from the azoformamide. The unstable intermediate already mentioned may
be the compound (CH,),C:C:N-CO-NH, analogous to the ketene-imine
formed during the decomposition of the azonitrile.

Those radicals which are formed in the primary dissociation of the
azoformamide and which escape geminate recombination, are available
for initiating polymerizations and other reactions. The measurements of
rates of decomposition reported here refer to the primary dissociation; they
are in no way affected by the nature of the products formed in the system.

The spectrophotometric measurements indicate that, at 100°C, there are
only small differences between the rates of dissociation of the azo com-
pound in the aromatic hydrocarbons, although the rate in chlorobenzene is
significantly smaller. Differences such as this are found for many other
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similar dissociations and can be attributed largely to changes in the heat con-
tents and entropies of initial and transition states resulting from solvation.
The three methods of measurement give slightly different values for k,; for
2-cyano-2-propylazoformamide in toluene but probably k, can be taken as
close to 1-9x10-°sec™ at 100°C. This is considerably greater than the
value of 1-08 x 10~* sec™* found for the velocity constant for the dissociation
into available radicals in styrene. It is probable that the rate of the primary
dissociation in styrene is close to that in other aromatic hydrocarbons, and
so the efficiency of initiation for styrene is about 60 per cent. This efficiency
is close to that found* for azoisobutyronitrile; it seems that for both the
azoformamide and the azonitrile, there is appreciable geminate recom-
bination of radicals and that scavengers cannot suppress this process.

Department of Chemistry,
University of Birmingham
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Book Reyiew

Kunststoffe, Struktur, physikalisches Verhalten und Priifung
Two volumes. Edited by RUDOLF NITSCHET and KARL A. WOLF

Volume I: Struktur und physikalisches Verhalten der Kunststoffe

Edited by K. A. WoLF in collaboration with numerous experts.
Springer-Verlag: Berlin—Géttingen—-Heidelberg, 1962,
(xvi+974 pp.; 582 illus.; 63 in. by 10 in.), DM 168.

THis large volume is the first of two designed to survey present knowledge
about the structure, physical properties and testing of plastics. It is also
Volume 6 of the series: ‘Chemistry, Physics and Technology of Plastics in
Individual Applications’. The second volume will deal with testing while the
first consists of 48 essays by many authors on every conceivable aspect of the
physics of plastics.

It can be seen that, since the average length of an essay is 20 pages, it is
impossible for the authors to go into great detail in any of the subjects.
Consequently, this is not a book for specialists in any of the fields; it must be
regarded as an introductory work for those beginning a study of the subject.

Because this book is in German, English-speaking readers will probably
prefer other textbooks when they are starting on the subject but those who

can read German fluently may find it convenient to have so many topics
treated in one place.

It is impossible to do justice to the quality of a work of this scope and
magnitude in a short review but the treatment does appear to be rather uneven.
Perhaps this is almost inevitable when so many different authors are involved.
This unevenness can be illustrated by considering five essays from the section on
the experimental study of the physical properties of polymers.

The article on flow properties by SLIWKA seems rather academic and out-of-
date; it is unlikely to assist beginners to get a grasp of what is currently known
or to introduce them to modern work. The article on dynamic mechanical
properties by HEDBOER, SCHWARZL and THURN is a good summary review of
the phenomena but their physical interpretation is less satisfactory. The article
on acoustic properties by OBERST is a good account of the relevant basic
physics. The article on non-linear deformation by MULLER is largely confined
to his own work on the subject and takes little account of the many useful
studies which have been made in other countries. The article on fracture by
KERKHOF is much too theoretical and idealized; the author seems to be mainly
interested in the fracture of glass and pays little attention to the many ways
in which the fracture of plastics differs from that of glass,

To sum up, the most useful feature of this book, for English readers, is likely
to be the large collection of references.

P. 1. VINCENT
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Notes

The ¢-Factor in Free-radical Copolymerization

THE rate of the free-radical copolymerization of two monomers, A and B,
is frequently discussed in terms of a cross-termination factor,

¢ =kuav/ keaatkon?

where the termination rate constants are defined by —d[R-]/d¢=k.[R]%,
and the subscripts refer to the type of monomer unit upon which the
electron of unpaired spin is localized. This ¢ factor is almost always
evaluated by the use of a kinetic equation, the denominator of which
contains terms descriptive of the overall rate of termination

_d(Al+IBD) _  (n{APP+2[A][B}+r[B]) R O
dr ~ (FRI{AT +2¢r,1,8.5, [AT[B]+ 735 B

r, and r, are the monomer reactivity ratios given by the propagation rate
constant ratios kys./ku and K/ kgn. respectively, 8, and 8, represent the
ratios K.t/ kyea and kuwt/ kyus respectively. Subscripts, ab, represent reaction
of radical of type A with either monomer or radical type B.

One of the problems to be considered in any free-radical polymerization
is whether or not the rate of the termination reaction is determined by
diffusive processes. If this should apply in a copolymerization, the rate
of diffusion of two reacting polymeric radicals, and hence the observed
rate of termination, can be considered independent of the nature of the
radical end group'~®. This fact has led to the widely held*, but erroneous,
conclusion that in such a system a value of ¢ equal to unity must necessarily
be observed. A measured value of ¢ greater than unity is then held to be
incompatible with a mechanism of diffusion control for the termination step.

In fact any process whatsoever, chemical or physical, which causes the
rate of termination to differ from that calculated on the basis of a simple
combination of the rates of homotermination (weighted in accordance with
the probability of finding either monomer unit at the reactive chain end)
will cause an experimenter using equation (1) to obtain a value of ¢ other
than unity. In other words, ¢ appears in equation (1) as a simple variable
measuring any ‘unforeseen’ increase (¢ > 1) or decrease (¢ << 1) in the rate
of termination. The effect of co-monomer units on the rate of diffusion of
a polymeric radical is just one process which might conceivably alter the
observed rate of termination in a complex way, thereby causing ¢ to be
calculated as some value other than unity. The fact that equation (1) is
not directly applicable’ to diffusion-controlled systems is immaterial to
this argument just so long as it is appreciated that the parameter evaluated
as ¢ using equation (1) is no longer the ratio kus/ Kiaatkint.

Two factors obviously affect polymer diffusivities, specific solvation
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(through the second virial coefficient) and polymer chain flexibility. There
is evidence from dilute solution properties’ and from glass transition
temperatures® that both of these factors may vary with polymer composition
in a non-linear fashion. In the much-studied styrene—methyl methacrylate
system, both the second virial coefficient and the chain flexibility pass
through a maximum®® as the copolymer composition is varied. If, as is
likely for copolymers rich in methyl methacrylate’, termination in such a
system should be diffusion-controlled, and should depend on the second
virial coefficient, an experimental value of ¢ greater than unity would be
predicted on both counts. It must be emphasized that in this system quite
different effects, such as transfer to the aromatic nucleus®, may also cause
equation (1) to yield large ¢ values.

Evaluation of ¢ using equation (1) cannot, then, be applied as a
diagnostic test for determining the mechanism of the termination process.
Indeed the possible extension of ¢ to cover thermodynamic or rheological
phenomena is one more intriguing aspect of the kinetics of copolymeri-
zation.

A. M. NORTH
Departiment of Inorganic, Physical
and Industrial Chemistry,
University of Liverpool
(Received November \1962)
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The Constitution of Polypropylenes and Ethylene—Propylene
Copolymers, Prepared with Vanadyl-based Catalysts

It Has been shown earlier* that ethylene—propylene copolymers prepared
with VOCl;- or VO(OR),-containing catalysts not only contain odd-
numbered methylene sequences as was expected, but also sequences of two
units. We even found some indications for the presence of methylene
sequences of four units.

In the present note we report some additional experiments on copolymers
with much lower ethylene contents and on pure polypropylenes prepared
with catalysts consisting of VOCl, or VO(OR), and alkylaluminium
sesquichloride.

The infra-red spectra of the ethylene—propylene copolymers containing
15 to 30 mole per cent of ethylene show little or no absorption above
13-70u (Figure I). This means that very few methylene sequences of four
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Copolymers, Prepared with Vanadyl-based Catalysts

It Has been shown earlier* that ethylene—propylene copolymers prepared
with VOCl;- or VO(OR),-containing catalysts not only contain odd-
numbered methylene sequences as was expected, but also sequences of two
units. We even found some indications for the presence of methylene
sequences of four units.

In the present note we report some additional experiments on copolymers
with much lower ethylene contents and on pure polypropylenes prepared
with catalysts consisting of VOCl, or VO(OR), and alkylaluminium
sesquichloride.

The infra-red spectra of the ethylene—propylene copolymers containing
15 to 30 mole per cent of ethylene show little or no absorption above
13-70u (Figure I). This means that very few methylene sequences of four
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or more units are present. The absorption peaks at 13-30 and 13:60u reveal
the presence of sequences of two and three units respectively. Thus, these
copolymers, unlike those previously described, contain nearly all of the
ethylene in isolated monomer units.
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Figure 1—Infra-red spectrum of ethylene-propylene copolymer containing 85 mole
per cent propylene

In ref. 1 it was stated that polypropylenes obtained with these vanadyl
catalysts possessed the normal head-to-tail structure. More detailed
examination, however, showed that the amorphous fractions isolated from
these polypropylenes do-show absorption at 13-3x pointing to the presence
of methylene sequences of two units, which can only mean that tail-to-tail
arrangement of propylene units does occur {Figure 2(a)]l. A very small
absorption peak at 13-3u was also found in the spectrum of the crystalline
fractions [Figure 2(b)]. Care had been taken to prevent the catalyst com-
ponents from liberating ethylene on reaction, so that no ethylene could
have entered these polypropylenes from the catalyst. Polypropylenes
prepared with catalysts based on VCI, show only the normal head-to-
tail arrangement in both amorphous and crystalline fractions as do
polymers prepared with TiCl,-catalysts.

The amount of propylene units coupled tail-to-tail was estimated to range
from about 5 to 15 per cent for the amorphous and from about 1 to 5 per
cent for the crystalline fractions. The amount of propylene units in tail-to-
tail arrangement was calculated from spectra of thin films by comparing
the ratio of the absorbances at 13-30 and 8-651 (methyl band) in the
spectra of the polypropylenes with the ratio of the absorbances at 13:60
and 8:65x in the spectrum of hydrogenated natural rubber. This implies
the assumption that the absorbance per CH, group is the same at 13-30x
for (CH,), sequences as at 13-60u for (CH,), sequences.

The differences in amount of tail-to-tail coupled units between crystalline
and amorphous fractions are to be expected since every head-to-head and
tail-to-tail configuration disturbs the regularity of the isotactic chain. In
the polypropylenes every tail-to-tail configuration must necessarily be
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Figure 2—Infra-red spectrum of polypropylene prepared with vanadyl-based catalyst:
(a) amorphous part, (b) crystalline part

accompanied by a head-to-head coupling. We should expect this to show
up in an absorption peak at 8-8 to 9-Ou, characteristic of the structure

H H
My C—C ™M

[ |
CH,CH,

which is also found in hydrogenated poly-2,3-dimethylbutadiene*, used as
a model compound (Figure 3) and in alternating copolymers of ethylene
and butene-2. In the polypropylenes examined and also in the copolymers
we indeed find an absorption band near 9y, although it is much less sharp
than in the model compound,

All spectra containing the 13-3u peak show a further small band at
10-9y, which is also found in the spectrum of poly-2,3-dimethylbutadiene.
The spectrum of the amorphous alternating copolymer of ethylene and
butene-2, published by Natta?, shows a band at about 10-8u. The fact that
the polypropylenes prepared with VOCI,- or VO(OR),-containing catalysts

*The poly-2,3-dimethylbutadiene was prepared by emulsion polymerization,
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show tail-to-tail arrangement means that tail-to-tail coupling of propylene
units may also occur in the ethylene-propylene copolymers. However,
because the content of (CH,), sequences in the copolymers is much higher
than in the polypropylenes prepared with the same catalysts, a large part
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Figure 3—Infra-red spectrum of hydrogenated poly-2,3-dimethylbutadiene

of these sequences most likely stems from isolated ethylene units between

two head-to-head oriented propylene units, their relative amount depending

on the ratio of reaction rates of formation of the sequences
e-Gre—crecy

1 I [ i

C C

and —~C—C+C—C—+

CcC C

This possibility has been neglected by Veerkamp and Veermans® in their
determination of the fraction of isolated ethylene units.

As a consequence, for a detailed study of the copolymerization of
ethylene and propylene with these catalysts the reaction has to be con-
sidered as a terpolymerization of ethylene and propylene entering the
chain either head-first or tail-first.

J. VAN SCHOOTEN
S. MOSTERT
Koninklijke | Shell-Laboratorium, Amsterdam
(Shell Internationale Research Maatschappij N.V.)

(Received January 1963)
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Ethyl and n-Butyl Lithium as Initiators of Anionic
Polymerization

IN THE course of an investigation on the mechanism of the polymerizations
of isoprene and styrene initiated by alkyl lithium compounds, we have
studied the kinetics of the polymerizations of these two monomers in
toluene solution initiated by (a) n-butyl lithium and (b) ethyl lithium under
comparable conditions of concentration and temperature. Both alkyl
lithium solutions were prepared by carrying out the reaction between
the appropriate alkyl bromide and metallic lithium in dry n-hexane under
dry, oxygen-free nitrogen. The detailed procedure used for the preparation
and analysis of these solutions was that described in an earlier communi-
cation’. The kinetic procedure was also identical to that employed
previously in that the monomer concentration at any time was calculated
from the observed volume contraction of a reaction mixture.

Figures 1 to 4 show that in both the styrene and isoprene polymerizations

n-Buli EtLi
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Figure I—Influence of initial monomer concentration on polymerization of
styrene at 30°C. [n-BuLilo 0-053 M. [EtLi], 0-044 M.

similar changes in the initial concentrations of monomer and initiator
produce changes in the concentration/time curves within the experi-
mental error irrespective of whether the initiator is ethyl or n-butyl
lithium. Consequently we conclude that the mechanism of the polymeri-
zation of styrene or isoprene is unchanged by this change of initiator and
that the scheme proposed by Worsfold and Bywater? for n-butyl lithium
is applicable to the ethyl lithium initiated polymerization of styrene. Since
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Figure 2—Influence of initial alkyl lithium concentration on polymerization of
styrene at 30°C.
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Figure 3—Influence of initial monomer concentration on polymerization of
isoprene at 25°C.
[#-BuLi]o 0-050 M. {EtLi]s 0-090 M
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our work with isoprene is incomplete, we can say nothing about the
mechanism in this case. It is significant that the time scale of the experi-
ments is little affected by the change of the alkyl group of the initiator
so that the two constants whose influence on the kinetic behaviour of the
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Figure 4—Influence of initial alkyl lithijum concentration on polymerization of
isopréene at 25°C,
[n-BuLi]s ® 0MTIM O 0100m
[EtLi)o X 0045Mm A 0090M

system might be expected to be altered by such a change, namely the
constants for the two reactions :

(RLi) —6RLi K, association equilibrium
and RLi+M — RMLi k; initiation

must be similar for ethyl and n-butyl lithium.

These results are not unexpected in view of the similar association®~’
and similar chemical behaviour of the two compounds. On the other hand,
Medvedev and co-workers®* report that in the separate polymerizations of
styrene and isoprene initiated by ethyl lithium in toluene, the rate of
polymerization is directly proportional to the product of the concentrations
of ethyl lithium and monomer at low concentrations of ethyl lithium while
at high concentrations of this initiator, the rate becomes independent of
the ethyl lithium concentration but remains first order with respect to
monomer. Our results on the n-butyl lithium initiated polymerizations and
those of other workers™? do not show such simple kinetics.

We wish to thank Dr R. C. P. Cubbon for dallowing us to use some of
his results.

141



NOTES

G. C. EastT
P. F. LyNCH
D. MARGERISON

Department of Inorganic, Physical and Industrial Chemistry,
University of Liverpool
(Received January 1963)

REFERENCES

1 CuBBoN, R. C. P. and MARGERISON, D. Proc. Roy. Soc. 4, 1962, 268, 260

2 WorsFoLD, D. J. and BYWATER, S. Canad. J. Chem. 1960, 38, 1891

3 HEIN, F. and ScBrRAMM, H. Z. phys. Chem. 1930, 151, 234

4 BrRowN, T. L. and RoGERrs, M. T. J. Amer. chem. Soc. 1957, 79, 1859

5 BRowN, T. L., Dickeruoor, D. W. and Barus, D. A. J. Amer. chem. Soc. 1962,
84, 1371

8 WrTTIG, G., MEYER, F. J. and LANGE, G. 4Ann. Phys., Lpz. 1951, 571, 167

7 MARGERISON, D. and NEWPORT, J. P. To be published

8 SPIRIN, YU. L., GANTMAKHER, A. R. and MEDVEDEYV, S. S. Vysokomol. Soedineniya,
1959, 1, 1258

9 SpiriN, Yu. L., PoLyakoy, D. K., GANTMAKHER, A. R. and MEDVEDEV, S. S. J.
Polym. Sci. 1961, 53, 233

142



Contributions to Polymer

Papers accepted for future issues of
POLYMER include the following :

Stress Relaxation of Vulcanized Rubbers I—T heoretical Study—S. BAXTER
and H. A. VODDEN

Stress Relaxation of Vulcanized Rubbers 1I—Mathematical Analysis of
Observations—L.. A. EDELSTEIN, H. A. VODDEN and M. A. A. WILSON

Stress Relaxation of Vulcanized Rubbers IlI—Experimental Study—
S. BAXTER and M. A. A. WILSON

A Kinetic Study of the Isothermal Spherulitic Crystallization of Polyhexa-
methylene Adipamide—1J. V. MCLAREN

Crystallinity, Crystallite Size and Melting Point of Polypropylene—
G. FARROW

The Influence of Particle Size and Distortions upon the X-ray Diffraction
Patterns of Polymers—R. BoNart, R. HoseMaNnN and R. L.
McCULLOUGH

The Influence of Extrusion Conditions on the Crystallization of Polyethylene
Terephthalate—R. P. SHELDON

Shear Modulus in Relation to Crystallinity in Polymethylene and Its Co-
polymers—J. B. JacksoN, P. J. Frory, R. CHAaING and M. J.
RICHARDSON

Crystallization and Melting of Copolymers of Polymethylene—M. .
RICHARDSON, P. J. FLORY and J. B. JACKSON

A Study of X-ray Long Periods Produced by Annealing Polyethylene
Crystals—F. J. BALTA CALLEJA, D. C. BasserT and A. KELLER

The Constant Pressure Dynamic Osmometer—I. C. MCNEILL

The Crystallization of Polyethylene after Partial Melting—W. 'BANKS,
M. GORDON and A. SHARPLES

The Diffusion and Clustering of Water Vapour in Polymers—J. A. BARRIE
and B. PLATT

The Dielectric Behaviour of Oxidized Htgh-pressure Polyethylene I—
C. A. F. TUDNMAN

Dipole Relaxation in the Crystalline Phase of Polymers II—C. A. F.
TUDNMAN

Crystallization of Gutta Percha and Synthetic trans-I ,4-Polyisoprenes-
W. CooprEr and G. VAUGHAN

Solid State Polymerization of B-Propiolactone—G. DAVID, J. VAN DER
PARREN, F. PROVOOST and A. L1GOTTI

Viscosity | Molecular Weight Relation in Bulk Polymers I—H. P.
SCHREIBER, E. B. BAGLEY and D. C. WEST

Viscosity [Molecular Weight Relation in Bulk Polymers II—H. P.
SCHREIBER

143



CONTRIBUTIONS TO POLYMER

An Infra-red Study of the Deuteration of Cellulose and Cellulose
Derivatives—R. JEFFRIES

The Glass Transition Temperature of Polymeric Sulphur—A. V. TOBOLSKY,
W. MACKNIGHT, R. B. BEEVERS and V. D. GUpTA

Gamma-irradiation Polymerization of Isobutene and (B-Propiolactone at
Low Temperature—C. DAvID, F. ProvoosT and G. VERDUYN

Aminolysis of Polyethylene Terephthalate—H. ZABN and H. PFEIFER

Molecular Motion in Polyethylene IV—D. W. McCALL and D. C. DouGLASS

A New Transition in Polystyrene, 1, II, III—G. MoRraGLIO, F. DaNuUsSO,
V. BiancHo, C. Rossi, A. M, Liquort and F. QUADRIFOGLIO

The Radiation Chemistry of Some Polysiloxanes: An Electron Spin
Resonance Study—M. G. ORMEROD and A. CHARLESBY

The Mechanical Degradation of Polymers—C. BooTH

Dynamic Birefringence of Polymethylacrylate—B. E. READ

Polycarbonates from the 2,2.44-Tetramethylcyclobutane-1,3-diols, 1, 11—
Miss M. GAwLAK, J. B. ROSE, A, TURNER JONES and R. P. PALMER

The Temperature Dependence of Extensional Creep in Polyethylene
Terephthalate—I. M. WARD

ConNTRIBUTIONS should be addressed to the Editors, Polymer, 4-5 Bell Yard,
London, W.C.2.

Authors are solely responsible for the factual accuracy of their papers.
All papers will be read by one or more referees, whose names will not
normally be disclosed to authors. On acceptance for publication papers
are subject to editorial amendment.

If any tables or illustrations have been published elsewhere, the editors
must be informed so that they can obtain the necessary permission from
the original publishers.

All communications should be expressed in clear and direct English,
using the minimum number of words consistent with clarity. Papers in
other languages can only be accepted in very exceptional circumstances.

A leaflet of instructions to contributors is availabl\e _on application to the
editorial office.

I.U.P.A.C. SYMPOSIUM

The International Symposium on Macromolecular Chemistry will be held
in Paris from 1 to 5 July 1963 under the aegis of the International Union
of Pure and Applied Chemistry. Further details are available from the
Secrétariat du Symposium International de Chimie Macromoléculaire, 11
Rue Pierre Curie, Paris V°, France.

ERRATUM

RADIATION-INDUCED SOLID STATE POLYMERIZATION

The last line of the first text paragraph of the above article by P. G.
GARRATT (Polymer, Lond. 1962, 3, 323) should read: chains occlude the
radical ends.
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Stress Relaxation of Vulcanized Rubbers
I — Theoretical Study

S. BaxTer and H. A. VODDEN

Consideration of the physical behaviour of polysulphide vulcanizates of natural
rubber, when aged in air at elevated temperatures, has led to postulates of
kinetic mechanisms which appear to explain the physical changes which occur.
The basic postulates are that during thermal oxidation the rubber degrades by
scissions at random points along the hydrocarbon polymer and by scissions of
the polysulphide crosslinks. It is further postulated that scission of a crosslink
is followed by a process of recombination leading to formation of new net-
works. Theoretical expressions have been derived for continuous relaxation
of stress at constant elongation and for the variation of stress with time for a
given elongation performed intermittently. It is shown that equations of this
type lead to curves for continuous and intermittent stress relaxation similar to
those obtained experimentally.

ON EXPOSURE to air or oxygen, vulcanized rubbers suffer degradation in
physical properties. The rate of this degradation increases with rise of
temperature and becomes a serious problem in many applications where
reasonably high temperatures may be encountered. It is generally recog-
nized that this degradation is caused by relatively small chemical changes
arising from oxidation of the long chain network of which the material is
composed. The accepted model for a vulcanized rubber is a three-
dimensional network of long chain polymer molecules crosslinked at
intervals to prevent mass flow in the material. Kinetic theory considerations
enable the stress/strain characteristics of such a material to be predicted:.

The stress in a vulcanizate, for a given strain, is proportional to the
number of chains per unit volume, where a chain is defined as that portion
of the polymer molecule between two crosslinks. Changes in the number
of chains, and hence in the stress/strain characteristics, can be caused by
scission of the network either at some point along a chain, or at a crosslink;
formation of new crosslinks will also cause changes in the stress/strain
behaviour. Measurements have been made on the changes in stress occur-
ring during the oxidation of vulcanized rubbers under differing conditions
and it has been found possible to postulate a mechanism to account for
the principal observations. The work described in this paper deals with
natural rubber, vulcanized with sulphur.

EXPERIMENTAL
Measurements of continuous stress relaxation in air, under conditions of
constant elongation in an isothermal enclosure have been made using a
modified form of the equipment described by Robinson and Vodden®. The
modifications include the replacement of the resistance wire strain gauges
by cantilever springs and differential transformer displacement gauges; the
six rubber specimens are heated inside vertical holes bored in a block of
aluminium, which is heated electrically as described previously by Vodden®.
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This aluminium block replaces the heat exchange tank of the earlier equip-
ment. The differential transformer gauges are energized at approximately
2000c/s and the outputs are amplified, rectified and applied to a six-point
electronic potentiometric recorder.

Figure 1—Continuous stress
relaxation. 1 Diphenyl
guanidine-sulphur stock. 2
Tetramethyl thiuram disul-
phide—sulphur stock

] i ]
0 5 10 15
Time, h

Figure 1 shows some typical stress relaxation curves for natural rubber
stocks cured with diphenyl guanidine-sulphur and tetramethyl thiuram
disulphide—sulphur respectively (extension 100 per cent: temperature
110°C).

From measurements of permanent set, made in the same equipment,
calculations of the degree of new network formation in the rubber and of
the modulus were made using a method similar to that of Andrews,
Tobolsky and Hansen*. In Figures 2 and 3 these are shown as functions
of time.

0-6f 1 |

Figure 2-——New network forma- |
tion. n is number of new oo'l" 2
network chains, np is the pum- &
ber of chains at time t=0. 1, < -2t
2 as for Figure 1
1 1 1 L A

0 1 2 3 4 5 6 7
Time, h

The effect of following one relaxation curve by another was also studied.
In this experiment, an initial extension of 50 per cent was used and the
stress was allowed to relax to less than 0-1 of the initial value. The relaxed
sample was then extended by an extension equivalent to 125 per cent of
its original length (i.e. 50 per cent of its new initial length). The two
relaxation curves for a tetramethyl thiuram disulphide-sulphur cured
natural rubber sample are shown in Figure 4
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1-0,
0-8
Q06 . Figure 3—Variation of modu-
© lus. 1,2 as for Figure I
0-4- 2 ~
0-2 1 { | | | B
0 1 2 3 4 5 6 7
Tirme, h
1-0
08
o6
041
0-2}

. . - 1
Figure 4—Successive stress re- . ) . , ) L
laxation curves. 1 Tetramethyl o 10
thiuram  disulphide —sulphur ~ ~ 98f
stock extended 50 per cent. 2 O‘GF
Same sample extended 125 per B

cent 04
-
o2}
2
1 L N I IR S
0 1 2 3 4 5 6 7
Time,h

The rubber formulations used were as follows :

Pale crepe

Zinc oxide

Stearic acid
Sulphur

Dipheny! guanidine

Tetramethyl thiuram disulphide

Parts by weight

A B
100 100
30 30
05 05
25 20
05 —
— 0-375

Cure: A—60 minutes at 141-5°C; B—22-5 minutes at 126°C

These were moulded in a special mould to form elongated ring specimens
of dimensions 4 mm x 1 mm suitable for fitting into the equipment.
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Discussion of experimental results

In the stress relaxation curves (Figure I) the logarithm of relative stress,
fi/fo, is plotted against time. In both cases, pronounced curvature of the
plot is obtained thus contradicting the concept of a simple exponential
decay curve as required by Tobolsky, Prettyman and Dillon®, It is found,
in fact, that the stress relaxation curves for sulphur vulcanizates of natural
rubber can be fitted fairly well by expressions of the form

felfo=Aexp(—K.t)+ Bexp (—K,)

This is in accord with the hypothesis, proposed by Berry®, that relaxation
of stress is caused by a first order oxidation of sulphur crosslinks, followed
by thermal scission.

Examination of the new network formation arising from new crosslinking
(Figure 2) shows that over a period of time when the stress at constant
elongation is relaxing almost to zero, the number of new chains resulting
from new crosslinking ‘is of the same order as the number which have
disappeared to allow relaxation of stress. Thus the modulus of the rubber
changes only slowly when compared with the continuous stress relaxation
and, in some cases, may even increase for a time. It is of interest to
investigate the nature of the new crosslinks which arise during the oxidation
of rubber. The marked similarity between the stress relaxation curves in
Figure 4 suggests that the crosslinks which break down to cause the second
relaxation are of the same type as those giving the first curve. That is, the
new crosslinks are also of sulphur. A further question then arises. From
where do the new crosslinks derive their sulphur, as it is known that little,
if any, free sulphur remains in a vulcanizate after curing? The suggestion
here is that the new crosslinks arise from a reformation of those which have
been broken during oxidation. The crosslinks in the rubber must be
regarded as in a state of continuous break-down and reformation and on
the evidence of stress relaxation and permanent set it appears that, in a
matter of a few hours at 110°C, practically all of the original crosslinks
will have been broken and reformed. Statistically, the reformed crosslinks
will lead to chains in an unstrained state if the assumptions made in the
kinetic theory of elasticity are valid.

On the basis of crosslink scission and reformation reactions, it might be
expected that new network formation would tend to a constant equilibrium
value. The experimental evidence (Figures 2 and 3) suggests that this is
not so and both new network formation and modulus show evidence of
ultimate decay with time. This behaviour can be explained if, in addition
to scissions and recombinations of crosslinks, scissions of hydrocarbon
chains also occur. It is known that, in unvulcanized natural rubber,
degradation of molecular weight occurs due to oxidation thus implying
scission of hydrocarbon chains. There seems no reason to suppose that this
does not happen in vulcanized rubber. Measurements on the scission
efficiencies of oxygen in vulcanized and unvulcanized systems by Tobolsky,
Metz and Mesrobian’, by Baxter, Potts and Vodden® and by Bevilacqua®
suggest that the chain scission reaction is much less active than that of
crosslink scission.
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THEORETICAL
The proposed model for a sulphur vulcanizate consists of a number of long
chain polymer molecules joined together at intervals by polysulphide cross-
links. During thermal oxidation of the rubber it is supposed that scission
of hydrocarbon chains and crosslinks occurs and that free ends of crosslinks
can combine with hydrocarbon chain segments.

Consider a system that has been vulcanized at random and then aged
s0 that crosslink scissions and recombinations occur. If y is the probability
that any specific monomer unit will be joined to a crosslink which exists
at time, #, then the probability of finding a chain of length x units, i.e. one
in which (x —1) units are left unvulcanized, at time, ¢, will be y (1 —y)>'.
The number of chains of length x units at time ¢ will therefore be

Ne=Ng (1 —y)*

where N, is the total number of chains at time .
If, at time ¢, there are X, crosslinks™in the system then

="YX/ X,
where y=v, and X,=X, when t=0. Therefore
No=Npy (Xi/ X)L —v, (Xo/ X))
Ignoring the effects of chain ends,
Ni/N,=X:/X,
where N, is the total number of chains when ¢ =0. Therefore
Nao=Nyvo (Xo/ X {1 =7, (X:/ X))

Simultaneously with the crosslinking reaction, scission of hydrocarbon
chains is assumed to take place at random. If p is the probability of a
monomer scission up to time ¢ then the probability of survival of a chain
of length x will be y (1 —v)*~! (1 — p)*~1, since (1 — p) will be the probability
of a monomer scission not occurring. The number. of chains of length x
existing at time ¢ will therefore be

X.\?2 X, \*!
Nx:N(ﬁo (A;‘) (1 _70)?‘) (1 _p)x—l

The total number of chains will then be

=, X, \? X, \*!
N:.= ZNO ()?L) Yo (I_VDX—-") (1 -py!
z—1

X \* X
-—No'}’o(‘)'(;) /(VOK+P)

The kinetic theory of elasticity gives for the stress in a rubber specimen in
simple elongation f=NkT (2—1/a*) where a is the extension ratio.
For a given elongation, the relative stress will be

t t t 2 Xt
%=%zvo(§%) /(vu)—(er) )
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In order to determine the time dependence of this function, it is necessary
to postulate reaction mechanisms for chain scission, crosslink scission and
crosslink recombination. If the stress is measured continuously at constant
elongation, so that reformed crosslinks do not provide chains which con-
tribute to the stress, then the recombination reaction can be ignored, To
calculate the effects of new network formation and modulus changes,
however, all these reactions should be taken into account.

Continuous relaxation
The simplest mechanism to postulate for chain scission is a first-order
oxidation of monomer units resulting in scission of the hydrocarbon chain.
Thus dZ/dt= — KZ where Z is the number of unreacted monomer units
at time ¢, i.e.
Z=Z,exp(—K1)
The probability p is therefore given by
p=(Z,-2)|Z,=1—-exp(-K1) @
For scission of sulphur crosslinks, following Berry® it will be assumed
that the scission reaction occurs in two stages. The first, of rate constant
K., leads to the formation of an oxygen complex and the second, of rate
constant K,, leads to scission. The scheme may be represented by
K
A+0O,—B
K2
B —> Scission
ie. —dA4/dt=K A
where A is the number of unreacted crosslinks.
~dB/dt=K,B—K,A
where B is the number of crosslink—oxygen complexes.
X t =A + B
where X is the total number of crosslinks.
The solution to these equations is

X K K,
(X—:) - K“:"_ o (-Ku) + (1 - K“:"_ Ii,) exp(-K) ()
where X, is the total number of crosslinks when =0 and A, is the fraction
of unreacted crosslinks when t=0. The subscript ... implies constant
elongation conditons.

Thus, under conditions of constant elongation, the expression for stress
relaxation can be obtained by substituting equations (2) and (3) in (1).

() =) [ (). w1 e 0] 0

Intermittent relaxation
To determine the total number of crosslinks in the system at any time,
the recombination reaction must also be considered. Since it seems likely
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that recombination of a loose crosslink can occur in any segment of the
polymer molecule, and since there are usually about one hundred or so
segments for every crosslink, the simple assumption of a first-order reaction
of ruptured crosslinks seems justifiable. The following kinetic scheme for
crosslink reactions is therefore suggested.

K
A+0,—B
E

2
B—C
B
C—A
where C is the number of ruptured crosslinks and K, the velocity constant
for recombination, i.e.
dA4/dt+ K, A=K,C
dB/dt+K,B=K,A
dC/dt+K,C=K,B
A+B=X;
These equations yield the following solutions :
Xt/ Xt =4, (1 + K, /K)—(1/K;) (2 + K,) A, exp (at)
= (1/K;)(B+K,) A, exp (B1) (5)
3 1+C,
'""1+K,/K,+K,/K,

where A

A,= [Ksco—(KﬁB)AﬁBfﬁC*—;lIgg’l%/E] /(PB)

- K.+ N 5,1 = N Y O
A= [KCo Ko e R | 8-

2a=—(K,+ K, +K;)~ [(K, + Ko+ Ko)* — 4 (KK, + KK, + K,K,)]'/?
28=—(K, + K, +K)+ (K, + K, + Ko)* —4 (K. K, + KK, + K., K)]'*
if 4(K,K,+K.K,+K,K))>(K,+K,+K,) the solution is
Xt/ X e =4, (1 +K,[K,) - {[(K,~9) A} +wdA}] cos wt} [ K,
+{(K, - 3) A, —~wA’] sin wt exp (—81) (6)
where  A,=A,~(1+C)/(1+K,/K,+K,/K))
WAL= —K,) Ao+ K,Co—3 (L + C/(1+K,/Ks+ K. [Ky)
2=(K, +K,+K,)
2w=[4 (K.K, + K.K, + K,K,) ~ (K, + K, + K,)*]"'

where A, is the initial fraction of unreacted crosslinks, C, is the initial
fraction of ruptured crosslinks, and X, is the initial total number of
crosslinks.
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The expression for variation of modulus with time can now be obtained
by substituting equations (5) or (6) and (2) in (1). Thus,

& (). L), oemim] o

Figure 5—Continuous relaxation. K =01, K,=10,

4,=07, y,=001. (1) K=0-0005, (2) K=00015. K =01,

K,=10, 4,=10, y,=001. (3) K=0, (4) K=0-0015,

K, =005, K,=10, A,=07, v=00l. (5 K=0,
(6) K =0-0005

- | I ! i
2 4 6 8 10 12 14

Time ,h
Figure 6—Intermittent relaxation. K ,=0-10, K,=10,
A,=070, v,=0-01. (1) K=00005, K,=0-40, C,=10.
(2) K=00015, K,=040, C,=10. (3) K=0-0015,
K,=060,C,=0'5. (4)K=00015, K,=0-20, C,=0-2

Theoretical curves for stress relaxation and modulus variation are shown
in Figures 5 and 6 for different values of the constants. y, which by
definition is the ratio of crosslinked monomer units to total number of
monomer units, is about 0-01 for the stocks used in these experiments. The
points for the curves shown have been calculated using an electronic
computer.

152



STRESS RELAXATION OF VULCANIZED RUBBERS—I

DISCUSSION

The theoretical curves of Figures 5 and 6 show that the proposed
mechanism for the oxidation of sulphur-vulcanized natural rubber can
explain, in general terms, the forms of the continuous and intermittent
stress relaxations. In order to progress further, it is necessary to apply the
model mechanism to some real cases of stress relaxation or modulus
variation and, by appropriate mathematical analyses, deduce the reaction-
rate constants and initial states of the crosslinks. This has been done for
continuous stress relaxation and the detailed method of analysis is described
in subsequent papers by Edelstein, Vodden and Wilson'® and Baxter and
Wilson''. In certain cases it may be possible to extend this to include
rubber stocks protected by antioxidants. Care must be exercised in the
interpretation of very long time oxidation results, however, as it is known
that some antioxidants are lost, by evaporation for example, during the
course of the experiment. In such cases it is clear that deviations from
theoretical prediction will occur and indeed this has been demonstrated'?.
Where the analysis is consistent with the proposed model, however, the
results may be used to evaluate the behaviour of an antioxidant and
the method provides a very powerful analytical tool for such an examination.

It is probable that the mechanism of degradation of vulcanized natural
rubber is more complex than that postulated here. Within limits, modifi-
cations to the model mechanism can be made to allow more intricate
chemical reactions. For example, if the scission of polymer chains follows
an autocatalytic reaction, the equation for the probability of monomer
scission, equation (2), should be altered as follows,

~dZ/dt=r,+K' (Z,~ Z)
where r, is the initial rate and K’ the autocatalytic reaction rate constant, i.e.

Z=Z,~-r,[exp(K')~1]/K,
and
p=rlexp(K')-1]/K'Z,

The relaxation equations should then be

(%)com_=y° (f?t)z / : Yo (%)t + Kr"z {exp (K'D— 1]} (9)

We are indebted to Mr J. Selvey for much of the experimental work
and development of equipment.

Monsanto Chemicals Limited,
Ruabon, Wrexham,
Denbighshire
(Received July 1962)
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Stress Relaxation of Vulcanized Rubbers
I — Mathematical Analysis of
Observations

L. A. EpeELsTEIN*, H. A. VODDEN and M. A. A. WILSON

The relaxation of stress of vulcanized rubber measured continuously at constant
temperature and elongation can be described in terms of four physical constants
associated with chain and crosslink scission. A method of evaluating these
physical constants from experimental observations of continuous stress relaxa-
tion is described here. The method of analysis consists of fitting the logarithm
of the stress data by a terminated series of Chebyshev polynomials; re-arranging
to express the data as a Taylor series; equating the first four experimentally
derived Taylor series coefficients with the theoretical expressions for these co-
efficients obtained from the postulated mechanism and hence obtaining sets of
values for the constants. Chebyshev polynomial expressions of orders eight to
four are fitted to the data successively and various sets of values of the physical
constants obtained. Substitution of the sets of values of the constants in the
theoretical expression for stress relaxation enables the stress to be calculated
at various times and calculated values are compared with the observed values.
The set of physical values selected as the solution is that which gives the best
agreement between theoretical and observed values of stress.

BaxTER and Vodden® proposed a mechanism of degradation of polysulphide
crosslinked vulcanizates which proceeded by a combination of random
chain scission and crosslink scission. Crosslink scission was considered to
proceed through the formation of an oxygen complex associated with the
crosslink which subsequently split. When stress is measured continuously at
constant elongation this mechanism leads to an expression of the form

(;i) LT (?)2’" /[Vo (%)mt +1-exp(—Kt)] ()

& = A"I(i. - _ _AoKrz_ _
(Xo)cm._Kg—Kl‘”‘p( K!’)*'( KQ—K])CXP( Kn @

Here f. denotes stress at time ¢, f, is the stress at time t=0, X, is the number
of crosslinks at time ¢, X, is the number of crosslinks at time ¢ =0, v, is the
probability that any monomer unit is crosslinked at time r=0, K is
the velocity constant for scission of monomer chains, K, is the velocity
constant for oxygenated crosslink formation, K, is the velocity constant for
thermal scission of oxygenated crosslinks, and A, is the fraction of unreacted
crosslinks at time £=0. This paper describes a method of analysis which
evaluates the physical constants K, (K,=K/v,), K,, K, and A, from experi-
mental observations of stress and time.

The method of analysis consists of fitting the logarithm of the stress data
using the method of least squares by a terminated Chebyshev polynomial

where

*Now at Department of Physics, University Coliege, London.
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series, re-arranging to express the data as a Taylor series; equating the first
four experimentally derived Taylor series coefficients with the theoretical
expressions for these coefficients obtained from the postulated mechanism
and so evaluating the physical constants K,, K,, K, and 4,. The mathe-
matical basis of the analysis is described in Sections 1 and 2. Section 3
gives the results of the method of analysis applied to stress data obeying the
postulated mechanism.

SECTION l—FITTING THE EXPERIMENTAL CURVE AND
DERIVING THE FIRST FOUR TAYLOR SERIES
COEFFICIENTS
Let the experimental data be f,, f:,, f:, . . . f, where f; is the stress at time ¢.
Expansion of the logarithm of the data as an (m—I)th order Chebyshev

polynomial leads to n equations :

I /f)= 3 AT(x); j=12...n 3)

where A4, is the ith coefficient of the Chebyshev series, },» is a Chebyshev
polynomial of the first kind of degree i and x; is ¢;/ tmax., i.€. t;/¢.. Equations
(3) are solved by the method of least squares giving the coefficients 4,, 4,,
A, ... An_,. The logarithmic data may be expressed as a Taylor series

Infi/fo=8t+8,2+8,8+... 8,2
©@,=In1=0)
where p=m—1.
Using the Gauss hypergeometric form ]*n X)=(=1)"F (n,-n; 1/2; x) we
see that:

8,=—23 (1AL,

L=

o

8,=+33 (=4, [L* (L - D] 12,

bo=~¢ 3 (=1 A, [L* (L - D) (L*-29] 1,
8=+ ::%géo (=D)AL L (L - 1) (L* - 2°) (L* - 39)] 1. @

The Taylor series for logarithmic data is next converted to a Taylor series
for data
I+at+at?+. .. P =exp 8,1+ 8,88 +8,2+...8,¢"]

and hence

@, =0,

a,={(1/2)8+3,

ag =58, +(1/6) 8+ 8,8,

a,=8,+(1/2) 82+ (1/24) 8%+ 8,8, + (1/2)8,3? (5)
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Thus we have fitted the experimental curve and obtained the values of the
first four Taylor series coefficients.

SECTION 2—EVALUATIONOF K, K,, K, AND 4,

Attempts to generate continuous stress relaxation curves similar to those
obtained in practice! led to an estimated value of K ~ 0-001. When K is
small equation (1) may be written

() = () /1.0 #54] ®

where K,=K/v,. f./f, may be expressed as a Taylor series since examination
of the analytic form shows that the series indicial exponent is zero

(ft/fo)cont. = lgoaltl

Slmllarly (Xr/Xo)cont. = 02?; /Bltl
1=0

and hence

00 o . o) oo )

[E B,tl+K0t] [E a,«t’] = [z ,Btt'] [ 3 ﬁjﬂ] (N

=0 i=0 i=0 i=0

It can be shown by equating powers of ¢ that :
K,=(B,—2)

Ko, =(8,— a,)+ B, (By —2)
Koo, =(B; — %)+ By (Ba— )+ B, B,-a)

Koaa :(64 - a4)+ B1 (Bs - 13)+Bz (:82 - a2)+ B:s (/81 - 3"1) (8)
By expansion of equation (2) it can also be shown that:
B1: ~Ir(z (1 "‘Ao)

218,=A.K, (K,-K,)+K;~24 K2

318,=A,K, (K, - K, -34,K:(K,—K))+34,K3—-K}

4! B4 :AoKz (Kz _Kl)s - 4A0K22 (Kz "Kl)z + 6A0K2 (K2 - Kx)

—4A4,K:+ K5 9)
The solution of equations (8) for K, can be reduced to the solution of a
sixth order polynomial.
Let Q.=2!B,-F1=K,A4, (K. - K,)- 4.K.]
Q3:3 !183 _ﬁ:::Qz [(Kz “K1)+K2 (Ao ~3)]

Q4=4!184_‘IBT=Q2 ![(KZ*K1)2+A0(K2—K]) K,+ AK%
+6K2-44,K;-4(K,—-K)K,]

We introduce the sixth order polynomial
Ne=0,1(Q.+ B~ (Q:+ BT -(Qs + BN —(Q:+ BN B\) (10
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From equation (10) it may be shown that N,=0. It can also be shown from
equations (10) and (8) that:

Q.+ B1=2!(2,— K?)

Qs+ B =3[+ K (o, +2K)]

Q.+ Bi=41[a+ K {(2 - Ki) (2, + 2K,)*}]

An explicit form for N, is obtained
N;=0=44K} + 78, K} + (81a? — 72a,) K’ + (362 —422,a2, —422,) K3

+ (1822 — 122,02+ 624 — 24,2, — 182,) K*?
+ (62,2, — 12a,2,) K,
+ (1222, — 6a%a, — 203 —9a? + 6a,2,2,) an

Thus if we know the values of «,, ., 2, and @, we can find six theoretically
possible values of K.

The real part of the root K, is used.to calculate K, K, and A,.

In the analysis the logarithm of the experimental data is fitted successively
by eighth to fourth order Chebyshev polynomials each of the fits resulting
in six theoretically possible sets of values of the physical constants. This is
done because it is not known in advance which order of polynomial will,
when fitted to the data, produce the best solution. The best solution is
considered to be that which, when the physical constants are substituted
in equation (6), gives theoretical values of relative stress f./f, which show
the best agreement with the observed values. It is apparent that thirty
theoretically possible sets of values of the physical constants will be obtained
in the analysis. In fact solutions which do not satisfy the following physical
conditions are discarded. The conditions imposed are K, >0, K, >0,
K,>0 and 0<<A4,<C1. When the real part of the root K, is used to
calculate K,, K, and A4,, two constants Y and Z are first obtained and
these correspond to K, and K, but it is not known which is which. On
physical grounds it seems probable that K, >> K, and this convention has
been followed throughout. If, however, the analysis is followed through
with K, > K, an alternative solution for each value of K, can be obtained,
the two sets of physical constants being :

K, Y Z A, where Z>Y
and K, Z, Y, A
where A,=1-Z(1-A4)]Y (12)

If we regard K,, Y, Z, A, as the normal solution it will be shown that
when the normal solution does not satisfy the root restriction conditions
neither does the alternative solution. Both solutions are obviously unaccept-
able if either K,, Y or Z is << 0. The range of permissible values for A4, is
0<A,<1. If A, is > 1, it is apparent from equation (12) that A7 is
also > 1 whereas if 4 << 0 then A, is <C0. Thus if the normal solution
is unacceptable so is the alternative solution.

Analysis of experimental observations by Baxter and Wilson? has shown
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that usually only the normal solution is possible. A very few cases have
been found in which both solutions are possible, but the alternative solution
is not thought to be physically significant.

SECTION 3—RESULTS AND DISCUSSION
Stress relaxation data obeying equation (6) were analysed on the Ferranti
Mercury computer by means of a programme written in ‘Autocode’.
Table 1 shows calculated values of the first four Taylor series coefficients
obtained by fitting Chebyshev polynomials of degree eight to four to the

Table 1
- +a, — +a,
Exact value 04 0-125 0-03516667 0-0085125
Order of
Chebyshev 8 0-40228702 0-12987863 0-03971950 001098043
7 0:39863643 0:12456434 0:03616365 000942590
6 0-38819027 011205575 0-02909127 0-00673183
5 036728667 0-09190462 0-01970353 0-00372652
4 033690342 0-06899246 0-01124235 0-:00157360

logarithmic data, Table 2 shows the best solutions produced for each order
of Chebyshev fit and Table 3 shows the comparison of exact and calculated
values of relative stress. Examination of Tables I, 2 and 3 shows internal
inconsistency since fitting the seventh order Chebyshev gives the best values
of the Taylor series coefficients, whereas fitting the sixth order Chebyshev
gives the best solutions and fitting the fifth order Chebyshev gives the best
agreement between exact and calculated values of the relative stress, the
sixth order fit giving the second best agreement. This discrepancy is due
to the inherently unstable behaviour of the solution. The only practical
criterion available when the correct solution is not known in advance is
the best agreement of observed and calculated relative stress. Examination
of Tables 2 and 3 shows that a discrepancy of this sort does not introduce
too serious an error in the values of the physical constants obtained.

Table 2
Koh—! ] Kih~? Kph=! Ao
Exact value 01 o1 | 10 07
Order of k
Chebyshey 8 | 01303 0-1009 1-1594 0-7654
7 01257 | 00999 1-0995 0-7517
6 01174 | 00991 0-9886 0-7261
5 0-1355 [ 0-0959 0-9189 0-7478
4 0-1410 0-0993 0-0816 0-7598
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Table 3
t hours 33 66 99 132 16'5 198

Exact f:/fo 0-358767 | 0-152370 | 0-065319 | 0-028264 | 0-012402 | 0-005521
Calculated f:/fo

Order 8 0:353209  0-143802 | 0-059636 | 0-025235 | 0-010903 | 0-004801
Calculated f:/fo

Order 7 0-354133 | 0-145528 | 0-060940 | 0-026009 | 0-011326 | 0-005024
Calculated f:/fo

Order 6 0-355515 | 0-147542 { 0062487 | 0-026920 | 0-011815 | 0-005278
Calculated f:/fo )

Order 5 0:357211 0-147162 | 0:062721 | 0027390 | 0-011310 | 0-005568
Calculated f:/fo

Order 4 0364414 | 0-146534 | 0-060908 | 0-:025952 | 0-012230 | 0-005028

Unstable behaviour has been found at several stages in the development
of the analysis. An example of this was that it was found that due to
certain physical effects the first data point, f,, of an experimental curve
might be in error by less than five per cent. Although several hundred
subsequent data points were accurate to less than one per cent, the error
in f, resulted in a very large discrepancy between calculated and observed
values of .relative stress. Omission of the first data point reduced the
discrepancy between observed and calculated values of relative stress of a
rubber band at 12 hours from 72 per cent to 17 per cent as is seen in
Table 4. The error arising from the unreliability of the first stress measure-
ment was overcome by extrapolating to find the value of f,.

The most difficult stage of the analysis is to obtain the Taylor series
coefficients. Initially a power series fit of 20 natural data points was used
but this resulted in an ill conditioned matrix since the diagonal terms in
the matrix increased from 1 to 20?°. A Chebyshev polynomial was next

Table 4
Koh-? Kih-1 Koh-1 Ao

Normal solution 0372 0100 | 3517 0949
Solution (first point

omitted) 0336 0-120 3:565 0-950
t hours 4 i 8 12
Observed ft/fo

(normal solution) 0-16013 004277 0:01061
Calculated f:/fo

(normal solution) 0-20060 0-05678 0-01838
Observed f:/fo

(first point omitted) 0-16608 0-04440 0-01096
Calculated f:/fo

(first point omitted) 0-19014 0-04650 0-01282

fitted to the natural data, but poor values of the Taylor series coefficients
were again obtained. Finally it was decided to fit the logarithm of the
data with a Chebyshev polynomial expression by the method of least
squares and the results of this method are seen in Tables I, 2 and 3.
The errors arising at various stages of the analysis led to the discrepancies
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previously noted. Frequently the error causes the real roots to become
complex and the imaginary part of the root has to be neglected, further
increasing the error.

Whatever criticism may be made of the method, it has been shown to
produce a reasonably satisfactory solution for exact data and it will be
seen in a later paper® that the application of this method of analysis to
experimental observations of continuous stress relaxation results in solutions
which give good agreement between calculated and observed relative stress
and furthermore the physical constants K,, K,, K, and A4, appear to
be physically significant.

Monsanto Chemicals Limited,
Ruabon, Wrexham,
Denbighshire
(Received July 1962)
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Stress Relaxation of Vulcanized Rubbers
I — Experimental Study

S. BaxTer and M. A. A. WiLsoN*

Three polysulphide crosslinked vulcanizates have been aged in air at elevated
temperature and constant elongation and the consequent relaxation of stress
measured continuously. The stocks were natural rubber vulcanized with sulphur
and tetramethyl thiuram disulphide, sulphur and diphenyl guanidine and sulphur
and N cyclohexyl benzthiazyl sulphenamide. Analysis of the experimental
observations by a method due to Edelstein, Vodden and Wilson has enabled
the velocity constants associated with chain scission and crosslink scission to
be calculated. Experiments carried out on two of the stocks at temperatures
ranging from 100° to 115°C have shown that the velocity constants obey the
Arrhenius equation and activation energies have been obtained for the reactions
invclved. It is postulated that crosslink scission proceeds through the formation
of an oxygen complex at the crosslink. An experiment in which a rubber
specimen was heated in vacuo prior to relaxation in air provided confirmatory
evidence for this mechanism of degradation as the specimen behaved according
to theoretical predictions. It is concluded that the postulated theory fits the
experimental observations well and that these polysulphide stocks degrade by a
combination of chain and crosslink scission.

In PART I of this series' a mechanism of degradation of the vulcanized
rubber network was proposed in which random chain scission and cross-
link scission are considered to occur simultaneously. At the same time
broken crosslinks may recombine with main chains giving rise to a second
network which does not contribute significantly to the stress when this is
measured continuously. The simple assumptions were made that random
chain scission takes place by a single stage reaction, and that crosslink
scission proceeds by two single-stage reactions, the first leading to the
formation of an oxygen complex and the second to scission. When relaxation
is measured continuously, the relationship between stress and time, at
constant temperature and elongation, is of the form

(;—:)cont T (11%) xzwont /I:'Yo (%)com 1 __exp(—Kt):' (1)

X, AKX, AK,
(Xo) o " KoK, exp(—K.,H+ [1 X, —~K1] exp (~K,?) )
and f, is the stress at time ¢, f, is the stress at time t=0, X, is the number of
crosslinks at time ¢, X, is the number of crosslinks at time ¢=0, v, is the
probability that any monomer unit is crosslinked at time t=0, K is the
velocity constant for scission of monomer chains, K is the velocity constant
for oxygen complex crosslink formation, K, is the velocity constant for
thermal scission of crosslinks, and A, is the fraction of unreacted crosslinks
at time t=0.

where

*Now at Monsanto Chemicals Limited, Ruabon.
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When Kt is small equation (1) may be written

()or = (B (5o #54 g

where K, =K/y,.

In part II of this series of papers? a method of analysis was described
which enables K, K., K, and A, to be calculated from a series of obser-
vations of stress and time. Several sets of values of these constants are
obtained in any one analysis, these sets are substituted in equation (3)
and the relative stress f./f, calculated at various times and compared with
the experimental observations at the same times. The set of values of K|,
K,, K, and A, which gives closest agreement between calculated and
observed relative stress, f./f,, is selected as best.

This paper describes work in which experimental observations on several
vulcanized rubber stocks are analysed in order to determine if the theory
provides a satisfactory description of the observations.

EXPERIMENTAL DETAILS
Equipment and preparation of rubber samples

Continuous measurements of stress relaxation were made in the equip-
ment described’. The rubber bands were allowed to remain unstrained in
the equipment for a period of ten minutes to attain thermal equilibrium
before the start of the experiment. Relaxation was carried out in air at
110°C with the bands linearly extended by 75 per cent unless otherwise
stated.

The samples were in the form of moulded bands 1 mm thick, 4 mm wide
and of 3 in, overall length. These bands fitted over pulleys of # in. diameter.
The bands were prepared by conventional methods; the vulcanizing
ingredients and antioxidants, when present, were incorporated by milling
and the bands cured in a steam heated press.

The experiments described in this paper have, for each vulcanizing
system, been carried out with bands made from the same rubber mix.
The stocks were of the following composition :

Aand B C D
Pale crepe 100 100 100
Zinc oxide 30 30 30
Stearic acid 05 05 05
Sulphur 25 20 2:5
Diphenyl guanidine 05 — —
Tetramethyl thiuram disulphide — — 04 —
N cyclohexyl benzthiazyl — — 05

sulphenamide

The proportions of the ingredients are given in parts by weight per
hundred parts of rubber. The stocks were cured as follows:
A cured for 20 minutes at 153°C
B cured for 30 minutes at 153°C
C cured for 20 minutes at 126°C
D cured for 30 minutes at 142°C.
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RESULTS

Three natural rubber gum stocks produced by vulcanization with sulphur
and diphenyl guanidine, sulphur and N cyclohexyl benzthiazyl sulphenamide
and sulphur and tetramethyl thiuram disulphide were studied. The stress
of each of these stocks was measured continuously at 75 per cent elongation
in air at 110°C over two to three decades of relaxation and-the experimental
observations analysed. The best sets of values of the constants K, K,, K,
and A, for each stock are quoted in Table 1. Substitution of the quoted
values of the physical constants in equation (3) gives rise to calculated
values of relative stress, f:/f,, at various times which are compared in
Table 2 with the directly observed values of relative stress at these times.

Table 1
Vulcanizing system Koh-1 Kih—? l Ksh—1 A

Diphenyl guanidine-

sulphur (A) 0-497 0-100 3:662 0976
N cyclohexyl benzthiazyl

sulphenamide—~sulphur 0-095 0-064 0-894 0796
Tetramethyl thiuram

disulphide~sulphur 0089 0-164 _ 1-059 0-477

Table 2
Diphenyl guanidine-sulphur stock (A)
Calculated
felfo 0-37221 0:17048 004616 0:01469 0-00509
Observed
filfo 036735 017177 0-04859 001515 0-00582
t hours 2 p 4 8 12 16
N cyclohexyl benzthiazyl sulphenamide—sulphur stock
Calculated
ft/fo 0-566090 0-355139 | 0-227308 | 0-146502 | 0-094990 | 0-061977
QObserved
ftlfo 0-565881 0-359501 | 0235746 | 0-151030 | 0-091768 | 0-053361
t hours 25 50 75 10:0 125 | 150
Tetramethyl thiuram disulphide—sulphur stock

Calculated
ft/fo 0-298124 0114023 0-046140 | 0-018856 | 0-007777 | 0-003246
Observed
felfo 0275668 0113156 | 0045363 | 0-018339 | 0-007416 | 0-003050
t hours 220 440 660 880 11110 1330

It is seen from Table 2 that good agreement has been obtained between
calculated and observed values of relative stress.

The reproducibility of the physical constants obtained on analysis is
indicated by the results given in Table 3 for a duplicate experiment on
tetramethyl thiuram disulphide~sulphur accelerated stocks.

Table 3
K, h-T K, h~t K, h-1 4,

0-100 0165 1-139 0-505
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Figure I—Diphenyl guanidine-sulphur stock A.
o—calculated f:/fo; 1—chain scission only; 2—crosslink
scission only

15

0oRE=__
\~:::::\\: §§§§§ 1
o
\\: Figure 2—N  cyclohexyl
;1—.0_ tenzthiazyl sulphenamide-
o sulphur stock. o—calculated
Q ft/fo; 1-—chain scission only;
2—crosslink scission only
20 ! L 1
0 5 10 15
Time,h
00
Figure 3—Tetramethyl thiuram 10
disulphide-sulphur stock. o— &
calculated fi/fs; 1—chain scis- &
sion only; 2—crosslink scission g
only =
20
0

166



STRESS RELAXATION OF VULCANIZED RUBBERS—III

The sets of physical constants in Table I indicate that, if the theoretical
treatment is valid, both chain scission and crosslink scission occur during
oxidative degradation of the three stocks. Figures I, 2 and 3 illustrate
the relative importance of the two modes of degradation. If no crosslink
scission occurs, the expression relating stress and time can be reduced to

(ft /fo)cont. =Y /‘r['Yo + 1 - eXp ( - Kt)] (4)
which when K¢ is small may be used in the approximate form
(ft/fo)vont.zl/(l_‘—KOt) (5)

and the broken line 1 in Figures I, 2 and 3 shows the relaxation of stress
which, according to our analysis, would occur if crosslink scission could be
entirely suppressed. Similarly, if chain scission does not take place the
stress/time relation can be reduced to

(ff / fo)cont. = (Xl /Xo)cunt.

and the broken line 2 in Figures 1, 2 and 3 shows the relaxation of stress
which would take place if chain scission could be suppressed.

It is apparent that, if the theoretical treatment is valid, both mechanisms
are of importance during the degradation of these stocks.

It has been demonstrated that quantitative agreement can be obtained
between the postulated theory and experimental observations. Further
experiments were carried out to endeavour to establish the real significance
of the physical constants obtained. Continuous stress relaxation experi-
ments were carried out at various temperatures on tetramethyl thiuram
disulphide-sulphur and diphenyl guanidine-sulphur stocks. The results are
given in Tables 4 and 5.

Table 4—Tetramethyl thiuram disulphide—sulphur stock

Temperature !
Koh—1 Ao

°C Koh=t | Kih-1 |
115 0210 | 0319 l 2295 0-537
110 0-089 0164 | 1059 0477
105 | 0-042 0-080 | 0538 0425
100 | 0035 | 0055 039 | 0529

Table 5—Diphenyl guanidine-sulphur stock B

Temperature
o]

C I<l]h"1 th_l Koh—1t Ao
115 1-021 0267 7276 0966
110 0-705 0-147 i 5-129 0975
105 0-508 0-107 ‘ 3-690 0-975
100 i 0-344 0-055 \ 2612 0982

Good agreement between calculated and observed values of relative stress
has been obtained in all experiments. Figures 4 and 5 show the plot of
the logarithm of velocity constant versus reciprocal absolute temperature.
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Figure 5—Diphenyl guanidine-sulphur stock

Reasonably straight lines are obtained and activation energies for the three
postulated reactions have been calculated. For the tetramethyl thiuram
disulphide—sulphur stock the energy of activation of the chain scission
reaction is 32-6 kcal/mole (y, is assumed to be constant for the four
samples from the same masterbatch and is estimated as 0-01), that of the
formation of the oxygen complex 33 kcal/mole, and that of the scission
of the complex crosslink 33-5kcal/mole. For the diphenyl guanidine-
sulphur stock the activation energies for these reactions are 18-8 kcal/mole,
27 kcal/mole and 18-5 kcal/mole respectively. vy, is estimated as 0-009
for this stock.

A,, the fraction of unreacted crosslinks at time =0 would be expected to
remain constant for each stock in the experiments at varying temperature,
and is found to do so within experimental error. These experiments
constitute a fairly severe test of the real significance of the constants K|,
K, and K, since, if the fit obtained between theory and experiment were
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fortuitous, it seems improbable that the constants would obey the Arrhenius
equation.

It has not so far been demonstrated that oxygen plays the part ascribed
to it in crosslink scission. A further experiment was therefore carried out
to investigate the real significance of the constant A,. A sample of the
tetramethyl thiuram disulphide accelerated stock was heated unstrained at
110°C for two hours in vacuo (10~* mm of mercury), cooled in vacuo, and
a stress relaxation experiment carried out at 110°C in air. According to
theory, heat treatment in vacuo should cause thermal scission of the
oxidized crosslinks. The simplest assumption would be that any crosslink
recombination which takes place in vacuo would be in the unoxidized form.
It would therefore be expected that the fraction of unoxidized crosslinks
would increase. Subsequent relaxation at 110°C would be expected to yield,
on analysis, a higher value of A, and unchanged values of K, and K..
Some change would be expected in K, since y, will be modified somewhat
depending upon the extent of crosslink recombination. Table 6 shows the
results of analysis of the heat treated sample compared with untreated.

Table 6
Specimen Koh—1 Kih-? K:h-1 . Ao
Tetramethyl thiuram
disulphide—sulphur 0-089 0-164 1-059 0477 .
Tetramethyl thiuram
disulphide—sulphur
heat treated in vacuo 0217 0-163 | 0-862 0-800

Good agreement between calculated and observed relative stress was
obtained. It is seen that the vacuum heated stock has behaved in accordance
with theoretical predictions. 4, has increased significantly, and K, and K,

00

Figure 6—1 Tetramethyl thi- <
uram disulphide—sulphur stock <=
heat treated. O—calculated log 8
ft/fo; 2—Tetramethyl thiuram —
disulphide—sulphur stock; O— 70

calculated log ft/fo k

Time,h
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are unchanged within experimental error. K,, which is the constant deter-
mined with the poorest accuracy in the analysis, has increased rather more
than would have been expected. Figure 6 shows the relaxation curves for
the treated and untreated bands.

DISCUSSION

In this paper an attempt has been made to determine if the physical
mechanism for oxidative degradation of vulcanized rubber postulated by
Baxter and Vodden' does fit experimental observations of stress relaxation.
A good fit of theory to experiment has been obtained for natural rubber
vulcanized with tetramethyl thiuram disulphide—sulphur, diphenyl
guanidine-sulphur and N cyclohexyl benzthiazyl. sulphenamide-sulphur.
All of these stocks are considered to contain polysulphide crosslinks.
Analysis of the continuous relaxation experiments yields velocity constants
K,, K, and K, for the postulated reactions of chain scission, formation of
oxygen complex at the ¢rosslink and decomposition of that complex. The
significance of K,, K, and K, has been confirmed by analysis of continuous
relaxation at temperatures varying from 100° to 115°C for two of these
vulcanizates. It is shown that the Arrhenius equation is obeyed and that
the fourth constant 4, remains constant within experimental error. Heat
treatment in vacuo prior to relaxation at 110°C has provided confirmatory
evidence of the significance of A4, as this value was increased markedly
by the heat treatment whereas K, and K, were unchanged as required by
theory.

The mechanism of degradation of sulphur vulcanizates of natural rubber
has been the subject of much controversy. Mercurio and Tobolsky® consider
that both sulphur and sulphurless vulcanizates of natural rubber degrade
predominantly by random chain scission by a single stage reaction and the
dependence of stress upon time is given by

(fl/fo)cont. :CXp ( —Kt)

where K is the velocity constant for chain scission. The curvature frequently
encountered in plots of the logarithm of relative stress against time (see
Figures I, 2 and 3) shows that departure from the exponential relation
occurs. A more rigorous treatment which takes account of the distribution
of chain lengths such as that of Berry and Watson* would lead to an
expression

(fe/ fodeont. =70/ Iyo + 1 —exp (= K1) @

for random chain scission by a single stage reaction. This relation would
show curvature of the type most commonly observed in plots of the
logarithm of relative stress versus time. Bevilacqua® also considers
degradation to proceed by random chain scission. In the type of experiment
carried out by Bevilacqua in which the swelling characteristics of the
degraded rubber are examined by a method due to Horikx® the crosslinks
of the original network and the crosslinks of the second network will be
measured without distinction. Where second network formation takes place
to a marked extent chain scission will be the predominant measurable
change in the system.
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Dunn, Scanlan and Watson’ on the other hand consider that vulcanizates
containing carbon—carbon links, such as peroxide or radiation cured stocks,
or vulcanizates containing mono- or di-sulphide links degrade by random
chain scission, whereas vulcanizates containing polysulphide links degrade
by another mechanism probably involving the crosslink. Earlier Berry and
Watson* proposed that degradation of polysulphide crosslinked stocks
proceeded by crosslink scission. Berry® advanced the hypothesis that cross-
link scission proceeded by two single-stage reactions, the first leading to
the formation of an oxygen complex at the crosslink, the second to scission
of the complex link. The general theory of degradation postulated here is a
combination of random chain scission by a single stage reaction with
crosslink scission by two single-stage reactions according to the postulates
of Berry®. The analysis applied to the experimental observations of stress
and time has, however, a certain versatility, and is capable of producing
solutions corresponding to several mechanisms, namely predominant
random chain scission by a single-stage reaction, predominant crosslink
scission by either a single stage or two single-stage reactions, or a com-
bination of random chain scission with crosslink scission by either a single
stage or two single-stage reactions. All solutions obtained so far have
corresponded to a combination of random chain scission with crosslink
scission proceeding by two single-stage reactions. It is concluded that the
degradation of the polysulphide stocks examined proceeds by both chain
and crosslink scission and the relative importance of the two mechanisms
is indicated in Figures I, 2 and 3.

The results of analysis of the continuous stress relaxation curves are,
however, capable of alternative interpretations. If the scheme of random
chain scission combined with crosslink scission is adhered to an identical
stress relaxation curve would be produced if the velocity constants K, and
K, were interchanged, i.e. if the velocity constant for the rate of formation
of the oxygen complex is greater than that for the decomposition of the
complex. If this were so, the value of the initial fraction of oxidized
crosslinks A%, would be given by the relation

A,=1-K,(1-4,)/K, ©

which leads to negative values of A, for all analyses quoted with the
exception of the diphenyl guanidine—sulphur stock and requires no further
consideration.

It is also possible that the mechanism of degradation of vulcanized
natural rubber is more complex than is postulated here.

Dunn, Scanlan and Watson” and Dunn® find that in gum stocks based
on very pure rubber degradation of vulcanizates containing carbon—carbon
or mono- or di-sulphide crosslinks proceeds by autocatalytic chain scission.
A combination of autocatalytic chain scission with crosslink scission by
two single-stage reactions would lead to the following relation between
stress and time

' X \? X, o ,
(;r) =Y (X;") . / [70 (XT)C L +I—(Z‘72*{CXP(K 1)_1}] @)
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where r, is the initial rate of reaction, K’ is the velocity constant for the
reaction, and Z, is the total number of monomer units present at t=0.
When K't is small equation (7) can be reduced to

()= () /L) + 25 ®

which would be indistinguishable mathematically from equation (3) but
the interpretation of K, is different, K,=r,/Zsy,. Equation (7) would
correspond to the simplest case of autocatalytic chain scission, not to the
mechanism postulated by Dunn, Scanlan and Watson’. It seems rather
unlikely, however, that chain scission in the conventionally prepared stocks
used in this work would proceed by an autocatalytic mechanism since the
oxygen absorption of such stocks is linear with time?°.

It has also been suggested that polysulphide stocks may degrade by
directed chain scission, i.e. scission of the chain adjacent to the crosslink
rather than scission of the crosslink itself*!. Degradation by a combination
of random chain scission and directed chain scission proceeding by two
single-stage reactions would be mathematically indistinguishable from the
mechanism postulated here. Directed chain scission, or any other mechanism
in which scission is considered to take place only in the chains, leads to
considerable difficulty when the formation of the second network is con-
sidered. In the mechanism proposed here, the crosslinks in the rubber are
regarded as being in a state of continuous breakdown and reformation, the
new crosslinks are considered to be identical with the original crosslinks
and the second network to degrade in the same manner as the first. A
theoretical expression for intermittent modulus has been derived

& (1) (B b (), r-emcmn] o

and it has been shown that insertion of suitable values of the physical
constants K, K,, K,, K,, A, and C, (where K, is the velocity constant for
recombination of crosslinks and C, the fraction of ruptured crosslinks at
time t=0) leads to curves for intermittent modulus of the same forms as
encountered in practice'. The theory can thus account qualitatively for the
phenomena associated with second network formation. If, however, the
crosslink is considered to remain intact during oxidative degradation, how
is a second network formed? It has commonly been suggested that the
second network is built by continued vulcanization'? but Dunn, Scanlan and
Watson’” have shown that second network formation takes place to an
appreciable extent in stocks which have been extracted with acetone before
subjection to oxidative degradation. It seems unlikely that sufficient free
sulphur or accelerator residues remain in the stock to account for the new
crosslinking observed by intermittent modulus measurements. If the cross-
link is not broken during degradation it would appear second network
formation must take place either through some reaction not associated
with the original crosslink such as continued vulcanization or crosslinking,
or by chain recombination. The crosslinks produced by the two latter
reactions will not be sulphur crosslinks. Baxter and Vodden! described an
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experiment in which the stress of a tetramethyl thiuram disulphide—sulphur
vulcanizate was allowed to relax to a tenth of its original value whereupon
a further linear extension was applied to the sample and the subsequent
relaxation curve examined. The overall slopes of the In (f./f,) curves were
very similar. The first relaxation curve is that of the original network
system; the second that of the second network system with a contribution
from what remains of the original network system. By extrapolation of the
first relaxation curve, an approximate estimate can be made of the contri-
bution of the original network system to the stress at the second extension,
and a corrected relaxation curve due to the second network system may be
obtained. The overall slope of this curve is slightly faster than that of the
original network system.

This result is what would be expected from the mechanism postulated
here since vy, has decreased (Figure 2, Baxter and Vodden') and K, increased.
Whatever mechanism of degradation is postulated, it has been observed
that the overall rate of degradation of vulcanizates containing carbon-
carbon crosslinks is very much slower than that of polysulphide crosslinked
vulcanizates'®; if the second network links were carbon—carbon links, the
second network would be expected to relax very much more slowly than
the original which is contrary to experimental observation.

It appears most probable that the new crosslinks are formed from the
original crosslinks by scission followed by recombination.

Monsanto Chemicals Limited,
Fulmer
(Received July 1962)
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A Kinetic Study of the Isothermal
Spherulitic Crystallization of
Polyhexamethylene Adipamide

J. V. MCLAREN

The kinetics of the isothermal spherulitic crystallization of polyhexamethylene
adipamide have been studied in the temperature range 241° to 252°C. The
effects of film thickness, moisture, previous thermal history and molecular
weight on the rates of isothermal crystallization have been studied. Equilibrium
melting temperatures (Tw) have been determined from the kinetic data and
these have been found to be consistent with the theory of Flory concerning the
molecular weight dependence of Twm. Comparison between induction times of
crystallization and the rate parameters has been made. The results of this
work are consistent with spherulitic growth proceeding by a three-dimensional
nucleation process and a considerable degree of order in the molten polymer.

THE crystallization kinetics of polyhexamethylene adipamide have been
studied by a number of .workers using a variety of techniques'~*. Whilst the
general nature of the isothermal crystallization has been established there
are factors relevant to such crystallization that have not been fully investi-
gated. For example, it is known that the previous thermal history of the
polyhexamethylene adipamide can affect the subsequent crystallization®.
However, a lot more detailed quantitative data are required before any
definite conclusions regarding the effects of previous heat treatment on the
crystallization can be made. The study of all factors affecting the crystal-
lization kinetics of polyhexamethylene adipamide must be made before
any reliable mechanism of crystallization for this polymer can emerge. In
addition the kinetic data must be compatible with the results of morpho-
logical studies.

The present investigation deals with the effects of moisture, sample
thickness, crystallization temperature, polymer molecular weight and
previous thermal history on the isothermal crystallization kinetics of
polyhexamethylene adipamide. In all experiments spherulitic growth has
been studied. Such measurements have been shown to give a true measure
of the overall rate of crystallization®.

EXPERIMENTAL
Materials
The polyhexamethylene adipamide polymers had number average mole-
cular weights in the range 2 500 to 20 000. The molecular weight values
were obtained from relative viscosities of 84 per cent solutions of the
polymer (w/w) per cent formic acid. They contained no titanium dioxide.

Apparatus
The apparatus consisted of a Kofler hot-stage mounted on a polarizing
microscope (Cooke, Troughton and Simms). The microscope was fitted with
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an attachment which enabled a Schachman 35 mm time lapse camera to be
fitted to the eyepiece. The camera’in turn was connected to a Schachman
Intervalometer (type T.V.1) which enabled exposures to be made at pre-
determined time intervals. The maximum exposure rate was four frames
per second. Photographs were taken on Kodak Panatomic X film using an
exposure time of 0-1sec. Illumination of the sample on the Kofler hot-
stage was by means of a 250 W mercury lamp. The negatives were enlarged
for actual measurement of spherulite size by using an Ediswan microfilm
reader. Magnifications of up to 600 x were used. The system was calibrated
using films containing spherulites of known dimensions and an eyepiece
graticule of known line separation. For melting prior to crystallization a
Gallenkamp hot-stage was used. This was situated close to the Kofler
hot-stage.

Methods

Sections of dry polymer chip were mounted in degassed silicone oil
(MS550) between 4 in.- diameter No. 1 microscope cover slips. The samples
were melted for a given time at the appropriate melt temperature on the
Gallenkamp hot-stage. The melting temperature was controlled to +1°C.
After the requisite time of melting, the sample was rapidly transferred to
the Kofler hot-stage, which had been set at the required crystallization
temperature. The Kofler hot-stage was controlled to +0-5°C at all crystal-
lization temperatures. Zero time for a given run was taken as the time
the sample touched the Kofler hot-stage. The sample film was focused in
the plane of the camera film and exposures were taken at various time
intervals with the aid of the Intervalometer. The time was recorded with
a stopwatch reading to 0-1 sec.

The microscope cover slips were cleaned prior to use by immersion in
chromic acid for 48 hours, followed by repeated rinsing in distilled water.
They were stored under a 50/50 (v/v) mixture of petroleum ether and
ethanol. This 50/50 mixture had been thoroughly filtered through a fine
sintered glass filter.

The samples of polymer were dried by heating the sliced chip at 75°C
for 24 hours under a vacuum of (-05mm of mercury and stored in a
desiccator over phosphorus pentoxide prior to use.-

Final film thickness was measured with a screw micrometer for thick-
nesses greater than 30u. For the thinner films, 254 thick cross sections were
initially microtomed, which when measured subsequent to the crystallization
were found to be less than 10u thick. This was deduced by removing the
top cover slip and focusing the microscope on the bottom cover slip and
the top of the film in turn.

RESULTS AND DISCUSSION

General characteristics of the crystallization kinetics
The isothermal crystallization of polymeric materials can be described by
the equations due to Avrami®—®. The important relationship is

f=exp (— K1) n
where 4 is the volume fraction of unchanged amorphorus phase at time
176



THE CRYSTALLIZATION KINETICS OF 66 NYLON

t, K is the overall rate constant and »n is an integer, the value of which
depends on the nature of the growth and nucleation. Morgan'® and others
have interpreted the values of # as follows:

(a) For n=2 fibrillar growth from sporadic nuclei is postulated.

(b) For n=3 fibrillar spherulitic growth from predetermined nuclei.

(¢) For n=4 fibrillar spherulitic growth from sporadic nuclei.
In this context, sporadic nucleation refers to the appearance of spherulites
randomly in time and space. Predetermined nucleation refers to the non-
random appearance of spherulites as evidenced by the very small size
distribution in a given sample at any given time. Mandelkern'* has pointed
out that if heterogeneous material is present, the nucleation process can
be affected. In the present work, all the materials were kept under conditions
that minimized the chances of dust and the like being incorporated in the
molten samples.

The relationships between the overall rate constant K and the micro-
scopically measured quantities are®:

K=1%G%%, )]

where G is the rate of radial growth of the spherulites (u«/min) and %, is
the rate of increase of nuclei per unit volume per unit time (No. cm~* min™"),
and

=4$7G*N (€)

where N is the number of nuclei per unit volume.

Thus equation (2) holds for conditions of sporadic nucleation and
equation (3) relates to predetermined nucleation.

The crystallization was characterized by an initial induction period in
which no spherulites were evident. Following this, small birefringent sheaf-
like arrangements were observed which grow into larger spherulites. In
all experiments the number of spherulites increased with time, indicating
sporadic nucleation. The radial growth rates of the spherulites were always
constant, and the growth linear. Assuming that each nucleus results in a
single spherulite, nucleation rates were essentially linear. Figures 1 and 2
show typical results from which G and k, were derived. At most tempera-
tures there was an initial slow rate of nucleation, but after a relatively short
time the more rapid and characteristic nucleation rate was observed.
Similar nucleation behaviour has been reported for polydecamethylene
sebacate®.

The accuracy of the determinations of G and k, can be assessed by
reference to Figures 1 and 2. In Figure 1 different symbols on a given
isothermal denote different spherulites in the same field of observation.
Clearly the different spherulites grew at the same rate, indicating that a
uniform temperature existed. Repeat runs at a given temperature gave
satisfactory reproducibility. Repeat determinations of k, gave reasonable
reproducibility. Figure 2 illustrates this point, different symbols denote
separate determinations at a given temperature. An error of +5 per cent
is to be expected from the statistics of the nucleation process'®>. Measure-
ments of nucleation and growth rates were limited to the times taken for
overlapping and mutual interference of the spherulites to occur.
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Figure 1—Radial growth rates of spherulites at various tempera-
tures for a polymer of M= 14 600 melted at 300°C for 30 minutes
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Figure 2—Nucleation rates at various temperatures for a polymer
of M, =14 600 melted at 300°C for 30 minutes

Table 1 shows some kinetic data for a sample of polymer of M,=12 900.
Magill*, using the light depolarization technique, has obtained results for a
sample of polyhexamethylene adipamide having similar characteristics.
He used similar melting conditions to those employed in the present study,
but in the temperature range 240° to 251°C. The nucleation was found to
be predetermined. However, subsequent detailed investigation'* has shown
that for crystallization temperatures above about 245°C nucleation is
sporadic, and that the rate constants agree very well with those presented
in Table 1. The results of Morgan et al.' tend to be lower than those
reported here, and this may be due to the different technique used. The
data of Lindegren® for spherulitic growth rates are higher than those of
Table 1 but molecular weight effects account for this. The importance of
molecular weight as regards crystallization will be discussed later.
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Table 1. Kinetic data for a sample of polyhexamethylene adipamide of M»,=12 900
melted at 300°C for 30 minutes prior to crystallization

Crystallization :
temp. (°C) G (u/min) k, (No.cm=3 min—1) K (min—*)
2460 640 1-16X 108 304x10-¢
2480 3-38 0-88x 108 34 x10-3
2530 065 0-12x108 3-38x10-8

Some experiments were carried out to assess the effect of moisture on
the crystallization kinetics. It was found that the undried polymer crystal-
lized at a faster rate. At 248°C the value of K for the undried polymer of
M,=12900 was 1-96 x 10* when identical conditions to those quoted in
Table 1 were used. Since the amount of moisture varied from sample to
sample, all polymers were vacuum dried prior to use. The amount of
moisture removed was usually 1 to 2 per cent w/w. The increase in rate
of crystallization brought about by water suggests that polymer chain
mobility is enhanced due to a plasticizing action of the water.

Influence of film thickness on the kinetics

Table 2 shows some data obtained for a polymer of M, =28 700. The film
thicknesses quoted are only accurate to about +3u yet a clear trend to
more rapid crystallization in thinner films can be seen. Flory and Mclntyre®,
working with polydecamethylene sebacate, state that the kinetics were
unchanged by a fourfold change in film thickness. They did not state,
however, whether any very thin films (5 to 10x) had been used. This
present work suggests that only above about 50u will the rate of crystal-
lization be unaffected by film thickness. Buchdahl and co-workers'* found
that for branced polyethylene induction times of crystallization () decreased
as the surface to volume ratio of the sample increased. Column three in
Table 2 shows values of surface to volume ratio assuming a disc-shaped
polymer sample of the quoted thickness. The results are in accord with
the findings of Buchdahl.

Table 2. Effect of film thickness on the kinetic constants for a polymer of Mn=28 700
crystallized at 250°C after melting at 300°C for 30 minutes

Film

A
thickness 7 (min) v (x10%) G (pu/min) k,(No.cm~3 min='}y K (min—*)
()
150 8-4 191 15 1-65X 108 56 X10-6
60 52 391 1-7 1-18 x 108 58 x10-§
30 32 7-24 2:1 1-95x 108 1'95%x10-53
10 34 206 87 21-4 X 10°¢ 14 X10~-2

The greater rate of crystallization in the thin films may be due inter alia
to three factors: first, surface nucleation; secondly, more efficient dissipation
of the heat of crystallization; and thirdly, the near two-dimensional growth
may differ from the three-dimensional growth possible in the thick films.
Table 2 shows that k, increases markedly at low film thickness, suggesting
that surface nucleation is a contributing factor. At the same time, G is
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shown to be increased at lower film thicknesses. The linear radial growth
rates of spherulites is generally accepted as evidence for growth by secondary
nucleation. It may be that in thin films both primary and secondary
nucleation is enhanced. The present study does not attempt to estimate the
effects of heat dissipation and possible two-dimensional growth of the
spherulites. In all other experiments in this work, sample thicknesses were
in the range 100 to 150pu.

The influence of melting conditions on the kinetics

(1) Temperature of melting—It was known that for polyhexamethylene
adipamide the induction time of crystallization was dependent on the
temperature of melting'®. Determination of the kinetic constants using
various melt temperatures not only gives more precise information but
serves to correlate induction times with other rate parameters. Tables 3
and 4 show some typical data. G is the parameter most affected by melt

Table 3. Dependence of kinetic constants on melf temperature for a polymer of
My =14 600 melted for 30 minutes

Melt temperature (°C)
T
c 280 300 315
co - _
G k, K G K, K G k, K

241-5 17:0 485 2:49x 107 12:26 144  2:66x1072 168 450 2224 x107

242 1575 39:2 15 x107* 11-5 130 2:07x107? 14-5 3117 96 x10™

243 13-8 225 6:19%10* 10:5 10-5 127 x 107 10-1 105, 1'13x 107

245 10-85 573 811x107* 77 62 2:36% 107 68 67 21 x10°°

247°5 63 2:85  746x107* 41 315 538x107* 3-95 325 21 x10™

248 574 226 43 x10™* 3-5 280 126x10™* 34 289 13 x107

251 0-46 018 1-63x107"

252 088 ° 033 2:24x10~ 0-33 0-38 009 49 x10—*
T, denotes crystallization temperature. G is in p/min. Kk, is the number of nuclei cm* per minx10™*

and K is in min™,

Table 4. Variation of total numbers of spherulites with melt temperature for a
polymer of M»= 14 600 melted for 30 minutes

Crystallization Duration of No. of spherulites|cm® for
temp. (°C) crystallization given melt temperature
(rmin) 280°C 315°C
241 1-5 13-2x 108 15-6 x 108
245 4-5 10-9x 108 4:-1x108
248 60 32X 108 0-5%x108
252 300 3:1x10¢ 1 X108

temperature. Although k, does not alter markedly, the total number of
spherulites present at a given time from the commencement of crystal-
lization is greater the lower the melt temperature.

Burnett and McDevitt? found that G did not vary with melt temperature.
However, they only melted their samples for 30 seconds, and so any effects
encountered in the present work would go undetected. Hartley, Lord and
Morgan', using the density balance technique, found. that the overall rate
constant (K) increased as the melt temperature decreased. Their rate
studies using optical techniques, though not comprehensive, suggest that G
increases as the temperature of melting decreases. An important difference
between the work of Hartley, Lord and Morgan and the present study is
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that they found sporadic nucleation only at crystallization temperatures
above about 250°C. No correlation as regards k, is thus possible. However,
the data of Table 4 are consistent with Morgan and co-workers’ values for
the number of nuclei present at 247°C after melting at 295°C and 285°C.

(2) The effect of time at the melt temperature—Any process associated
with the melting of crystalline regions might be expected to be dependent
on the time of holding at the melt temperature. Induction times of crystal-
lization for polyhexamethylene adipamide are dependent on the time of
melting'®. Table 5 shows typical results. Once again G is found to be the

Table 5. Effect of holding time at 300°C on the crystallization kinetics at 247-5°C
for a polymer of M,=8 700

Time of melting G (#/min) k, (No.cm~=3 min—1) K (min—4)
(min)
5 87 1-20 108 8:04x10-¢
10 80 123X 108 63 x10-4
15 77 — —_
20 65 093 x 108 2:54 %104
30 57 1:65x 108 3:14x 104

most sensitive parameter. Since the overall rate constant (K) depends on
G* the rate of crystallization is dependent on time of melting.

Up to a holding time of 30 minutes G varies linearly and inversely with
time of melting.

The effect of melt history on the kinetics suggests that spherulite growth
is not by successive additions of single chain segments to the crystalline
phase, but that some larger units add on to the spherulite surface. These
units would themselves be partly ordered and their numbers and degree
of order would be dependent on the melting conditions. The relative
insensitivity of k, to melting conditions suggests that the units governing
G are different from those from which primary nuelei form.

It has been reported*® " that for isotactic polypropylene melt temperature
has little or no effect on the rate of crystallization. On the other hand,
polyethylene terephthalate behaves like polyhexamethylene adipamide in
this respect'®. The reasons for such differences are not clear. The degree
of order remaining in the molten polymers after fusion will be an important
factor. Possibly some polymers have greater order in the melt than others.
Certainly polyhexamethylene adipamide would be expected to retain some
measure of order by virtue of its marked tendency for hydrogen bonding*® *°.

Molecular weight dependence of the kinetics

Figure 3 shows some results for samples of polyhexamethylene adipamide
having M, values in the range 2 500 to 15 000. Experiments were carried
out with samples having greater molecular weights, but it was not possible
to obtain any satisfactory results. The films were of poor quality in that
they were discontinuous, and a considerable amount of fine granular bire-
fringent material always appeared. It is thought that the very high melt
viscosities of these higher molecular weight polymers modify the flow
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properties of the films and cause strain. This strain could induce crystal-
lization.
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Figure 3 clearly shows that the rate of crystallization at any given tem-
perature decreases with increasing molecular weight. The results suggest
that there is a levelling off of both K and G at higher molecular weights
although this could not be definitely confirmed for the reasons cited above.
It is worth noting that the induction times of crystallization (v) level off
at higher molecular weights'®. It was found that k, varied little with
molecular weight and once again the change in G is controlling the
variation in the rate of crystallization.

Since the equilibrium melting temperature of polyhexamethylene
adipamide increases with increased molecular weight, the effect shown in
Figure 3 is a minimum one. If crystallization is compared at corresponding
degrees of supercooling, and with melt temperatures at corresponding
intervals above the melting point, then the differences in the rate of crystal-
lization will be more pronounced. Hartley, Lord and Morgan', using a
density balance, showed that K increased as the molecular weight decreased
for polyhexamethylene adipamide. Lindegren® states that for this polymer,
varying the number average molecular weight from 11 600 to 26 300 caused
a decrease of about 30 per cent in the value of G. Molecular weight also
influences the overall rate of crystallization of isotactic . polypropylene'’,
and polyethylene terephthalate®* in the same manner.

The present study emphasizes that the radial growth rate (G) is the
parameter affected most by the molecular weight. It is suggested that in
the supercooled polymers, mobility is decreased as the molecular weight
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increases, and hence the units that build up the spherulite reach the growing
spherulite surface at a slower rate. The molecular weight may affect the
structure of spherulites?®, and hence a correlation between kinetics and
morphology might possibly emerge. Much more detailed information on a
wide variety of crystallizing polymers is needed so that the effects of
molecular weight and crosslinking may be understood and perhaps related
to the structures produced.

Relationship between induction times of crystallization and other kinetic
parameters
A feature of the crystallization of polymers is an initial period of time in
which no apparent crystallization takes place. This induction time () has
been detected by various methods and in fact the magnitude of r depends
on the sensitivity of the detecting device. In the present investigation, ~ was
determined by two methods, namely a static method and a dynamic method.
The former consisted of crystallizing a number of films of polyhexamethylene
adipamide at a given temperature for various lengths of time, arresting
the crystallization by quenching at —30°C in acetone, and then studying
the quenched films under the polarizing microscope. The dynamic method
utilizes the plot of number of spherulites versus time (see Figure 2).
Extrapolation to the time for zero number gives a value of 7. The values
of  obtained by this latter method were always greater by a factor of 1-5
to 2-0. This was due to inaccuracies of extrapolation and a poorer resolving
power of the optical system used with the hot-stage. Both sets of results
obeyed the empirical relationship
r=A [1/AT]" (4)
where A and n are constants and AT is the degree of supercooling. The
value of T,, the equilibrium melting temperature, for a polymer of
M,=14 600 was obtained from kinetic data as shown in a subsequent
section. The static and dynamic methods gave values for n of 825 and
8:34 respectively. These compare with values of n=6 to 7 for 66 nylon
obtained by Allen?®. Magill** has found a value of 7 for 6 nylon from
measurements of induction times. A value of 9 has been obtained for other
polymers®.

Comparison between 1/7 and the other kinetic parameters is made in
Table 6. The method adopted has been to assign a value of unity to all the
parameters at 251°C and determine the ratios (R) at other temperatures with
respect to 251°C. The subscripts on R relate to the appropriate parameter.
Table 6 was compiled from the data in Table 3.

Table 6. Relationship between 1/7 and the kinetic parameters for a polymer of
M, =14 600 melted at 300°C for 30 minutes

T:(°C) -‘_lw(minfl) R. Re Rk, Rk
2415 2-44 39-1 266 80-2 1:5x10°
243-0 1:33 213 229 585 8-0Xx 104
2450 025 39 16'7 34-4 1:4X 101
2475 0154 2'5 89 20-8 3-3x10°
2480 0-140 22 76 10-6 7-6 X102
2510 0-063 1-0 10 1-0 10
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Similar results were obtained for a polymer having M,=28 700 and also
when other melt temperatures were used. It is clearly necessary to be
careful when using induction time as a Kinetic parameter. For poly-
hexamethylene adipamide 1/7 is affected by temperature qualitatively in
the same manner as G, k, and K.

G, p/min
0 s 10 15
{ T 1
~-log K
1-0 2:0 3-0 40 5.0 6-0 70
T T T T T To TZ
2:0F
T V5F
€
-
= 10
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0 25 50 75 1-0 12:5 15-0

k(X 1076)

Figure 4—Relationships between induction times of crystallization
(v) and the kinetic parameters. O log K, X G, ® kn. Polymer of
M =14 600 melted at 300°C for 30 minutes

Empirical relationships may be obtained between 1/~ and the Kkinetic
parameters as is shown from Figure 4. A most notable feature is the
discontinuities in the curves at 246°C which are probably caused by pre-
determined (i.e. simultaneous) nucleation playing a dominant role in the
crystallization at crystallization temperatures below 246°C.

The empirical equations relating 1/7 to the crystallization rate para-
meters are as follows :

1/7=028+m, (G-8:8) %)
m, is 0-63 at temperatures above 246°C and 0-043 below 246°C.
1/7=0-25+m, (k,—7-0) 6
m, is 0-29 above 246°C and 0-022 below 246°C.
1/7=025+m, (log K +2-4) 0

“m, is 2:68 above 246°C and 0-03 below 246°C. r is in minutes, G in
u/min and k, is No. cm™ min~! x 10°. It must be emphasized that these
equations are only valid over the fairly narrow temperature range studied.

Other workers'* have shown that for branched polyethylene r bears no
relation to the subsequent growth of crystallization. This is not so for poly-
hexamethylene adipamide although 1/r cannot be equated quantitatively
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with the subsequent rate of crystallization, r is probably associated with the
initial attainment of steady state nucleation and slow initial growth rates
of these nuclei. The discontinuities in the plots in Figure 4 are not incon-
sistent with the work of Magill***. He found that below about 245°C
growth was from predetermined nuclei. The breaks in Figure 4 occur at
about 246°C. Although in the present work the number of spherulites
always increased with time, the crystallization could still have been from
both predetermined and sporadically formed nuclei. As long as there is an
appreciable contribution from sporadic nucleation, then the overall effect
is as though crystallization is from sporadically formed nuclei. Below about
246°C the predetermined nucleation becomes dominant.

Influence of supercooling on the crystallization kinetics and determination
of equilibrium melting temperatures

The degree of supercooling affects the crystallization of both monomeric®®
and polymeric'* systems. Determination of the degree of supercooling
requires a knowledge of the melting temperature of the material. With
polymeric systems, accurate values of the equilibrium melting temperature
(T,) are difficult to obtain, since T, is a function of the rate of heating of
the sample. Frank (see ref. 11) has proposed a method for determining
the melting point of a polymer from kinetic measurements which is based
on the principle of supercooling. Two relationships proposed by Frank are:

log (rate)=k’ + k, [(T.—T) (8)
log (rate)zk;+k2/(T1n_T)2 (9)
where T is the crystallization temperature, T,, the equilibrium melting
temperature and k,, k7, k, and k) are constants. Equations (8) and (9)

relate to two-dimensional and three-dimensional nucleation respectively.
The temperature coefficient of the crystallization is defined as

u=dlog (rate)/dT

Thus from equations (8) and (9) we have:
u=-k,(T,-T)* (10$)
u=—k,(Tn—-T)" (1)

Equations (10) and (11) can be tested by plotting u#~* and u~t against T.
A straight line should be obtained if either equation (10) or (11) is obeyed.
This should extrapolate to zero rate at T=T,,.

Figure 5 shows results for two samples of polyhexamethylene adipamide
having M, values of 8 700 and 14 600. It was found that equation (11)
relating to three-dimensional nucleation gave the best fit to the experimental
data. The values of T, obtained in this way are shown in Table 7. It is
seen that melt temperature affects 7', slightly.

Flory?*’ has derived the following expression relating T, to molecular
weight

1/T.—-1/T%,=2R/AH.X, (12)

where T.. is the equilibrium melting temperature for a polymer of number
average degree of polymerization X,, T? is the limiting value of T, for
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Figure 5—Plots of u—1 versus temperature used for determina-
tion of equilibrium melting temperatures. O Polymer of
M,=14 600 melted at 315°C for 30 minutes. * Polymer of
Mp,=14600 melted at 280°C for 30 minutes. * Polymer
of M,=8700 melted at 315°C for 30 minutes. A Polymer of
M, =8 700 melted at 280°C for 30 minutes

values of X, greater than about 100, R is the gas constant and AH, is the
latent heat of fusion per mole of repeating unit. From the molecular weight
distribution studies of Howard?®®, it may be concluded that equation (12) is
applicable to polyhexamethylene adipamide. If 79, is taken as 272-5°C
(Table 7), T.. can be calculated for other values of X,. This has been done
‘for X,=39, i.e. M,=8 700, and the calculated value of T,, shown in Table 7
agrees very well with the measured value using equation (11). Although
such close agreement may be partly fortuitous, it does give confidence in
treating the kinetic data in this way.

Table 7. Equilibrium melting temperatures obtained from kinetic data. Time of
melting 30 minutes

=8 700 ‘ My=14 600
. vI
Melissems Tn®C T (oate,°C T (°C)
280 267 2660 am2s
315 265 2652 | 271°5

AH,, taken as 4 972 cal/mole repeat unit, i.e. per 226 g (ref. 29).

Mandelkern'! has shown that for growth by three-dimensional nucleation,
the following relationships exist between the kinetic parameters and the

degree of supercooling.
log X=constant—CT% /T (T,.—-T) (13)

where X is one of G, k, or K and C is a constant for a given polymer. The
other symbols have their usual meanings.
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Figure 6 gives some results for a polymer of M,=14 600 where the data
have been plotted according to equation (13). Similar plots were obtained
using k, and K. Also in Figure 6 are the same data plotted according to a
relationship applicable to two-dimensional nucleation, i.e. log G versus
T../T (T, —T). Satisfactory straight lines are obtained using both relation-
ships when (7, —T) is relatively small. The data for two-dimensional
nucleation in Figure 6 do show consistent deviation from linearity at larger
values of (7, —T), i.e. at lower crystallization temperatures. This is not
surprising, since the theory is only applicable to low values of the super-
cooling (AT). Mandelkern'* has shown that for polydecamethylene sebacate
the kinetic data obey the relationships for both two- and three-dimensional

T /T (AT)
5 40 T
rop- ¢ ™~
[
(L] \
05}
0._
\
1 ! 1 { 1 | *N

01 0-2 03 05 0-6 07

04
T2 /1 (ATY?
Figure 6—Dependence of radial growth rate on extent of super-
cooling. Polymer of M.=14600. O Melited for 30 minutes at
280°C. + Melted for 30 minutes at 300°C. A Melted for 30
minutes at 315°C. ® Melted for 30 minutes at 315°C plotted
according to equation for two-dimensional nucleation

nucleation and he suggested that three-dimensional nucleation was the more
physically tenable situation. The present study would seem to support this.
In this study, the range of AT used was 20° to 32°C. The values of AT are
thus comparatively large compared with studies on other polymers® ',

The values of the functions T2 /T (AT)* are very sensitive to the value
assigned to T, and the fact that fairly good agreement with theory was
obtained using the values of T, derived from kinetic data gives added
support for this method of obtaining T.,. Using other values of T, in
equation (13) gave inferior plots. Burnett and McDevitt> had to assume a
value of 280°C for T, for polyhexamethylene adipamide in order to
correlate their experimental data with theory. This would seem somewhat
high on the basis of the present results. The melting point of the sample
of M,=14600 as obtained from optical measurements using fairly slow
heating rates (~ 1°C/minute) was 264°C. Of course the exact history of
the samples during manufacture can affect subsequent behaviour, and
hence comparisons are difficult,
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The slightly lower values of T,, obtained using a higher melt temperature
(Table 7) can be explained in terms of the melting point being lowered by
the more complete melting at the higher melt temperature. The influence
of the time of melting on the kinetics (Table 5) may also be explained on
the basis of more complete melting. Moreover, the insensitivity of the rate
of crystallization to change in molecular weight above an M, value of about
14 000 can partly be accounted for by a constancy of supercooling which
arises from the melting point being independent of molecular weight at
higher molecular weights. Many more observations are required to establish
this supercooling concept, although Price*® has shown that for polyethylene
crosslinked with high energy electrons, the isothermal growth rates of the
spherulites depended only on the degree of supercooling despite the melting
points of samples crosslinked to different extents varying from 133° to
113°C.

The main point to be borne in mind is that the process of fusion should
not be equated to true melting for a crystalline polymer. There will
probably be remnants of order in the molten polymer to a degree dependent
on the melt history of the material. It is this residual ordered material which
affects the subsequent crystallization. More information on the structures
present in molten polyhexamethylene adipamide are needed to substantiate
this idea.

Since this work was completed, Rabesiaka and Kovacs®' have suggested
that melted polyethylene is not in true thermodynamic equilibrium and that
some quasi-indestructible clusters of polymer can remain even after melting
for prolonged periods. These clusters are thought to act as heterogeneous
nuclei for subsequent crystallization.

The author is indebted to Mr H. J. Palmer for his continual helpful
discussion. Thanks are due to Dr J. H. Magill for private information,
and to British Nylon Spinners Limited, for permission to publish.
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Crystallinity, ‘Crystallite Size’
and Melting Point of Polypropylene

G. FarrOw*

Samples of polypropylene polymer, containing no additives and sealed into
evacuated glass tubes, have been annealed for long periods at a temperature
(160°C) close to the melting point. The melting points of the specimens in-
crease with annealing time and evidence suggests that this is principally due
to an increase in ‘crystallite size’ rather than crystallinity. The results tend to
support a previous suggestion that the atactic content of this type of poly-
propylene is of the order of 15 per cent. The results also suggest that if
polypropylene polymer could be made with little or no atactic content, then
its melting point after suitable annealing would be about 200°C.

IN A previous publication® a method was suggested for estimating the atactic
content of polypropylene polymer which depends on heat crystallizing the
polymer to its maximum attainable degree of crystallinity. Only relatively
short crystallization times were used in these initial experiments. Polymer
specimens have now been annealed, for long periods, at a temperature close
to the melting point as has been done with linear polyethylenes®*. The
results together with some other aspects are discussed in this paper.

EXPERIMENTAL

Preparation of samples

Five 2 g samples of polypropylene polymer containing no additives were
placed in separate lengths of Pyrex tubing, evacuated and sealed. They
were then placed in a silicone oil bath maintained at 160°C (+2°C), a
sample being withdrawn after 10 days, 20 days, 40 days and 70 days. The
70 day period was intended to be 80 days but the thermostat on the tem-
perature bath failed after this length of time. In fact two samples were held
in the bath for 70 days. One sample, evacuated and sealed in the Pyrex
tubing, was heated at 300°C for a half hour to completely melt the original
crystallites and destroy any residual nuclei, apart from those existing under
equilibrium conditions, and then plunged immediately into the bath held
at 160°C. The other sample was not heated prior to being placed in the
annealing bath,

X-ray measurement

The crystallinity and ‘crystallite sizes’ of the specimens were measured
by X-ray diffraction techniques™®.

The X-ray method for the measurement of crystallinity has been
described in detail elsewhere'. It consists, in principle, of a comparison
between the integrated intensity of the crystalline reflections and those of
the non-crystalline background, considerable refinements of X-ray technique
being necessary to make this comparison quantitatively valid.

*Now at Fiber Industries Inc.. Bbx 834. Shelby, N.C., US.A.
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The X-ray method of measuring crystallite size is based on the line-
broadening of X-ray diffraction intensities by crystallites of less than
1000 A. Sizes greater than 1000 A cause no appreciable broadening of
X-ray intensities. The method requires very careful experimental tech-
niques*. Furthermore, it is arguable to what extent changes in the line-
broadening may be interpreted as true changes in crystallite size for other
effects can give rise to this phenomenon*. The view adopted here is that a
decrease in the ‘line-width’ of an X-ray diffraction arc represents an increase
in molecular perfection and it is in this context that the ‘crystallite sizes’
must be considered.

In order to correct for line-broadening due to instrumental conditions
alone it is customary also to record the X-ray diffraction pattern from a
sample which is wholly crystalline and has crystallites greater than 1 000 A.
In our experimental work an annealed sample of sebacic acid was used for
this purpose. When, however, the line-widths of the reference and sample
under test are not very different then large errors are introduced into the
calculation of ‘crystallite sizes’ by these methods; such a situation arises
here as will be seen from experimerital results.

Only the X-ray intensities from crystal planes parallel to the ¢ axis
(110 and 040) of the unit cell were used in this investigation®®. The
reflections were recorded on film which after standard processing was
scanned by a recording microdensitometer. The line-width in question was
obtained by measuring the area underneath the appropriate peak on the
trace and dividing by the height of the peak. Each measurement of
‘crystallite size’ quoted is a mean value of the 110 and 040 planes. Full
practical details are given in a forthcoming publication®.

Other measurements

The melting points of the samples were measured by the use of a hot-stage
microscope and polarized light whilst raising the temperature of the stage
by 2°C/min. The melting point was recorded when the mass of spherulites
disappeared from the field of view using a low-powered objective. Densities
of the specimens were also measured using a density gradient column main-
tained at 30°C.

RESULTS

The results are plotted in graphical form. Figure I represents the change in
crystallinity and ‘crystallite size’ with increasing annealing time in days, a
day being defined as a period of 24 hours. Figure 2 is a plot of the change
in crystallinity with increasing temperature for a sample of polymer annealed
previously for two hours in a vacuum oven at 145°C and also included
is the apparent change in ‘crystallite size’ with increasing temperature.
Figure 3 contains a plot of melting point and density against annealing
time and Figure 4 the percentage crystallinity against change in density*.
The annealing temperature in Figures 1 and 3 was 160°C. This temperature
was also used for the ‘long term annealing’ results presented in Figure 4.

The ‘crystallite size’ measurements (Figure 1) in general are quite large.

*The crystalline density was taken from a paper by Natta ef al.® on the crystal structure of polypropylene.
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This introduces large errors into their calculation, as mentioned previously.
In this situation there is little difference between the line-widths of the
samples under test and the reference sample. There is, however, an unmis-
takable trend in the results for the longer the annealing time of the polymer
the greater is the final ‘crystallite size’.

The highest melting point recorded (189°C) was re-checked using another
specimen, but besides increasing the temperature of the sample by 2°C
per minute it was held for an additional period of ten minutes at 175°C
and then again for a further ten minutes at 180°C. The rate of heating was
resumed at 2°C per minute and the sample subsequently melted at 187°C.
One of the two samples left in the silicone oil bath for 70 days, previously
heated at 300°C before being plunged into the bath, took approximately
30 days from the date of entering before it showed signs of heat crystallizing.
Different specimens of this sample had different melting points when
examined under the hot stage microscope. They ranged from 163°C to
170°C, the outer surface of the crystallized ‘rod’ having the lowest melting
point. This anomalous behaviour was not observed in any of the other
samples. Furthermore, the ‘crystallite sizes’ were relatively ‘low’ in the
specimens taken from this polymer. No further measurements were
performed on this sample.

All the samples, including the original, showed spherulitic clusters under
the polarizing microscope but it was found that the longer the annealing
time the greater was the size of the spherulites.

The intrinsic viscosity of the original material was 2-20 and that of the
specimen annealed for 70 days without prior heat treatment was 2-13. It
was therefore presumed that in all specimens the thermal degradation at
160°C was exceedingly slow. Low-angle X-ray diffraction patterns of some
of the specimens were not informative. This may have been due to the
poor resolution of the low angle camera which is only of the order of 250 A.
Further measurements are being carried out.

DISCUSSION
It was considered previously that the maximum attainable degree of
crystallinity of this polypropylene polymer, as measured by X-ray
diffraction, was between 65 and 70 per cent. These results confirm this
(Figure I). Consequently the value given for the atactic content, 15 to 20
per cent is still a reasonable suggestion'. It is an interesting fact that a
high degree of crystallinity is attained relatively quickly (Figure I), the
annealing process tends to increase the ‘crystallite size’ rather than to
increase the degree of crystallinity to any great extent. This probably comes
about by a partial melting and recrystallization process, preferably in the
smaller crystallites, as would be expected from thermodynamic considera-
tions. This is confirmed by an examination of high temperature X-ray
diffraction photographs of an annealed sample of polymer as illustrated in
Figure 2. For example, at 130°C the crystallinity had dropped to 48 per
cent but the X-ray diffraction lines had narrowed and were as sharp as
those of the sample annealed for 70 days without preheating at 160°C
(Figure 2). That is, the size of the unmelted crystallites was extremely large,
so large that the X-ray technique breaks down at these levels (see above).
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Figure I—Crystal‘linity (X-ray) versus annealing time in days and
‘crystallite size’ (A) against annealing time for specimens of
poplypropylene polymer. Annealing temperature 160°C

The steady increase in the melting points of these samples (Figure 3) is,
therefore, more related to increase in crystallite size and perfection rather
than to increase in crystallinity. There is also a corresponding increase in
the density of samples as is seen from Figure 3 but there is a breakdown
in the correlation between density and X-ray crystallinity, under these
conditions (Figure 4), found previously for unoriented specimens?.

The density data suggest a higher crystallinity than that found by X-ray
methods, in fact a maximum attainable degree of crystallinity of 89 per
cent taking a density value of 0-870 g/cm® for the non-crystalline material
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Figure 2—Crystallinity (X-ray) versus increasing temperature and
‘crystallite size’ (A) versus temperature for a specimen of poly-
propylene previously annealed two hours at 145°C
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and one of 0-936 g/cm® for the crystallites. Using this value it suggests that
if a value of about 15 per cent is accepted for the atactic content then the
sample contains no other non-crystalline material and that the atactic
material exists as defects in the crystal lattice, i.e. in or between the very
large crystallites. The fact that the X-ray measure of crystallinity gives an
apparently lower value than that obtained by density methods when very
large crystallites are present could be due to lattice distortion, This could
give rise to diffuse X-ray scattering (interpreted as from non-crystalline
material) without any serious change in the observed density. On the other
hand, the diffuse background scattering on the X-ray photographs of the
samples containing large crystallites still retains (as far as one cari measure)
the same shape as the ‘background’ used for the measurement of crystal-
linity, by the X-ray technique, in samples of lower crystallinity. It is,
therefore, possible that the difference between the two methods arises due
to a ‘compression’ of the non-crystalline regions in the annealed polymer
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Figure 4—Crystallinity (X-ray) against density for
samples of polypropylene polymer for long term
annealing
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by the very large ‘crystallites’. That is, the non-crystalline regions together
with the atactic segments are now considered as trapped within the large
‘crystallites’ themselves producing an increase in density with no similar
increase in crystallinity. These suggested explanations are compatible with
the concept of the paracrystalline state postulated by Hosemann’ and
others® for synthetic polymers.

If the fact is accepted that this polymer contains atactic material, material
that cannot crystallize, then it suggests that the melting point of an annealed
polymer containing less atactic material would be greater than 189°C which
is the maximum observed in this study. Excluding stereoblock effects, mole-
cular entanglements, etc., it is of interest to calculate what this would be
for a polymer containing no atactic material.

If it is considered that the polymer is made up of A units (the isotactic
segments) which crystallize and B units which do not (the atactic segments)
and that the units occur in random sequence along the chain it then seems
permissible to apply Flory’s equation® for the depression of melting point
of a pure polymer by another constituent, thus

(1/Tw)-(1/T3)=—-(R/AH,) In N, M

where T3 is the melting point of the pure polymer, T, the melting point
of the ‘copolymer’, R the gas constant, AH, the heat of fusion of a mono-
meric unit (2 400 cal'’) and N, the mole fraction of A units in the random
copolymer. Assuming a value of 15 per cent for the atactic content
(i.e. Ny=0-85) and that 7,,=189°C, on substitution in equation (1) a value
of 219°C is obtained for Tj. It has been pointed out by Flory that if the
A and B units tend to occur in separate sequences, which is likely in this
case, then the melting point depression will be less than that given in
equation (1). That is, the value of 219°C is probably too high, also on one
further account, for it is improbable that even if a polymer contained
isotactic sequences only it would crystallize completely. After long term
annealing we might expect to achieve a crystallinity of about 90 per cent
the other 10 per cent being lost in entanglements, lattice distortion, etc.
This sort of crystallinity level has been achieved in straight chain polymers
such as unbranched polyethylene®-2*'. It is possible, therefore, to modify
the value of 219°C by again applying equation (1) assuming now that the
B units are isotactic segments which do not crystallize and that the A units
are the ones that do. Setting T3 =219°C and N,=0-90 a value of approxi-
mately 200°C is obtained for the melting point of an annealed sample of
polypropylene containing only isotactic sequences. This is probably a more
practical value than that of 219°C.

CONCLUSIONS
The long term annealing of polypropylene polymer samples at temperatures
close to the melting point increases the melting point and evidence suggests
that this is principally due to an increase in ‘crystallite size’ rather than
crystallinity. The results lend support to the value of about 15 per cent,
suggested previously, for the atactic content of the polymer now in use, as
measured by X-ray diffraction methods. Furthermore they suggest that if
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isotactic polypropylene polymer could be made with little or no atactic
content then its melting point, after suitable annealing of the polymer,
would be about 200°C.

The author would like to thank Dr G. W. Taylor for the intrinsic
viscosity measurements.

Research Department,
1.C.I1. Ltd, Fibres Division,
Hookstone Road, Harrogate, Yorkshire
(Received July 1962)
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The Influence of Particle Size and
Distortions upon the X-ray Diffraction
Patterns of Polymers

R. BonarTt, R. HoseMaNN] and R. L. McCULLOUGH$

The theory of the paracrystal is used in the development of a general method

whereby the effects upon the diffraction patterns of the short-range displace-

ment-type distortions, the long-range liquid-like distortions, and particle size

may be separated and analysed. The application of this method for a given

profile requires that at least two orders of reflections be observed or that the
crystallite size be reasonably large.

THE X-raY diffraction patterns of most high molecular weight compounds
usually consist of a few broadened ‘crystal-like’ reflections superimposed
upon a diffuse background. This apparent composite nature of the X-ray
diffraction pattern is ordinarily explained in terms of the ‘fringe-micelle’
model.

Methods based upon this ‘fringe-micelle’ model have been developed
which assume that the intensity of the ‘crystalline peaks’ and the
‘amorphous’ (or diffuse) background can be correlated with the relative
fractions of crystalline and amorphous material in the sample (e.g. Krimm
and Tobolsky?'). The application of this approach to the determination of
crystallinity can lead to systematic errors in the interpretation of the
diffraction patterns of polymers, since even a single crystal can give rise to a
diffuse scattering and suffer a loss in intensity of the diffraction peaks due to
thermal vibrations and various imperfections which affect the short-range
order of the system (see Proc. Roy. Soc. A, 1941, 179, No. 976, 1-101).

Attempts have also been made to relate the average dimension of the
‘crystallites’ of the ‘fringe-micelle’ model with the breadth of the ‘crystal-
like’ reflections. Methods of separating displacement distortions and size
effects on the broadening of X-ray profiles by means of a Fourier analysis®*~*
have recently been applied to highly oriented ‘Marlex-50" filaments’.
These methods were originally developed for application to powder
diffraction line profiles of cold worked metals and are subject to several
limitations®~'*; in particular, these methods only consider ‘short range’

s

disturbances.

*Contribution No. 122 from Chemstrand Research Center, Inc. Durham, North Carolina.

tFritz Haber Institut der Max Planck Gesellschaft, Berlin-Dahlem, Germany. (Present address: Bayer-
Werke, Leverkusen, Germany.)

1Visiting Lecturer at the Chemstrand Research Center from the Fritz Haber Institut der Max Planck
Gesellschaft, Berlin-Dahlem, Germany.

§Chemstrand Research Center, Durham, North Carolina. U.S.A.
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Because of the contiguous nature of the molecular chains of a polymer,
it is reasonable to expect entirely different disturbances of a ‘liquid-
statistical’ nature (which affect the long range order of the system) to occur
in place of, or in addition to, the short range disturbances.

The model of the paracrystal affords a general basis for the interpretation
of diffraction patterns, since this model takes into account the effect upon
the diffraction pattern of both the shert range and long range distortions,
as well as the dimensions of distorted ‘crystallites’. Moreover, this model
does not require, nor does it preclude, the existence of a crystalline and an
amorphous phase to account for the apparent composite nature of the
X-ray diffraction patterns of polymers.

The concept of the paracrystal was presented by Hosemann'*!® in 1950
as a feasible model for the condensed state of matter. Subsequent papers'* **
discussed the geometric properties of paracrystalline organization. The
diffraction effects produced by paracrystalline structures were analysed by
Hosemann'®, by Hosemann and Bagchi'™'® and by Bonart'. It seems
worthwhile at this time to summarize some of the pertinent aspects of
these papers and in so doing cutline a method by which the effects of the
short range and long range disturbances, as well as. the effect of particle
size, upon the diffraction patterns of high molecular weight compounds
may be separated and analysed.

THEORETICAL BASIS

In a ‘crystalline’ region of the polymer, the periodic cell edges of the
ideal lattice are replaced by statistically determined vectors which can
vary both in magnitude and direction from cell to cell. These liquid-like
disturbances of the lattice components are then characterized by probability
functions, H. Thus the probability that a given point in a paracrystalline
lattice cell (i, j, k) can be encountered in a volume element dv, at the
vector x from the origin is given by

Hi ;x (x)dv,

These long range disturbances are referred to as distortions of the
second kind; the arrangement produced by the effect of these disturbances
is called a paracrystalline lattice. The probability function, H, ;. for the
paracrystalline lattice may be calculated by multi-convolution products.

The paracrystalline lattice can be further perturbed, as was the ideal
crystal lattice, by distortions of the first kind which affect the ‘short range’
order of the system. Distortions of the first kind may include, inter alia:
(a) thermal vibrations, (b) frozen displacements or strains, (c) Frenkel
defects, (d) vacancies, (e) dislocations, (f) substituted mixed crystals, and
(g) internal distortions of the atoms.

These distortions of the first kind may be further distinguished as
displacement defects or physical defects. The displacement defects are
characterized by displacements of structure points away from predetermined
‘equilibrium’ lattice sites; a physical defect implies that an occupant of
a lattice site does not have equivalent physical properties to the occupants
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of the adjoining equivalent lattice sites. These two types of distortions may
occur separately or concomitantly.

For simplicity the distortions of the first and second kind may be
taken to be mutually and internally statistically independent. Thus, for
distortions of the second kind,

Y T e N N N N W e NI NN *
Hi,]’,k:Hloonu"'H100H010H010"'H1110H001H001"'H001

i times j times k times

It follows then that the paracrystalline lattice is characterized along a
given crystallographic direction (say the 100) by a single probability
function, e.g. H,,,, We will use the abbreviation H, for this cell-edge
probability function. a is the mean value of this cell edge.

Similarly, the displacement distortions of the first kind may be character-
ized, along a given crystallographic direction, by the probability func-
tion, H..

Applying these concepts to diffraction theory, Hosemann er al.'®~"°
arrived at the following relationship for the Intensity profile, 1 (b):

1(B)=N {[FF )] () + N (b)[1 - D* ()]
Id, Id:
+ Nf2(b) D* (b) Z, (b)

1,

(Diffuse or ‘A;I(wrphous-like’)
a

+(1/2) 2 (b) D* (W) [Z, (b) §* ()]
(‘Crystal-like’)

»

where b is a distance in Fourier (or reciprocal) space along the prescribed
profile direction, N is the total number of scattering units along the given
direction in physical space, f (b) is the well known structure amplitude for
the structure elements, v is the mean volume of a paracrystalline lattice
cell, % (b) is the shape factor, D? (b) is the distortion factor for displace-
ment distortions of the first kind, Z, (b) is the component of the paracrys-
talline lattice factor which gives rise to the diffuse scattering from the
liquid-statistical arrangement, and Z(b) is the component of the para-
crystalline lattice factor which gives the ‘crystal-like’ peaks.

The distortion factor, D?(b), is the square of the real value of the
distortion amplitude, D (b). The magnitude of the distortion amplitude is

*The symbol =~ represents the convolution product. In general, the convolution product is defined as
—~

818y = S & gy x—y)do,
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the Fourier transform of the distribution function H, (x) for the displace-
ment distortions of the first kind
D (b)={ H. (x) exp ( ~27ixb) dx
osD*(h)=<1
For the special case of thermal vibrations, D* (b) corresponds to the Debye

factor.
The shape factor, S* (b), is the square of the real value of the shape

amplitude, S (b); the shape amplitude, in turn, is the Fourier transform of
the shape function s (x)

S (b)= s (x) exp (—27ixb) dx

{zl;JxleL/Z
s(x)
=0;|x|>LJ2

where L is the dimension of the ‘crystalline’ region in the given crystal-

lographic direction,
The sum of the two components Z, (b) and Z, (b) is the paracrystalline

lattice factor Z (b)
Z(b)=Z,(b)+Z.(b)
where
o 1+F () _ 1-|F@®) |
ZBO)=Re =5 () ~[T=[F (&) |+ F(b) | sin® nab
Z.(b)= 4|F(b)| [1—]|F(b)]|]* cos® mab
SUTLSIF®YP [L-|F®)|°+4 | F(®) ] sin® zab

1—|F(b)]
1+|F(b)|

| F (b) |, the positive real value of F (), is the Fourier transform of the
probability function for the distortions of the second kind, i.e.

| F(b) | =S H, (x) exp (—2wixb) dx

The general intensity profile equation predicts that the diffracted intensity
will consist of relatively sharp ‘crystal-like’ reflections (as given by I,)
superimposed upon a diffuse background (as given by 1,). The diffuse
background is made up of three components, 7,,, Is,, I,,, which have as
their respective origins: physical defects, displacement defects of the first
kind, and distortions of the second kind.

For simplicity, we will henceforth assume that the scattering sources
are physically identical, ie. [f* (b)]=£*(b), so that the term I, vanishes.
This simplification directs attention to the geometrical disturbances of the

structure.
It can be shown that for a finite ideal crystal

D* (h)=1
Z,(b)=0
and Z, (b) degenerates into the well known ‘peak function’ of the reciprocal
202
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lattice. Hence, the general intensity profile equation can be reduced to the
well known relationship

1(D)=(1/2)F () S (b-b)
h
where b, is the distance to the point % of the reciprocal lattice.

The character of the diffraction profile for non-ideal ‘crystals’ can best
be illustrated by means of examples.

I b

Figure 1—The effect of distortions of the first kind (g-=9:29%) on the
intensity profile (model g)

Figure I shows a microdensitometer tracing of an optical diffraction
pattern from a one-dimensional point structure with displacement defects
of the first kind (see model g, Figure 3). From this figure, it can be seen
that a distortion of the first kind acts in such a way that the integral intensity
of the ‘crystal-like’ reflections decreases with increasing scattering angle.
The reflection widths, on the contrary, do not change with increasing
scattering angle*.

As a further consequence of distortions of the first kind, a diffuse scattering
appears for which the intensity increases at first with the scattering angle,
and then decreases, with the ‘atom’ form factor, for larger scattering angles.

Figure 2 shows the tracing of a diffraction pattern from a one-dimensional
paracrystalline lattice (see model c, Figure 3). In this scattering pattern of
a paracrystal, the characteristics cf crystal interference and liquid inter-
ference are superimposed. As in a crystal pattern, individual reflections also
appear in the pattern of a paracrystal. The widths of these reflections,

*If there are correlations between the thermal vibrations of the single atoms in a real crystal, giving
rise to an elastic wave, then broadening may occur in the form of very diffuse so-called ‘exira Laue
spots’®®™22, If, on the other hand, there is no correlation between the single oscillations, absolutely no
broadening will occur®~2%,

The existence of correlations for the distortions of the first kind, in general, as well as distor-
tions of the second kind, may be taken into account by the introduction of a term in the intensity
expression containing a correlation factor®®,
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Figure 2—The effect of distortions of the second kind (g1=15%) on the
intensity profile (model c)

however, are not only determined by the basic particle size, but are also
dependent upon the degree of distortions of the second kind. Notice that
the reflection widths increase with increasing scattering angle, similar to
the widths of the interference ring in a liquid pattern.

These two figures indicate that an investigation of the increase of the
‘crystal-like’ reflection widths as a function of the scattering angle (or b)
should give information concerning the extent of the paracrystalline
distortions and the particle size. From this information, the contribution of
the paracrystalline distortions to the diffuse scattering may be determined;
hence, the extent to which the displacement defects of the first kind
contribute to the diffuse scattering may be indirectly obtained.

In the following section an analysis of the intensity function is performed
which quantitatively relates the extent of paracrystalline distortions and
particle size to the integral width of the ‘crystal-like’ reflections and the
amount of diffuse scattering to the extent of the displacement distortions
of the first kind.

ANALYSIS OF THE INTENSITY PROFILE FUNCTION
Width analysis
The observed integral breadth is related to the width of the shape factor
and the width of the paracrystalline factor, Z,, by the equation

SB® () =807 (h)+ 882 (1)

where 8B (h) is the observed integral line breadth (in the units of reciprocal
space) of the crystal-like reflection of order %, which has been suitably
corrected for ‘instrument broadening’?”; 88 (h) is the integral width of Z,
around b=*h/a; and &S is the integral width of the shape factor.
From the definition of the integral width and the properties of the shape
factor,
5SZ_SSZ(b)db _i¥@dx 1
$*(0) [§s(x)dx]® L
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Similarly,
${Z,(b)db
Z,(b=h/a)

It can be shown that the integral of Z, (b) over a ‘lattice’ cell in Fourier
space is

3B (h)=

Sth B db=1/a)2 |F (W) |)/(A1+|F(h)|)

where | F (h) | is the positive real value of F (b) at the reciprocal lattice
point b=h/a.
Furthermore, the maximum value of Z, (b) at b=h/a is given by

Z,(b=h/a)=4|F (0| /A-|F()|?)
BmW=(1/2a)[1-|F()]] (3)

If we take the distribution function, H, (x), to be of the form of a
gaussian distribution, i.e.

H, (0)=[1/A, 2x)"*Texp [~ (1/2) (x/A,)*]

Hence

then
| F(h) | =exp (—27*A%h?/a*)=exp (—272g*h?) 4)
where
& :Al/a

We will use this parameter, g,, as an index of the extent of the
paracrystalline distortions. This parameter gives the fluctuations of the
paracrystalline distortions relative to the average separation distance of
adjacent structure points.

Substitution of equations (2), (3) and (4) into equation (1) with subsequent
rearrangement gives

0= 3% | ~tog 11 =2a (33 -1 /1| )

°

By measuring 3B (h) for at least two orders of reflections, one can adjust
the value of L so that g, becomes a ccnstant for the observed reflections.

Notice that if the dimensions of the crystallite are large or if the
distortions are large so that

3% (k) > (1/L)

. 12
then 2= % [ ~log[1 —2a5B (h)]] 6)

For this condition, a single reflection will give the relative fluctuation of the
distortions of the second kind.

Diffuse background analysis

It will be convenient, for the purpose of this analysis, to construct a new
observable, A (h), by taking the area under the ‘crystal-like’ portion of
the reflection of order 4 and dividing it by the height of the diffuse back-
ground at b="h/a.
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$ul; (b) db

Thus A= LG=hia) 7

If we assume that D* (b) and f2 are slowly varying functions as compared
to Z, (b), i.e. in the neighbourhood of | b |=h/a,
.D*(b) = D* (h)
£ (b) =P (h)

then the integral of I, (b) over a direction of the unit cell in reciprocal space
is given by

W, (5) db=(1/@) T (b) D* (h) 2% (B) 5* (b) db ®)
Now
—
§Z.(b) S* (b) db=$ Z, (b) db 5* (B) db
Thus -
. V1, (b)db=(N/a)ED* () 2 |F (W) | [1+|F (W) |) ®
simce
N=L/a
Hence
1 2D (h) | F (h) |
A(h)_E[1+|F(h)l—2D2(k)|F(h) I] 4o
therefore
v [ ad ) 1+|F (|
D* (b= [1+aA(h)] [ZIF(h)l] "

Notice that for the special case of negligibly small distortions of the
second kind; g, ~ 0, hence
ad (h)
1+aA (h)
If we also take H, to be of the form of a gaussian distribution, then
H, (x)=[1/4, 2=)*Texp [-(1/2) (x/A,)]
D? (h)=exp (—-47*h%g;) (12)

g=4,/a

This parameter, g,, will serve as an index of the extent of the displace-
ment distortions of the first kind. This parameter gives the fluctuations of
the displacement distortions of the first kind relative to the average
separation distance of adjacent structure points.

Substitution of equations (4) and (12) into equation (11) gives, after
rearrangement

_ 024 1+aA (h) 2 exp (—27%gih%)
= h [“’g [ ad (h) ] +log [1 Texp (—27°giY) (13

Thus, by measuring the integral widths of two or more orders of the
‘crystal-like’ reflections and the height of the diffuse background for these
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reflections, one can determine the relative fluctuations for the distortions
of the first and second kinds as well as an average dimension of the crystal-
lite (or paracrystallite).

e f g

Figure 3—Models of one-dimensional paracrystalline lattices with dis-
tortions of the first (gr) and second (g1) kinds (for details see Table 1)
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APPLICATION TO ONE-DIMENSIONAL OPTICAL
DIFFRACTION PATTERNS

It is of interest to compare the results obtained by the application of this
analysis with the parameters from known structures. For the present
purpose, optical diffraction patterns from one-dimensional models will be
sufficient to illustrate this approach.

Model structures were constructed in such a manner as to give arrange-
ments having distortions of the first and second kinds®®. Nine point-atoms
were taken for each one-dimensional structure and a collection of about
a hundred such one-dimensional structures was taken for each model.

The optical diffraction patterns for these models were obtained by
Bonart*®. Bonart used a Fraunhofer diffraction arrangement with a long,
uniformly illuminated slit normal to the direction of the one-dimensional
structures. By the use of this arrangement and the large number of lattice
rows in one collection, the diagrams were made practically free from
ghosts, even though each lattice row was made up of only nine point-
atoms*.

For the reasonably small angles encountered in Fraunhofer diffraction,
db is simply an element of distance along the film.

Seven models, which were investigated by Bonart, are shown in Figure 3.
The optical Fraunhofer diffraction patterns of these models are shown in
Figure 4. The line profiles of the diffraction patterns for models g and ¢
were given in Figures 1 and 2 respectively.

The size parameter, L, may be measured directly from the models; the
fluctuation parameters g, and g, however, must be extracted'®** from
the ‘distance statistics® for each model. The distance statistics, in turn, may
be obtained either by (i) counting the number of pairs of points having
a given spacing x; or by (if) producing the auto-correlation function of the
structure in a ‘folding machine’°.

Table 1 compares the values of the parameters calculated from the models

Table 1. (After Hosemann28). The parameters of ‘particle size’, L, and distortions
of the first, g-, and second, gi, kinds calculated from models of one-dimensional
structures and compared with the values determined from the observed diffraction

patterns
From models From diffraction
Model o a1 L ar P L

% % mm % % mm
a 32 4-1 23 2-8 4-5 23
b — 92 23 — 82 31
c 137 2-3 — 15:0 24
d 30 162 2-3 - (18) ~
e —  ~250 23 —  ~300 —
f 64 0 23 65 0 23
g P90 0 2:3 92 0 2:3

*If the number of rows goes ad infinitum, the observed Fraunhofer diffraction would give a continuous
intensity distribution, For a finite number of rows statistical fluctuations appear, which are called
‘ghosts’ (see Hosemann and Bagchi?®) and in practice can sometimes be neglected in Figure 4 within
experimental error.
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and the values calculated from the diffraction patterns. The agreement is
satisfactory.

A difficulty was encountered in the analysis of the distance statistics for
models b, c and e, because of apparent accidental correlations between
the individual statistics (see Figure 3). Only g, and L could be obtained
from models b and c; only L could be obtained from model e.

HiIENIIN
a b |
HIIENIn
c d .
]
e | 'f
.
9

Figure 4—Optical diffraction patterns of the models shown in Figure 3

The parameters g,, g, and L could not be uniquely determined from
diffraction patterns d and e. However, by assuming that all distortions
were of the second kind, an estimate for g, was obtained from d.

It is interesting to note that for relative fluctuations of the second kind
as low as abcut ten per cent, the diffraction patterns are beginning to take
on the diffuse appearance of so-called ‘amorphous’ scattering.
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DISCUSSION

The application of the above methods to polymer systems requires that at
least two orders of reflections be observed. Unfortunately, however, the
X-ray patterns of high polymers often show so few reflections, that no two
reflections can be found, of which one is a higher order of the other. This
difficulty could possibly be surmounted by improving the quality of the
diffraction patterns from polymers by using special cameras®’, mono-
chromatized X-rays, and long exposure times.

Another difficulty will be encountered if an amorphous phase is present.
The presence of-an amorphous phase will contribute to the diffuse back-
ground and, hence, will give larger values for the apparent gs. However,
it is of interest to note that the presence of a diffuse background does not
necessarily mean that an amorphous phase is present. Hence, as a first
apprcach to the analysis of line profiles, one could assume that no
amorphous material is present. If the results obtained are unreasonable, or
if third and fourth order reflections are present whose analyses are incon-
sistent with this assumption, then appropriate modifications can be made.

The realization that distortions cf the second kind can contribute to the
intensity of the diffuse background is of great consequence to the study
of high polymers, for in view of the degrees of distortions anticipated in
high polymers, this diffuse scattering may be so substantial that it cannot
be ignored*?. This means that the ordinary methods used to determine the
crystallinity of high polymers, in which the diffuse scattering is attributed
to the amorphous part of the substance, can yield, at best, a lower limit to
the degree of crystallinity. Recently, Ruland®** has suggested a method
which is appropriate if the lattice disturbances are primarily distortions of
the first kind,. When distortions of the second kind become significant,
Ruland’s method must be refined?s.

Furthermore, an estimate of the crystallite size from the width of the
broadened ‘crystal-like’ reflections again can give, at best, a lower limit to
the true crystallite size, since the distortions of the second kind as well as
the particle size contribute to the breadth of these reflections.

Basic Research Department,
Chemstrand Research Center,
Durham, North Carolina, U.S.A.
(Received June 1962)
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The Influence of Extrusion Conditions
on the Crystallization of Polyethylene
Terephthalate Film

R. P. SHELDON

The influence of extrusion conditions on the benzene-induced and heat or
‘thermal’ crystallization of polyethylene terephthalate has been studied. Samples
of film with extrusion rate|/melt temperature properties of 70/270, 155270,
751280, 160/280, 75/290 and 160{290 lb per hour per °C were either treated
with benzene at 25°C or heated in air at 110°C. It was found that in the
former case there was no apparent influence of extrusion conditions on the rate
of crystallization whereas with the latter, where an Avrami type of behaviour
is observed, there is a significant dependence on both extrusion parameters
although extrusion rate has no appreciable effect at 290°C. In neither study
did there appear to be any influence on the apparent equilibrium density of the
polymer, this being higher (1'393 g/cm?®) for the benzene-induced crystallization
case than for the heat treated (1-374 g/cm?®).

POLYETHYLENE terephthalate(PET), may be obtained as a transparent non-
crystalline film or fibre by rapid cooling of the molten polymer following
extrusion from a suitable die. That the material is in a metastable state
is clearly revealed by its ability to crystallize under a number of environ-
mental conditions. For example, if the film is stretched under optimum
temperature conditions a substantial degree of crystallinity may be
developed. This behaviour has attractive commercial potential in that not
only is there a useful increase in strength but the original clarity of the film
is retained. Another way in which the process may be carried out is to
heat the polymer at some temperature between its glass temperature and
melting point. However, in this case opacity is seen to result, this being
attributed to the growth of spherulites. Aspects of this behaviour with
PET have been studied by a number of workers'-®. A third method, and
one which again is accompanied by opacity, is to treat the film with
various organic liquids'* the phenomenon being confirmed by X-ray
diffraction as well as by density studies®. Investigations into the kinetics
of the latter process have indicated that the rate of crystallization increases
with temperature, has an inverse dependence on sample thickness and is
also influenced by the nature of the liquid®. At the same time it appears
that the equilibrium crystallinity is unaffected by the temperature at which
the process is carried out, a conclusion which is not immediately obvious
in the results of the heat crystallization studies. These and other considera-
tions have led to the suggestion that whereas the ‘thermal’ process involves
gross macromolecular diffusion throughout a particular sample the liquid-
induced mechanism is one of diffusion of imbibed liquid into the molecular
matrix leading to localized crystallization on a progressive front.

As mentioned above, the film is obtained by extrusion of polymer at
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some temperature above the melting point. It is conceivable therefore
that the rate of extrusion and the melt temperature may exert an influence
on the crystallization kinetics of the shock-cooled material. The former
may be of importance through some molecular orientation mechanism, or
by an effect on melt dwell time, whereas the latter could possibly have
a moderating influence on orientation from a melt-viscosity viewpoint and
also like that of melt dwell time it could have an action resulting from
polymer degradation and nuclei destruction. The latter aspect has been
the subject of a thorough investigation of the thermal process by Morgan
et al®. It was concluded from these studies that the melt can contain,
even at temperatures above the observed melting point, thermodynamically
stable minute crystals of polymer and that these, quite apart from any
foreign body source of nucleation, will exert a subsequent influence on the
crystallization process. In particular, other factors being equal, it appears
that the higher the temperature of the melt the less rapid is the process at
a given temperature. It was also noted that although the molecular weight
may be important there was no definite correlation of rate with intrinsic
viscosity at higher values of the latter. This was attributed to a secondary
chemical effect occurring during the polymerization stage.

The present paper describes an investigation into the importance of
melt temperature and extrusion rate on the rate of the benzene-induced
crystallization of PET, benzene causing disappearance of the amorphous
phase at a rate convenient for kinetic study. At the same time a thermal
crystallization in air has been followed so that comparison may be made
between the two processes.

EXPERIMENTAL
Materials
Samples of six films made from the same original batch of PET were
used. Their melt temperatures, extrusion rates and other relevant proper-
ties including those measured by methods which are to be described pre-
sently are given in Table 1.

Table 1. Properties of PET films

Extrusion
rate [ melt Melt dwell- Film .
temp. time thickness Bire- Intrinsic Density
(Ib/min[°C) (min) (cm) fringence viscosity (g/ecm®)
(Code No.)
70/270 57 0-019 —0-0006 0-49 1-338
155/270 26 0-019 + 0-:0004 051 1-338
75/280 52 0-021 —0-0006 0-49 1-338
160/280 25 0-021 +0-0005 050 1-338
75/290 52 0-022 —0-0004 0-53 1-338
160/290 25 0-022 +0-0003 0-54 1-338

The benzene used as immersion liquid was of A.R. quality and was dried
and fractionally distilled before use as were also the carbon tetrachloride
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and ethyl alcohol for the density measurements, and the o-chlorophenol
used in the viscosity determinations.

Procedure
Film thickness—This was measured by means of a micrometer.

Birefringence—All evaluations were made from results obtained with
the aid of a polarizing microscope using a retardation technique.

Intrinsic viscosity—The flow times of solutions of the different samples
in o-chlorophenol were determined using an Ubbelohde suspended-level
type viscometer. Each original solution was allowed to stand three days
before measurements were made and repeat measurements were made
after five days in order to ascertain that there had been no change in
viscosity on more prolonged standing., The flow times were obtained with
the viscometer immersed in a thermostatically controlled bath maintainsd
at 25° +0-01°C, in each case at four concentrations so that linear extra-
polation of the results could be made in the usual way for the evaluation
of the corresponding intrinsic viscosities.

Density—This was determined by a method previously described*, being
essentially a flotation technique in which a polymer sample is introduced
into a 10 ml volume of carbon tetrachloride followed by addition of ethyl
alcohol from a microburette until the sample is on the point of sinking.
Density results which are reproducible to +0-001 g/cm® were interpolated
from a calibration curve of various mixtures of the flotation liquids and
their densities. For the liquid-treated samples allowance was made for the
residual benzene to convert the apparent density to a corrected value.

Benzene-induced crystallization—Samples of the six films indicated in
Table 1 were cut into small pieces of approximately 1 cm’ in surface area.
These were then immersed in benzene at 25° +0-01°C after weighing on a
balance capable of reading to 001 mg. After predetermined intervals of
time the samples were removed, surface dried and transferred to an evacu-
ated desiccator where they remained for at least 48 hours before being
reweighed in preparation for the density studies.

Thermal crystallization—Samples of the six films were cut into pieces
of approximately 0-1 cm? in area and introduced to ignition tubes immersed
in silicone oil which was maintained at a temperature of 110° +0-5°C in
an oven. The samples were removed after given periods of time as before
in preparation for density determinations.

RESULTS
Attention has already been drawn to the relevant properties of the polymer
films including intrinsic viscosity, density and birefringence with reference
to the extrusion direction, which are shown in Table 1. The results of
the henzene-induced crystallization are shown in graphical form in Figure 1
and are expressed in terms of density change as a function of time. It
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should be remembered that density and the degree of crystallinity are dir-
ectly related. The corresponding results for the thermal crystallization are
similarly expressed in Figure 2.
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Figure 3—Plots in In(—In #) versus In(time) for thermal-crystallized samples
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Further analysis of the latter results has been carried out on the basis
of the theoretical treatments of Avrami’. It has been shown that the
overall crystallization process in general may be represented by an equation
of the form ¢=exp (—Kr") where 6 is the fraction remaining at time ¢
of the original amorphous material [ =(d.—d\)/(d.—d,)] where d. is
the final value of the density, d, the value of the original polymer and
d, the value at time r. K and n are constants, n taking values which depend
upon the nature of the nucleation and growth processes (e.g. a value

Table 2. Avrami equation indices of thermal crystallized samples of PET

PET sample| 70/270 155/270 \ 75/280 | 160/280 75/290 | 160/290

Avrami egn ‘

index (n) 1-2 2-0 17 20 22 22

of unity may be ascribed to predetermined nucleation followed by either
fibrillar or laminar-spherulitic growth whilst a value of two differs only
in that the nature of the nucleation is sporadic. Figure 3 shows plots of
In (—1n 6) versus In ¢ for the various samples, and the corresponding values
of n, which may be obtained from the slopes, are listed in Table 2.

DISCUSSION

Figure 1 shows that for the benzene-induced crystallization there is no
apparent dependence of rate on the extrusion variables. The significance
of this will be discussed later. In the case of the heat-crystallized samples
it is seen that there is a marked influence of these variables on the rate.

That this difference of behaviour of the samples is probably not due
to molecular orientation is suggested on a number of counts. In the first
place the birefringence values are very small and hence the corresponding
differences in birefringence are also small. It should be remembered,
however, that we are dealing with amorphous polymer and thus the value
of birefringence will be less dependent on order than it would presumably
be for crystalline polymer. Secondly, the density of each sample of
polymer is initially the same which would probably not be true where there
are large differences in molecular orientation. Again, if we assume that
liquid-induced crystallization is a diffusion-controlled process then it is
reasonable to assume that molecular orientation would influence the rate
of diffusion and hence the rate of liquid-induced crystallization. Figure 1
gives no indication of such behaviour and thus supports the suggestion of
low orientation.

However, there is some small indication of a difference in initial film
structure in that the birefringence results suggest that the ‘fast’ direction
of the film is in the direction of extrusion for the films with the higher
extrusion rate whereas it is the ‘slow’ direction for the films of lower
extrusion rates. That the latter phenomenon occurs at all might be attri-
buted to some shearing action of the die, the tendency being overcome and
exceeded following extrusion at higher flow rates. Some possible implica-
tions of this are discussed later.
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It has previously been suggested that the liquid-induced crystallization
process is quite different from that of the thermal®. That this is so is of
course confirmed by Figure 2. Here we have typical Avrami-type curves
similar to those obtained by previous workers’* with the characteristic
sigmoidal shapes. Furthermore, the equilibrium density values are of the
same order as those found by previous workers in a similar temperature
range>*. This is surprising in some ways and bearing in mind that the
equilibrium values of the present investigation are themselves virtually
the same it would suggest that the equilibrium degree of crystallinity at a
given temperature is insensitive to possibly a fairly wide variation in
polymer processing conditions.

Returning to a consideration of the factors influencing the rate of the
thermal crystallization it is suggested that in the present investigations
molecular weight has little bearing on the observed differences. In the
first place the films were prepared from the same original batch of polymer
and although the intrinsic viscosity values differ slightly this may be dis-
regarded on account of ‘experimental error and by lack of correlation with
the rate variations.

The rates associated with the higher melt temperature samples of 290°C
are significantly less than those at 270°C and 280°C. The same behaviour
was found by Morgan ef al.* with samples prepared from melt temperatures
of 294°C, 275°C and 268°C. The Avrami index n has values of approxi-
mately two with the 290°C samples and is therefore similar to that found
by the previous workers at the same crystallization temperature with
their 294°C sample. It would appear therefore that predetermined nuclei
have been avoided, presumably due to the breakdown effect of the high
temperature, and thus the process is one of sporadic nucleation and, follow-
ing the suggestion of the previous workers, one of fibrillar growth.

At the lower melt temperatures it will be observed that the rates are
higher and at a given temperature the rate is again higher for samples
obtained at the lower extrusion rates. This is contrary to what was origin-
ally expected as it was thought probable that even in the absence of orienta-
tion the shorter residence in the melt of the higher extrusion rate films
would allow the retention of nuclei which should enhance the rate of any
subsequent crystallization process. . The Avrami treatment is, however,
in agreement with the form of the curves in that it would appear that the
latter films are more associated with sporadic nucleation than are the
films at the lJow extrusion rates. In an attempt to explain the results it
is suggested that under conditions of higher extrusion rates there is a
tendency to degrade crystallites or other sources of nucleation, shearing
stresses at the point of extrusion perhaps being greater than indicated from
the birefringence results owing to relaxation immediately following ex-
trusion. If this is true it would appear that the time of residence in the
melt is of secondary importance. In this context it may be relevant to
mention a reference to the destruction of crystallinity by stretching in the
solid state of non-oriented PET®.

In conclusion we can say that the process of liquid-induced crystalliza-
tion is independent of extrusion variables as have been described. In other
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words, the absence or presence of nuclei has no apparent bearing either on
the rate or the equilibrium aspects of the process. On the other hand it
has been once again demonstrated that the fabrication history of a polymer
does have an influence, if not on the equilibrium condition, then on the rate
at which this is achieved.

The author wishes to thank 1.C.1. Ltd, Plastics Division for their generous
gift of polyethylene terephthalate film used in these studies and Mr R. A.
Hudson for his encouragement and advice.
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Crystallization and Melting of
Copolymers of Polymethylene

M. J. RicHARDSON*, P. J. FLory and J. B. JACKSON

Copolymers of —CHs— with from 1-8 to 7°7 mole per cent —CH-R—, where
R =n-C;H7, C:Hs or CHs, have been prepared by copolymerizing diazomethane
with the appropriate diazoalkane. That the co-units are distributed approxi-
mately at random was assured by analysis of the composition of the unreacted
monomers, and by analysis of fractions separated from one of the copolymers
by column fractionation. The copolymers were crystallized by stepwise cooling
in small intervals over the crystallization range, each temperature being main-
tained for a period of two days. Melting was followed dilatometrically by
raising the temperature in increments according to a similar schedule. Degrees
of crystallinity calculated from the specific volume at each temperature are
compared with the equilibrium theory of crystallization of copolymers. The
compatison involves a single arbitrary parameter, from which we calculate an
interfacial free energy of 170 ergs cm—2 (4 600 cal mole=1 of emerging chains)
for the 001 face. The range over which melting is most marked shifts to lower
temperatures with increase in the proportion of co-unit as expected, and in a
manner accountable by the theory. For a given copolymer, however, the melt-
ing is restricted to a narrower temperature range than that predicted. At tem-
peratures far below the melting point T, the extent of crystallization fails to
rise to the level predicted by theory, owing presumably to restraints imposed
by involvement of the longer methylene sequences of the copolymer molecules
in crystals formed at higher temperatures. As the melting point is approached,
the degree of crystallinity falls to zero more rapidly than the equilibrium theory
prescribes. This general observation is attributed to the kinetic difficulty of
bringing together the comparatively sparse long methylene sequences required
for crystallites which are stable near Tm. Copolymers in which R=CH; melt,
and crystallize, at higher temperatures than those for which R=C:H; and
n-CsHy. This fact, in conjunction with the melting point|composition relation-
ship for low proportions of the co-unit, indicates the formation of a crystalline
IR
phase which is a solid solution of —CH— dispersed among —CHas— units. In
copolymers of the larger co-units formation of a pure phase is indicated under
the experimental conditions here employed.

THE process of crystallization of long macromolecular chains, expressed in
the most elementary terms, consists of the transfer of sequences of con-
secutive chain units from the amorphous to the crystalline phase. Coherence
of the crystallites thus formed demands that neighbouring sequences thereirt
be of nearly equal length. We designate this sequence length by {, expressed
as the number of repeating units. The magnitude of {, and its variation
among different crystallites, depends in general on the structural regularity
of the macromolecular chains and also upon the conditions attending
crystallization®. The stability of a crystallite should increase asymptotically
with its length. This follows directly from the positive interfacial free
energy o, associated with each chain which protrudes from the end face
of a crystallite.

*Present address: National Physical Laboratory, Teddington.
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In the case of a homopolymer consisting of very long chains of stereo-
regular repeating units, { is limited by kinetic factors operative in the
process of crystallization. Under favourable conditions (i.e. low super-
cooling) { may approach 10* for linear polymethylene**. In copolymers,
on the other hand, { is reduced owing to the presence of co-units B which
in general are excluded from the crystal lattice occupied by sequences of
the principal chain units A'*. Rejection of the co-unit B by the crystal
lattice of A enforces the requirement that crystallites of length { be formed
from sequences of A units of length j = {. The lengths of the crystallites
formed from a copolymer are therefore intimately related to the statistical
distribution of sequences of various lengths within the copolymer chains,
and the availability of appropriate sequences at the site of crystallization*.

If crystallization of a copolymer is brought about by gradual cooling
from the melt over a very long period of time, the first crystallites which
appear must be comparatively large in the dimension { inasmuch as shorter
crystallites would be unstable under conditions of small undercooling.
The longer A sequenges will consequently be removed preferentially from
the melt at the outset. Such sequences are present in only limited amounts,
hence the degree of crystallinity attainable with small undercooling is
necessarily very low. With further cooling, progressively shorter sequences
become eligible for the formation of shorter crystallites. Melting of the
semi-crystalline copolymer occurs over a broad range of temperature for
reasons which follow directly from the foregoing description of the crystal-
lization process; shorter crystallites melt first, and those of greatest length
persist (at equilibrium) up to the melting point T, of the copolymer.

The melting point of a crystallite does not, however, depend solely on
its length, as frequently is incorrectly assumed. Quite obviously, and as
the theory of phase equilibrium in copolymers clearly shows'* the tem-
perature at which a crystallite melts depends not only on its dimensions
but also on the chemical potential of A sequences of the required length
in the adjoining melt phase. Thus, as is well established by theory, the
equilibrium melting point T,, of a copolymer must depend on the melting
point T?, of the homopolymer, on the heat of fusion AH, per A unit and
on the copolymer composition according to the relationship

I/Tm—l/T?n:_(R/AHu)lnp (l)

where p is the sequence perpetuation probability, which for a random
copolymer may be identified with the mole fraction of the crystallizing unit
(CH, in the present case). The difference between T,. for the copolymer
and the melting point T¢, for the homopolymer depends on the sequence
perpetuation probability p in the manner prescribed by this equation.
It is noteworthy that the final disappearance of crystallinity is predicted
according to theory to be discontinuous; i.e. a melting point should exist
notwithstanding the broad range of temperature over which pre-melting
occurs*. Despite the survival of only those crystallites having substantially
infinite length at the theoretical melting point, this melting point T, occurs
at a temperature lower than T%,. The fallacy of assigning a melting point
to crystallites of specified length, without regard for the composition of
the copolymeric liquid phase with which it is in equilibrium, is obvious.
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For the development of the theory from which these conclusions are
derived, the reader is referred to ref. 4. Inasmuch as this theory is premised
on statistical thermodynamics, states of equilibrium are implicitly assumed.
No account is taken of kinetic limitations set by the necessarily finite
rate of transport of an acceptable sequence to the site of the crystallite.
With the further assumption that each sequence of A units participates in
at most one crystallite, the following expression for the weight fraction of
crystalline phase has been deduced*

wi=(L=pyp* {p(A-p)?-e?(1-e) 2+ ¥ [1-p*-(1-e)]}
(2}
where 6 is a function of the temperature given by
9=(AH./RY(1/T~-1/T%)

and {* is the minimum sequence length which is susceptible to crystal-
lization for the given value of p and the temperature as specified by 4. It is
given by

F=—{lnD+2In{(1-p)(1-e*)]} 6+Inp)* 3
The quantity D is formally related to the interfacial free energy o,
associated with each terminus of a crystalline sequence according to

InD=-20./kT @

In consequence of the connection of one A sequence to another via
intervening sequences of B units, crystallization of an A sequence, or a
portion thereof, restricts diffusional displacements of other sequences of
A units in the same chain molecule. The gathering together of a group of A
sequences, each being of the length required (={) for formation of a
crystallite of specified dimension ({) will thus be impeded by those crystal-
lites formed previously. The impact of this circumstance is not readily
amenable to theoretical treatment. Its severity should obviously diminish
with decrease in crystallinity; in the limit of very low degrees of crystal-
linity its effect must vanish.

In this paper we report an experimental investigation of the dependence
of the degree of crystallinity in copolymers on temperature and on the
proporticn of randomly distributed co-units. Copolymers of a preponder-
ance of methylene —CH,— units with small proportions of co-units of the

R

type —CH— have been chosen for this purpose. The principal experiments
were performed on copolymers in which R=n-C,H;; others are reported
on copolymers in' which R=CH;, and C,H;. These various copolymers were
prepared by polymerization of mixtures of diazomethane and the corres-
ponding higher diazoalkane. Special measures were adopted to assure the
random distribution of co-units, as required to justify characterization of
the copolymer sequence distribution by the single parameter p introduced
above. Crystallization was allowed to occur while the temperature of the
initially molten copolymer was reduced gradually by small increments over
periods of many days. This procedure was adopted in order to provide
optimum opportunity for approach to equilibrium. The results are com-
pared with the relationships adduced from the statistical thermodynamic
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theory outlined above. The premises of this theory are thus put to test
and information bearing on the morphology of semicrystalline copolymers
is presented.

EXPERIMENTAL

Preparation of the diazoalkanes and their copolymerization

Diazoalkanes were prepared from the corresponding nitrosoureas®. In a
typical preparation the finely powdered nitrosourea (0-6 mole) was slowly
added to a mixture of 50 per cent aqueous potassium hydroxide solution
(180 ml) and ether (600 ml). When the reaction reached completion the
ethereal layer was decanted off and dried over potassum hydroxide pellets.
As first prepared the homologous diazoalkanes above diazoethane contained
finely divided inorganic salts which settled very slowly. They were clarified
by centrifuging. Concentrations of the diazoalkanes were determined by
treating 5 ml of the ethereal solution with a weighed excess of propionic
acid and back titrating the excess acid with 0'1 N sodium hydroxide solution.
Diazomethane solutions used were of the order of 0-6 molar and the
higher homologues 0-25 molar. Isolation of the pure diazoalkanes was not
attempted. ‘

Diazomethane was copolymerized with the higher diazoalkane at 0°C
using trimethyl borate as a catalyst exactly as described by Buckley and
Ray?*. The product precipitated as formed. The reaction was terminated after
about 24 hours by the addition of excess propionic acid. Total residual
unreacted diazoalkanes were determined by back-titrating the excess acid
as above. The copolymer was washed repeatedly with ether, then dried
in vacuo at 150°C for 4 h and weighed. Sheets 1/16 in. thick were prepared
by compression moulding; the copolymers ranged from hard, white, horny
materials to soft, transparent rubbers.

Data pertaining to the various preparations are summarized in Table 1.

Table 1. Copolymerization of diazomethane with various higher diazoalkanes in
ethereal solution, catalysed by 0-02 mole trimethyl borate/mole diazoalkanes at 0°C

Copolymer
Mole % % Yield composition
Copolymer RCHN, R % (based on CHR/100
No. in .initial Conversion  conversion) chain C
mixture atoms

1 37 n-CsHy 71 34 1-8+04
2 49 n-Cz:Hy 72 40 2:0+04
3 13-1 n-CsHy 79 37 4:2+02
4 139 n-CsHy 60 18 46402
5 152 n-CsHy 85 35 64+01
6 151 n-CzHy 64 53 68+01
7 17-0 n-C3Hy 69 48 77+02
8 14-0 C:Hs 67 55 7-3+02
9 22 CH; 73 56 1-2+04
10 33 CHs 63 73 2:1+02
11 39 CH: 70 69 37+01
12 56 CHs 83 87 4:5+0-1
13 77 CH; 80 69 59403
14 87 CH; 85 58 6'1+04
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Yields given in the fifth column have been computed from the weight of
copolymer isolated and the extent cf reaction of the monomers given in
column four. For the purpose of this calculation, the two monomers have
been assumed to react in proportion to the monomer composition; the
actual difference in composition between copolymer and initial reaction
mixture has been ignored. Departures from these assumptions are unim-
portant for the purpose. It is apparent from the yields that extensive
decomposition accompanies copolymerization.

Determination of the monomer composition ratio during copolymerization

To the extent that the monomer ratio changes during the course of a
copolymerization, a corresponding change in the average composition ratio
for species formed at different stages of the process may be expected. Thus,
constancy of the monomer ratio may be regarded as a condition which
must be fulfilled if the co-units are tc be distributed equitably over all
copolymer species in the final product. Fulfilment of this condition is not
sufficient, however, to assure a random distribution of the co-units, as
required by the theory with which present results are to be compared.
It is possible for concurrent processes to yield copolymer molecules differing
in composition. Constancy of the moncmer composition, within tolerable
limits, is nevertheless a requisite meriting examination.

To this end, the copolymerizing mixture in several of the preparations
was sampled throughout the reaction. Each sample was immediately added
to excess propionic acid to give a mixture, dissolved in ether, of the methyl
and higher propionate ester together with excess propionic acid, and about
0-5 per cent of unidentified products. The mixtures were separated by
gas-liquid chromatography on a 9ft column (15 per cent ‘Ucon’ on
S0-HB-660* substrate) operated at a temperature of 64°C and using
helium as the carrier gas at a flow rate of 68 cm®/min. Results for three
polymerizations are presented in Table 2. Although the analyses are not

Table 2. Unreacted monomer ratio versus conversion

% % %
Conversion Methyl : ethyl Conversion Methyl:n-butyl Conversion Methyl:n-butyl
0 15-3:1 0 66:1 0 62:1
11 15-5:1 12 47:1 11 50:1
23 20-3:1 26 5-3:1 25 6:5:1
43 18:5:1 79 53:1 44 2-8:1
69 19-5:1 — —_ 60 82:1

as precise as might have been desired, they suffice to show that the com-
position ratios of the unreacted diazoalkane mixtures changed by nc more
than about 20 per cent over the range of conversion used. Corresponding
compositional variations amcng copolymer species are tolerable for present
purposes.

The copolymer composition
The n-propyl substituents in the copolymer were determined spectrc-
scopically by observing the relative absorbances at 150°C of the infra-red

*Union Carbide Co.
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bands at 1370 cm™ (methylene) and 1 378! (methyl) and comparing these
with values for the n-paraffin hydrocarbons C,H,., C,;H;,, and C,,H,,".
A Perkin-Elmer model 13 double-beam spectrometer was used. Methyl and
ethyl substituents were estimated similarly, except that a correction was
applied to compensate for the increased absorbance for a methyl group
occurring as a substituent on the main chain rather than as the terminal
member of a higher alkyl substituent®, Following Reding and Lovell®,
methyl unit absorbances for copolymers with methyl and ethyl substituted
co-units (R =CH, and R =C,H;) were divided by 1-55 and 1-25 respectively.
The methyl content (4:3 CH, /100 chain C atoms) of an ethylene-propylene
copolymer determined in this way was in excellent agreement with the
value (4-5 CH, /100 chain C atoms) obtained using methyl-branched hydro-
carbons as calibration standards. This measurement was made by G. A.
Tirpak, W. R. Grace and Co., Polymer Chemicals Division. In all cases
the copolymers in which R =n-C;H, invariably contained a lower ratio of
co-unit than the monomer ratio in the reaction mixture. It proved, in fact,
impossible to prepare a copolymer containing more than 8 per cent n-propyl
substituents, even using much larger monomer ratios.

The distribution of co-units

If, in spite of the approximate constancy of the monomer ratio during
copolymerization (Table 2), molecules differing materially in composition
are formed, these should be amenable to separation by fractional solution.
Accordingly, the copolymer containing 6-8 per cent n-propyl substituents
was fractionated by column elution. The copolymer was deposited on an
inert base (‘Celite 545”) and eluted at 82°C with n-butyl cellosolve—xylene
mixtures®. The results are given in Table 3. Viscosities were determined at
135°C in 0-1 per cent decalin solution using an Ubbelohde viscometer.

Table 3
Composition
Fraction Wt 9% Nsp/C n-CsHr /100
dlg—1 chain C atoms
1 19 2:37 67
2 35 4-81 7-8
3 63 10-55 7-3
4 10-8 11-57 75
5,6, 7* 21-8
8 55 12:92 67
9,10, 11* 290
12 58 32:19 60
13 162 20-59 58
Unfractionated 2037 68

*These fractions were not characterized.

As is apparent from the tabulated results, separation of the higher
fractions was inefficient. Difficulties arising from a tendency of the column
to become clogged may have been a contributing factor. The lower reduced
viscosity of the last fraction compared to its predecessor, in conjunction
with its slightly lower substituent percentage, suggests that composition
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may have dominated chain length in controlling solubility in this range.
In any case, the variation or composition among the fractions is small. The
complete solubility of the copolymer in n-butyl cellosolve—xylene mixtures
at 82° assures against the presence of measurable quantities of the homo-
polymer, polymethylene, inasmuch as the homopolymer does not dissolve
in pure solvent (xylene) below 100°C.

These results, in conjunction with those of Table 2, justify treatment of
the products of polymerization as random copolymers.

Crystallization and melting procedures

Conventional dilatometers of the type described by Bekkedahl'® were
used to observe the changes in volume associated with crystallization and
melting. To avoid clogging of the 1 mm precision bore capillary tube by
molten copolymer, the lower end of the capillary was shaped into a U
which was joined to the bottom of the dilatometer bulb. Copolymer strips
cut from sheets moulded in a hot plate press were packed into the unsealed
bulb, a hollow glass spacer was placed on top of the copolymer, and the
bulb was sealed off just above the top of the spacer. The internal volume
of the dilatometer varied from 3-5 to 4-5 ml and the weight of copolymer
frem 1 to 2 g. Before filling with mercury'! the dilatometer was evacuated
for several hours at 150°C to remove air from the copolymer. Although this
temperature is above the melting point, no appreciable viscous flow was
observed, owing no doubt to the very high molecular weights of these
samples. This behaviour is in contrast with that of Marlex-50 which flows
readily at this temperature.

The weights of sample and mercury enclosed in the dilatometer having
been determined, displacements in capillary level could be converted to
changes in specific volume of the sample. The volume within the dilato-
meter was not measured; hence, the absolute specific volume of the
copolymer had to be established independently (cf. seq.).

All samples were crystallized according to a standard procedure. The
sample, sealed in a dilatometer as described above, was completely melted
by holding it at about 160°C for an hour. It was then brought to the
vicinity of the anticipated melting point T,, of the copolymer. It was
subsequently cooled in 1° steps, each temperature being maintained for
30 minutes until the onset of crystallization was observed. The sample was
then allowed to crystallize at this temperature for two days. The temperature
was subsequently reduced in 5° increments, the sample being held at each
temperature for periods of two days. When the temperature was about 40°
below T, the steps were increased to 10°. This procedure was adopted
for the express purpose of affording favourable opportunity for incor-
poration of long sequences of CH, units in crystallites of comparable lengths
before lowering the temperature to a point where much shorter crystallites
are stable and hence become eligible for formation from the molten phase.

The course of melting of the copolymer was recorded by observing the
change of volume as the temperature was gradually raised incrementally
at intervals of one day. The temperature was increased by 5° to 10° each
day up to about 15° below the apparent melting point; thereafter the
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increment was decreased to 1° per day. Pre-melting and subsequent
recrystallization, characteristic of poorly crystallized specimens, was largely
suppressed by adoption of the crystallization procedure and melting
schedules described. After each copolymer had melted, it was heated step-
wise to about 150°C, and then cooled in a similar fashion to a temperature
at least 10° below T, but short of the temperature at which crystallization
set in. In this way the liquidus was accurately determined and the final
stages of melting could be more clearly delineated (see Figure 2).

Before carrying out the fairly lengthy dilatometric cycle described above,
the approximate melting point of the sample was located using a hot-stage
polarizing microscope. This method gave reproducible results. The melting
points thus determined, when plotted against the percentage composition,
displayed greater scatter than the dilatometric results. The dependence of
T.. on copolymer composition was similar, however.

Copolymer 4 (4-6 per cent n-propyl substituent) was slowly recrystallized
from a 4 per cent solution in benzene. After drying the product, its melting
point, determined microscopically, was compared with that of a sample
crystallized from the melt according to the procedure set forth above.
No difference could be detected. Evidently crystallization of the copolymer
from solution does not yield a crystalline morphology of reduced stability,
as has been observed for homopolymers*?.

Absolute specific volumes in the liquid state

The absolute specific volumes of liquid polyethylenes have been shown'*
to be independent of the presence and type of branching. Hence, the
relationship of the specific volume of polymethylene to temperature should
suffice as a reference line for determining absolute specific volumes of all
of the various copolymers in the liquid state. Inspection of the literature
suggested the desirability of re-examination of this relationship. A special
dilatometer was therefore constructed and calibrated for the determination
of absolute specific volumes. It was similar in design to that described
above, except that it was fitted with a ground glass 14/20 standard taper
stopper for filling and closing. This arrangement permitted its repeated
use for successive samples. The dilatometer was calibrated with mercury
from 50° to 180°C. Results for Marlex—50 and Super Dylan (melt index
3-4) were accurately fitted over the temperature range 140° to 180°C by
the linear relationship

9,=1"152+8-8 x 107*¢ ®

where v, is the specific volume of the liquid polymer at the temperature ¢
expressed in °C. This relationship accords with that of Gubler and
Kovacs'®. The specific volume at 0°C is identical with the value given by
Nielsen* and by Bueche'®. These workers reported a somewhat lower value
for the expansion coefficient; our result for the expansion coefficient agrees
with that of Quinn and Mandelkern'®.

The specific volume of a copolymer (not included in Table I) containing
7-6 mole per cent of n-propyl substituent, and determined at 55°C, agreed
within 0-5 per cent with equation (5). In view of this result and the obser-
vations cited above!®, the use of equation (5) for calculating the liquid
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specific volumes of all polymers and copolymers included in this investi-
gation was considered justified. Through its use, results with sealed dilato-
meters could be converted, when desired, to absolute specific volumes.

Calculation of degrees of crystallinity

Degrees of crystallinity were deduced from measured specific velumes on
the assumption of additivity of volumes of the two phases'”, each being
assigned its characteristic specific volume for the specified temperature. On
this basis, the weight fraction of crystalline phase is given by

we=(2,—2) /(11— 2.) Q)
where v is the measured specific volume cf the copolymer; v, is the liquid
phase specific volume given as a function of temperature by equation (5);

and 7, is the specific volume of the crystalline phase, given reliably and
with excellent precision by

Ge=0-993+3:0x 10-*¢ (°C) Q)

This relationship is based on the crystal unit cell dimensions as determined
by Cole and Holmes'® and by Swan'® from X-ray diffraction measure-
ments over the temperature range from below 0°C to the proximity of the
melting point. Their results are well represented by equation (7) for
temperatures up to 110°C. The quartic expression proposed by Swan'®
offers no perceptible advantage over the linear equation (7) below 110°C.
The accelerated increase in the g spacing at higher temperatures, as
indicated by Swan’s results, occasions inclusion c¢f higher powers of ¢.
This range is, however, of little interest here. It is noteworthy also that
Bunn’s?® early value of the crystal specific volume of polyethylene at 25°C,
namely 1-:000 cm® g%, stands in good agreement with more recent work as
attested by virtual coincidence with the value calculated frem equation (7).

RESULTS AND DISCUSSION

The melting of copolymers, previously crystallized according to the cooling
schedule detailed above, is portrayed in Figure I. For simplicity, points are
omitted from the curves. As described in the experimental section, the
temperature at each point was maintained for one day before proceeding
to the next higher temperature. The sigmoidal character of the melting
curves is evident. They resemble the curves similarly determined by
Mandelkern, Tryon and Quinn* for a series of polybutadienes containing
varying percentages of the 1,4-trans unit, which were appropriately treated
as copolymers comprising isomeric units. As in the present experiments,
melting takes place. over a range of temperature which increases with the
proportion of the co-unit. Mergence with the liquidus appears to be gradual
and asymptotic.

Figure 2 presents an enlargement of the portion of one of the curves in
the vicinity of the melting point. There is no evidence of a discontinuity.
This is in accord with theory which, although it predicts a discontinuity,
assigns it a magnitude beyond reach of experimental detection. The
theoretical copolymer melting point T, refers to this experimentally
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inaccessible discontinuity. As a practical measure, we take the temperature
at which measurable departure from the liquidus vanishes to be the
experimental T,

Melting points assigned in this necessarily arbitrary manner are presented
in Figure 3 where they are compared with the theoretical melting point
relationship. The dashed line representing this relationship has been calcu-
lated according to equation (1), taking AH,=970cal/mole CH, and
T° =411-7°K, or 138-:5°C*®'". The experimental melting points fall con-
siderably below the calculated curves. This observation accords with
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Figure 1—Melting curves for the copolymer series described in Table I

previous results?>** on the apparent melting points of various copolymers.
It finds partial explanation in the theoretically predicted decrease in the
equilibrium degree of crystallinity to a level too low to be detected some
number of degrees below the melting point. The difficulty of gathering
together the very small proportion of long sequences required for the
formation of those crystallites which would, if present, survive up to tem-
peratures approaching the theoretical T, may be a further factor contri-
buting to the discrepancy.

The melting points for the methyl substituted copolymers are consistently
higher than those for the n-propyl substituted series; the ethyl substituted
copolymer falls on the line for the latter series. The fact that the points for
the methyl series do not extrapolate to T, in the limit of vanishing co-unit
concentration indicates that very small quantities of this co-unit have little
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effect on T,. This feature of the phase diagram is at once suggestive of
the formation of a solid soluticn, i.e. of formation of a solid phase which,
CH,

at equilibrium, accommodates the —CH— co-unit. The steady decrease of
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T, with co-unit concentration in the n-propyl series, on the other hand,
indicates separation of a pure phase. These deductions follow from primary
principles of phase equilibria of the utmost generality.

Walter and Reding® called attention to increases in unit cell dimensions
brought about by branches in polyethylene, and suggested therefore that the
lattice may be expanded by incorporation of branched units. Eichorn®’
observed a regular increase in the 110 spacing with the proportion of co-unit
in copolymers of propylene with ethylene. Cole and Holmes'®, and more
recently Swan®®, have identified the a axis spacing .as the dimension
predominantly affected. These investigators reported similar increases for
co-units bearing ethyl, n-propyl, n-butyl and n-amyl substituents. Cole and
Holmes'® found the effect of butyl to differ imperceptibly from that of
methyl.

In this latter respect, the results of X-ray diffraction appear to be at
variance with our results, according to which only the methyl group enters
the crystal lattice to an appreciable degree. It is important to note, however,
that the X-ray diffraction measurements were carried out on samples in
which the degree of undercooling was sufficient to sanction existence of
imperfect crystalline regions, including ‘impure’ crystallites which accom-
modate the branched co-units either as defects or in interstitial positions.
At higher temperatures, such crystallites would be unstable relative to the
meit, and hence should vanish in the vicinity of T,. If crystallization of
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the samples used for X-ray diffraction had been conducted under conditions
permitting a higher degree of discrimination in the selection of sequences
for crystallization, the extent of incorporation of co-units in the crystal
lattice might have been materially reduced. Irrespective of the validity of
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c function of composition.
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tion (1)
60
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0 2 4 6 8 10

Co-units /100 chain C atoms

this latter conjecture, the system may differ markedly in its tolerance of
co-units in the crystal lattice under the conditions prevailing in the two sets
of experiments; in ours the degree of crystallinity is vanishingly small at T,
whereas the X-ray diffraction studies were conducted at temperatures much
farther removed from the melting point and at comparatively high degrees of
crystallinity.

A further factor of possible importance in this connection is the decrease
in average crystal size** with the proportion of co-units. The sizes of the
crystallites may of course vary over a wide range for the large undercooling
prevailing at room temperature. Not only is the longitudinal (chain axis)
dimension reduced by the frequent incidence of co-units; transverse
dimensions must be reduced also, as we have pointed out elsewhere?’.
This follows as a consequence of the impedance of lamellar development
in copolymers, wherein ‘folding’ is largely precluded by the infrequent
occurrence of two or more acceptable sequences of units in succession along
a given chain. Reduction of crystal size introduces a source of error in the
X-ray diffraction spacing. Moreover, if the crystallite is sufficiently small,
its dimensions may be altered by local stresses of the matrix in which it
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is embedded. It is apparent that interpretation of small changes in the
X-ray diffraction spacings for copolymers is by no means as unambiguous
as might at first sight seem to be the case.

Degrees of crystallinity calculated from the specific volumes using
equation (6) are shown in Figures 4 and 5 for copolymers having
R =n-propyl and R =methyl, respectively. Results for the ethyl substituted
copolymer are included also in Figure 4. The dashed lines in this figure

0401
2 kY "\‘ Substituent
- . LY n-Propyl
A Y Y —— Ethyl
= \\ LR Theoretical
30l-@ AN
0-30 g Y
,%, “\ \
el
o]
| ©
| 3
0-20f &

Crystallinity, we

0-10}-

000

Temperature, °C

Figure 4—The degree of crystallinity [calculated from the specific

volume data using equation (6)] as a function of temperature for the

copolymers with n-propyl and ethyl substituents. The theoretical curves

have been calculated via the equations set forth in the introduction
taking In D= —11-5

have been calculated according to the theoretical equations (2) and (3) using
a single set of values of the parameters 7%, AH, and In D for all copolymers.
The remaining parameter p is identified with the mole fraction of CH,
units in each copolymer, in accordance with the assumption of random
distribution of co-units. The independently established values of T, and
AH, given above were used in these calculations. For InD we have
arbitrarily selected the value —11-5 in order to achieve the best fit with
the experimental curves in the temperature ranges where the degrees of
crystallinity undergo most rapid changes. The entire set of theoretical curves
therefore rests on the choice of this one independent parameter. The shift
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of the curves with 1 —p in Figure 4 is fairly well represented except for
the highest percentage of co-units. To this extent, the theory finds sub-
stantial support.

The observed degrees of crystallinity for a given copolymer depart from
the theoretical curve at both low and high degrees of crystallinity. The onset
of crystallization is displaced to lower temperatures than those predicted by
the theoretical curves. As we have suggested above, this departure from the
equilibrium theory is attributable to the kinetic difficulty of gathering
together those rarely occurring long sequences which are required for
formation of stable crystallites at small undercoolings. At higher degrees
of crystallization, the experimental line again falls well below theoretical
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Figure 5—The degree of crystallinity [calculated from the

specific volume data using equation (6)] as a function of tem-

perature for the copolymer with methyl substituents. The data

for two n-propyl substituted copolymers are included for
comparison

predictions. Restrictions imposed by crystalline regions previously. generated
at higher temperatures in the cooling cycle are suggested as responsible
for this discrepancy. The interconnections resulting from prior crystallization
greatly limit the diffusion of the remaining amorphous sequences. Hence,
their collection in a given locality, and their further re-arrangement as
required for crystallization, is severely impeded.

In this respect the crystallization of a copolymer (by slow cooling) differs
strikingly from the crystallization of a homopolymer. High degrees of
crystallinity may be attained in the latter at comparatively low under-
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coolings. At an intermediary stage in the transformation, the semi-crystalline
(spherulitic) and amorphous regions are sharply differentiated. In the
crystallization of copolymers, on the other hand, the more eligible long
sequences tend to be selectively crystallized throughout the sample. At
small undercoolings, transformation proceeds only to a limited degree but
all macroscopic elements of the vclume participate in the transformation.
Each such element is susceptible to further crystallization with lowering of
the temperature. Hence, in contrast to the essentially discontinuous trans-
formation of a given region in a homopolymer, crystallization of a
copolymer proceeds more gradually, and from a macroscopic standpoint
more uniformly. It is thus that processes of re-alignment of chains required
for achieving higher degrees of crystallinity are especially susceptible to
impedance by previous crystallization in a copolymer.

Our empirical value of In D leads to a surprisingly large interfacial free
energy o, [see equation (4)]. Thus, we find o, =~ 4 600 cal mole~* of chains
emerging from the 110 surface, cr o, =~ 170 ergs cm~>. This interfacial free
energy should not, of course, be compared to values for non-polymeric
crystals; it includes contributions to the free energy associated with dis-
sipation of crystalline crder throughout the depth of the interfacial layer.
As emphasized in a recent paper®’, the order characteristic of the crystal
must be propagated by the emerging chain some distance into the
amorphous regions. The situation is further complicated in the case of
copolymers owing to the infrequency with which the flux of chains in this
region can be diminished by re-entry of a chain trajectory into the crystal-
lite, in consequence of the improbability of occurrence of a second
acceptable sequence in close proximity along the same chain. For these
reasons, the lamellar morphology believed to prevail in homopolymers
where lateral growth of crystallites is unimpeded, probably is suppressed
in copolymers.

Mandelkern and co-workers® have estimated o, for linear polyethylene
from the change in the low angle X-ray spacing with temperature of
crystallization. Their result, 95 ergs cm~?, is predicated on a melting point
T° =137-5°C for the homopolymer. The latter value is unquestionably low.
Choice of a value in the more probable range 140° to 145°C would increase
their o, bringing it into proximity with our result derived in an entirely
independent manner from observations on copolymers. Cormia, Price and
Turnbull?® have recently estimated o, for linear polyethylene from obser-
vation of the supercooling required for homogeneous nucleation in small
droplets of the molten polymer. The probable difference in morphology
cited above between copolymers and the homopolymer notwithstanding,
their result, 168 ergs cm~?, is remarkably close to our value. The agreement
between the results of these quite unrelated methods affords. strong support
for a large interfacial free energy for the 001 crystal boundary.

The experimental work reported in this paper was carried out at the
Mellon Institute, Pittsburgh, Pa. Support of the National Science Founda-
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Shear Modulus in Relation to Crystallinity
in Polymethylene and Its Copolymers
J. B. JacksoN, P. J. FLory, R. CHAING* and M. J. RICHARDSONT

Shear moduli of the copolymers of —CH:— with small proportions of

—CHR— described in the preceding paper have been measured over their

melting ranges using a low frequency torsion method. The observed moduli

exceed by an order of magnitude the values calculated from the theory of

rubber elasticity on the assumption that crystallites function as crosslinkages.

Dynamic mechanical loss maxima are reported at temperatures which correlate
qualitatively with the melting range.

THE results of elastic modulus measurements on the series of copolymers
R

of methylene —CH,— units with —CIH— co-units, where R=n-C,H, and
CH,, preparation of which was described in the previous paper!, are
presented in this communication. The shear modulus, determined by a low
frequency torsion method, has been investigated as a function of the
proportion of co-unit over a range of temperatures below the melting point.
Samples were crystallized by gradual stepwise cooling in accordance with
the procedure applied in the preceding paper dealing with the degree of
crystallinity and its dependence on temperature. Hence, results of that
paper in conjunction with those presented here permit comparison of the
modulus of elasticity with the degree of crystallinity.

Partial crystallization may be considered to confer a network structure
on a system of macromolecular chains, with the crystallites performing
the function of chemical crosslinkages in conventional networks. The elastic
properties of partially crystalline polymers and copolymers have often been
interpreted, qualitatively, from this point of view. Inasmuch as the modulus
of elasticity of the crystalline regions® so greatly exceeds that of the
amorphous phase, it is a usually satisfactory approximation to attribute
the observed elastic compliance entirely to the latter phase. The stress
response of the semi-crystalline polymer is accordingly ascribed to
orientation of chains within the amorphous region.

Pursuant to quantitative elaboration of this point of view, the macro-
molecule may be considered to be subdivided into successions of crystalline
and amorphous sequences of units. An amorphous sequence bounded at
either end by crystalline sequences which occupy separate and independent
crystallites contributes an elastic element to the network comprising macro-
molecules joined together by crystallites. Deformation of the sample alters
the distribution of amorphous chain configurations, much as in a network
formed from chemical crosslinkages. On this basis, the modulus of elasticity
should depend directly on the number of amorphous chain sequences, or

*Present address: Basic Research Department Chemst-and Research Center, Inc., Durham, North Carolina.
tPresent address: National Physical Laboratory, Teddington.
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elastic elements®. Each crystallite joins a large number of chains in a given
locality; its functionality is much greater than that of a chemical cross-
linkage. According to theory, however, the elastic equation of state should
depend only on the number of chains and not on the functionality of its
junctions. Partial justification is thus provided for disregard of the peculiar
character of the junctions in semi-crystalline polymers. Hence the number
of elastic elements in the amorphous phase can be equated to the number
of crystalline sequences, assuming of course that the copolymer molecules
are of sufficient length to reduce the number of terminal chains to a
negligible level. The present investigation was undertaken for the purpose
of exploring the validity of the viewpoint outlined above,

Amorphous sequences which loop back to the same crystallite from
which they emerge obviously contribute nothing to the elastic stress (except
possibly through entanglements®). In copolymers, however, the incidence
of back looping of this nature should be rare for reasons cited in the
preceding paper, and the problem differs considerably from that in homo-
polymers where extensive looping may occur under certain conditions*.
Crystallization in copolymers involves deposition of the longer preferred
sequences of crystallizing unit, type A. (It is here assumed that the B units
are of such a nature as to be excluded from the lattice characteristic of A.)
Qualitatively, after deposition of a preferred sequence of A units, the
formation of a loop or fold requires the presence of a second uninterrupted
run of units of the same length immediately following the loop. The
probability of two such sequences being found in close proximity in a
single chain is low. More likely, the required sequence will be found in a
neighbouring chain. When such a number of A units does occur farther
down the same chain it will most probably participate in another crystallite,
Hence, repetitive participation in the same chain in a given crystallite can
rarely occur in a copolymer. A detailed discussion of this subject has been
given elsewhere*.

The number v° of crystalline sequences may be calculated according to
theory® previously developed along the lines described in the preceding
paper®. The relevant equations are :

Vo INa=(1—-pyp*[(1-py*-(1-e*7] )

(r=-{lnD+2In [(1-p)(1-¢%']} (¢+Inp)* V)

where N, is the number of A units in the random copolymer; other
quantities are defined in the preceding paper*. According to the theory of
rubber elasticity the shear modulus (real part) is®

G=0/V)(r>[<{r*>0) kT 3
where v/V is the number of network chains in the volume V, {r*); is the
mean-square chain displacement length in the absence of strain imposed
by an external stress, and {r*», is the value of the same quantity for the
free chains unconstrained by the network junctions, which in this case
consist of crystallites. The ratio {r®./{r*), evades evaluation for the
systems here considered; we are obliged therefore to adopt the approxi-
mation {r®);=<{r*),, which may in fact introduce appreciable error. With
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the further identification of the number v of amorphous chains with the
number v¢ of crystalline sequences, on the basis set forth above, we have

G=KkT (¥[NJ)|V. @
where V, is the volume occupied by an A unit.

The assumption underlying equation (1), according to which each
sequence of A units (—CH,—) enters into at most a single crystallite,
assumes dominant importance with reference to the present application of
theory. Other limitations on the application of the statistical thermodynamic
(equilibrium) theory are discussed in the previous paper. Reiterating briefly,
these deviations appear to arise from kinetic limitations on attainment of
the state of equilibrium envisioned by the theory. At temperatures
approaching T, only long A sequences are eligible for stable crystallite
formation. Hence the difficulty of assembling a sufficiency of such long
sequences at a given locality suppresses the degree of crystallinity below
theoretical prediction. At large undercoolings diffusional displacements of
residual amorphous sequences are severely restricted by prior crystallization
of other sequences in the same molecule. Within the range of intermediate
degrees of crystallinity where approximate agreement between theory and
experiment is achieved through arbitrary choice of the parameter D, the
theory may for purposes of this paper be regarded as a device for relating
the number of elastic elements (amorphous sequences) to the degree of
crystallinity.

A further consideration, implicit in the interpretation set forth above, is
the assumed invariance with strain of the network structure joined by
crystalline crosslinkages. Any increase or decrease in the degree of crystal-
linity with strain must be reflected in the elastic properties. Thus, it is
essential to bear in mind that changes of degree of crystallinity with strain
may contribute to the elastic compliance.

Previous studies’® of mechanical properties of polymethylene have dealt
in detail with the temperature dependence of the elastic modulus as a
means of elucidating the second and higher order transitions. The few
data for ‘branched’ polymethylenes®® relate principally to methyl sub-
stituents and these are atypical, as discussed in the preceding paper, owing
to the ability of the polymethylene lattice to accommodate them. In this
investigation we have attempted to cover more systematically a range of
concentration of co-units where the copolymer is still both partially crystal-
line and the distribution of co-units random.

EXPERIMENTAL

Samples used in this investigation are listed in Table 1. Two linear poly-
methylenes* were included for examination, the first being an unfractionated
Marlex~-50 sample (mol. wt=280000). and the second a fraction from a
Marlex-50 sample (mol. wt=490 000). Compositions of the copolymers
selected for investigation of the modulus/temperature relationship are taken
from the preceding paper'. Degrees of crystallinity given in the last column
of Table 1 have been calculated from the specific volume at 30°C.

*Further data on these two samples have been given in ref. 10. Thev correspond to the unfractionated
Marlex-50 and the last Marlex-50 fraction. respectively, of ref. 10. Table 1.

239



J. B. JACKSON, P. J. FLORY, R. CHAING and M. J. RICHARDSON

Table 1. Polymer and copolymer samples

Copolymer*
Co-unit composition % Crystallinity
Sample substituent R CH " R/100 at 30°C
chain C atoms
Linear polymethylene, None
whole Marlex 833
Linear polymethylene, None
Marlex fraction 76-8
Copolymer 1 n-C3H 18 410
Copolymer 3 n-CsHy 42 234
Copolymer 5 n-CsHr 64 10-0
Copolymer 9 CH; 12 554
Copolymer 10 CHj; 21 50-0
Copolymer 12 CH; 45 309
Copolymer 14 CH; 61 17-1

*cf. ref. 1, Table 1.

The required test specimens for modulus measurements were pressed in
a small metal mould forming thin rectangular strips approximately
0-05in. x 0-25in. x 2 in., the thickness being determined by the amount of
copolymer. The mould was filled and placed in a large glass tube which
was evacuated and heated in an oil bath to about 160°C. After several
hours of continued evacuation, the tube was sealed off the vacuum line and
transferred to a thermostat bath. The determination of the initial holding
temperature, i.e. the highest practicable crystallization temperature for the
particular sample, and the subsequent cooling cycle have been described in
the preceding paper'. After removal from the mould the dimensions of the
sample were carefully measured before suspending it from the torsion
pendulum.

Shear moduli were determined using the torsion pendulum described by
Nielsen'!. The sample was enclosed in a glass envelope continually flushed
with a slow stream of dry nitrogen, and mounted in a thermostat bath
controlled at the desired temperature +0-1°C. Measurements were carried
out from room temperature to the melting point of each sample. It was
deemed unnecessary to extend the determinations to lower temperatures,
inasmuch as the degrees of crystallinity show little change with temperature
with further cooling.

The dynamic shear modulus G was calculated from the period T of the
torsion pendulum, its moment of inertia I, and the sample dimensions,
according to the relationship

G=64x1l]cd*uT? (&)
where [, ¢ and d are the length, breadth and thickness respectively, of the
sample, and p is a shape factor. Following the procedure set forth by
Nielsen'!, we have used the values of u computed by St Venant'* as a
function of c/d.

A slow stepwise heating schedule was followed to obtain the modulus
as a function of temperature, each successive temperature being maintained
for 24 hours. Up to 40° below the melting point, the temperature was
raised in increments of 10°; 5° steps were adopted over the next 30°;
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thereafter the temperature was increased in 1° increments, and measure-
ments continued until the sample ruptured. In a few cases reversibility was
tested by decreasing the temperature in similar steps. In these instances
the operation was reversed a few degrees below the melting point to prevent
breakage of the strip due to the low crystallinity remaining just below the
melting point. Moduli observed as the temperature was decreased agreed
closely with those found with ascending temperature.

The characteristic frequencies covered in a typical experiment from room
temperature to the melting point were usually in the range 0-25 to 0-01 ¢/s,
this being the natural frequency span for the instrument with the samples
investigated.

RESULTS

The principal experimental data are summarized by the upper set of curves
in Figure 1. Individual points have been omitted from most of the curves
in the interest of clarity. As previously noted, the curves are well reproduced
upon lowering the temperatures in incremental stages.
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Polymethylene

The two curves at the top of Figure 1 represent the fractionated and
unfractionated homopolymers, respectively. As expected the fraction
displays a higher modulus throughout the range of these measurements.
The polydispersity of the unfractionated polymer is known to be great.
Constituents of quite low molecular weight are included in substantial
amount; hence, the number average molecular weight is much lower than
that of the fraction. The melting range of the whole polymer is consequently
broader than that of the fraction'®. At temperatures approaching the
melting point the degree of crystallinity is reduced by the presence of low
molecular weight constituents, However, as the temperature is lowered,
the same constituents, being less restricted by attachments to crystalline
regions, are capable of raising the degree of crystallinity above that for the
fraction'™ 3, as is recorded in the last column of Table I. This enhanced
degree of crystallinity is not reflected correspondingly in the modulus, which
does, however, approach that of the fraction at the lowest temperature of
measurement. Low molecular weight constituents evidently are compara-
tively less effective than longer chains in contributing to the elastic modulus
through crystallization. This is in accordance with expectation.

Copolymers

The copolymer curves in Figure I are remarkably similar in shape to
those for the homopolymers considered above. They are displaced down-
ward, i.e. their moduli are lower, and the accelerated decrease in the
modulus sets in at lower temperatures in accordance with their lower
melting ranges'. At higher concentrations of co-unit the degrees of crystal-
linity are sufficiently suppressed to render the copolymers rubber-like even
at room temperature. Such copolymers do not therefore exhibit the
precipitous drop of modulus with temperature which is characteristic of
the homopolymer and of copolymer containing smaller proportions of the
co-unit. In all cases the observed shear moduli are much greater than those
calculated from equations (1) and (2), as shown by the lower set of curves
in Figure 1 (cf. seq.).

The elastic moduli of copolymers bearing methyl substituents are higher
than those for the n-propyl substituted copolymers. This is in accordance
with the results presented in the previous paper which leads to the con-
clusion that the methyl substituent group, unlike the n-propyl homologue,
may be incorporated in the crystal lattice even under equilibrium conditions,
The higher moduli of the former copolymers are consistent with their
higher degrees of crystallinity resulting from the tolerance of the crystal
lattice for the methyl substituent.

Dynamic damping

In the course of carrying out the dynamic modulus determinations, the
damping was also recorded. Although not germane to the primary objectives
of this investigation, the data are nevertheless of interest. The main feature
is the presence of a maximum in the damping, expressed as the logarithmic
decrement, which occurs within the temperature range of melting (compare
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Figures 4 and 5 of ref. 1). Maxima were not observed for copolymers
C,H,

containing larger percentages of the —CH— unit. In these cases the

maxima are presumed to have been displaced below the temperature range

of the measurements. Curves for these copolymers are therefore omitted

from Figure 2. Loss maxima in the interval from :—20° to 70°C have been

cited previously® as being characteristic of branched polyethylenes and of
R

l
copolymers of —CH,— with —CH— where R is alkyl.
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The positions of the maxima in Figure 2, far from being characteristic
of the substituent group, depend markedly on composition. They correlate
qualitatively with the melting ranges of the respective copolymers. Both
methyl and propyl substituted co-units conform to this correlation. The
former melt higher at the same composition as previously noted; the
maxima in their damping curves are similarly displaced. These observations
suggest crystallization and melting, induced by the deformation cycle, as
the mechanism responsible for the mechanical losses in the temperature
range here considered. Within the neighbourhood of a given crystalline
region the balance between crystallization and melting processes will depend
in general on the strain. Inasmuch as these processes are time dependent
they must contribute in some degree to the mechanical losses. A mechanism
of this nature is unrelated to a glass-type transition. The possibility of error
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arising from attribution of all loss peaks observed in semi-crystalline
polymers and especially in copolymers to glass transitions is implicit in
these considerations.

DISCUSSION

The theoretical curves appearing in the lower portion of Figure I have
been calculated taking In D= —11-5 as found from analysis of the degrees
of crystallinity presented in the previous paper'. These curves are fairly
insensitive to the precise value of this parameter; e.g. choice of a much
different value — 8-0 raises the calculated modulus only about ten per cent
in the higher range of each curve. This calculation of the modulus takes no
account of possible effects of the crystalline regions other than their function
in joining elastic chains to one another. The crystallites may be expected to
act as rigid inclusions in an elastic medium, their elastic compliance being
negligible compared with that of the surrounding amorphous matrix. This
secondary effect of the crystallites must depend not only on their volume
fraction but also on the geometric shapes of the crystalline lattice and their
dispersion in the surrounding medium. Estimates made on the assumption
that they are uniformly dispersed, and with neglect of their probable
asymmetry of shape suggest that observed moduli may be altered by factors
of three or four at the higher degrees of crystallinity ranging up to 40 per
cent at 30°C for samples having about two per cent of co-unit; the
correction factor is much less severe at lower degrees of crystallinity. Even
with allowance for this further contribution of the crystallites to the shear
modulus, the residual discrepancy between theory and experiment approxi-
mates one order of magnitude.

Newman'* has reported an attempt to correlate the shear modulus of
isotopic polypropylene determined using a torsion pendulum with that
calculated via the above theory. Similar results were obtained in that calcu-
lated values were one or two orders of magnitude below experimentally
determined moduli. Also mentioned in this paper** is a private communi-
cation from Neilsen who observed similar behaviour for ethylene co-
polymers.

In quest of the basis for the discrepancy the following factors have
been considered: (I) departure of the dynamic shear modulus from its
value (under static equilibrium) to which the theoretical equations refer,
(2) propagation of crystalline order into amorphous regions surrounding
the crystallites, with consequent restrictions on configurational rearrange-
ments of chains, (3) interactions between crystallites, either through
mechanical interlocking at higher degrees of crystallinity or through regions
of mesomorphic order persisting between neighbouring crystallites. Only
the first of these should prevail at low degrees of crystallinity and it is
highly improbable that it alone would account for the magnitude of the
discrepancy observed.

The results of this investigation cast doubt on the adequacy of the basic
premises underlying the treatment of the elastic properties of semi-
crystalline polymers by analogy with ordinary networks consisting of
polymer chains in random configurations joined one to another by
chemical bonds which do not otherwise perturb the statistical array.
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Selective crystallization of the more eligible sequences may impose severe
departures from a state of randomness in the configurations of the
amorphous chains in the state of null macroscopic strain. If many of
the chains are highly ‘distended on this account, the elastic response of the
system to deformation will be increased. Secondly, the crystallites in the
‘networks’ here considered introduce interfaces which are impenetrable to
the elastic elements of the structure (i.e. to the amorphous chains), and
which have no counterpart in ordinary networks. The effect of the pre-
sence of such interfaces on the statistical properties of the network as they
relate to its elasticity are difficult to assess, but it is well known that they
markedly limit the configurations otherwise possible. Hence an increase in
the modulus on this account is also to be expected.
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The Constant Pressure Dynamic
Osmometer

I. C. McNEILL

The trend in osmometer design has been towards large membrane areas and
small capillaries. It is suggested that this results in serious deficiencies and
that a more satisfactory design is one in which the membrane area is very small
and the pressure-measuring tubes are wide. Such an instrument approaches
osmotic equilibrium so slowly that over short periods of time the observed
head is almost constant, and thus the net rate of transfer of solvent across the
membrance is constant. The design and operation are described of an osmo-
meter in which osmotic pressures of polymer solutions are calculated from
measurements of the rate of solvent diffusion at a constant hydrostatic pressure.
Results are given for six polymethyl methacrylate and three polystyrene samples
which compare favourably with results for the same polymers obtained using
other osmometers. The osmometer described is much less subject to polymer
diffusion; it is very simple, robust, easy to use, and results are obtained rapidly.
The advantages and disadvantages of the osmometer, compared with
conventional osmometers, are discussed.

ALTHOUGH it is possible to measure the equilibrium pressure difference in
the capillaries of an osmometer to +0-005 cm of solvent, or better, it has
become abundantly clear in recent years'~® that the true accuracy in
determining the osmotic pressures of polymer solutions is very much
poorer than this: because of practical difficulties, equilibrium pressures
have been found to be reproducible to only 0-1 to 0-2cm of solvent
using the same solution, the same osmometer, and the most careful tech-
nique®. Furthermore, the equilibrium pressure may differ very considerably
from the true osmotic pressure of the solution for polymers of number-
average molecular weight 100000 or less, particularly for polydisperse
materials, depending on the choice of membrane material. The latter
discrepancy, rather than the reproducibility (which is adequate for many
purposes), has been the major disadvantage of the osmotic method for
determining the molecular weights of polymers.

It is arguable that most of the practical difficulties encountered in
osmometry, and particularly the low accuracy of the method for molecular
weights below 100000, are due not only to the limitations of available
membrane materials, but- also to deficiencies in osmometer design which
arise from the premise that the ideal osmometer is one in which osmotic
equilibrium is established as rapidly as possible. In support of this con-
tention, it is necessary to consider briefly the main sources of error in
osmotic measurements. These are,

(1) Use of fine capillaries (<< 0'1 cm diameter)
Traces of grease or dust particles can obstruct free movement of the
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solution. Slight differences in bore can cause significant differences in
capillary rise.

(2) Mechanical leaks

In any osmometer leakage might occur between the membrane, the
gasket holding it in place and the cell. Instruments with fine capillaries,
however, must have additional tubes for filling and removing solution
and solvent. The seals between these tubes and the cell are potential sites
for leakage. The greater the size of the membrane, the greater the possi-
bility of a leak due to some mechanical imperfection in the membrane.

(3) Variation in asymmetry pressure

With solvent only in the osmometer, the observed difference in level in
the capillaries at equilibrium should be zero. In practice pressures of
+0-lcm to —0-1 cm are usually observed. Duplicate determinations of
asymmetry pressure can differ by up to 0-1 cm.

(4) Membrane movement

If the pressure on the membrane changes by several centimetres in the
course of a determination, the membrane may shift its position slightly,
causing a disturbance of the levels. Osmometers are always designed to
minimize this effect, but it is impossible to support the membrane over its
entire area.

(5) Bubble formation

If an air bubble becomes trapped inside the osmometer cell during filling,
highly erratic results may be obtained. In some osmometers it is not
possible to see into the cell at all; in others one cannot see very clearly,
so that it is not always possible to detect the presence of a bubble visually.
The greater the number of points of entry into the cell, the greater the
number of potential sites for a bubble to be trapped.

(6) Polymer diffsion

Osmometer membranes are not ideally semipermeable and if a polymer
contains even a small proportion of material able to diffuse through the
membrane serious errors result. Diffusion will be greater the larger the
membrane area and the longer the time of measurement.

These difficulties in osmotic measurements have been discussed in greater
detail by several authors®”. ,

The trend in osmometer design has been towards the largest con-
venient membrane area and the smallest practicable capillary bore, with
the object of reducing the time of measurements. Large area and small
bore are, however, precisely the factors leading to the difficulties (1), (4)
and (6) and leading indirectly, from the design of the osmometer, to (2)
and (5) also. It is logical to argue, therefore, that an osmometer with a
very small membrane area and wide ‘capillaries” would give results less
subject to error from the causes listed. To operate an instrument of this
type by the static equilibrium method® would clearly be impracticable since
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it would take weeks or months to attain equilibrium. Dynamic measure-
ments>™® of the type commonly carried out with the Fuoss-Mead® or
Pinner-Stabin'® instruments would also be inconveniently slow. The
osmometer proposed has, however, one unique feature: over short periods
of time (1 to 2 hours) the hydrostatic pressure is almost constant and thus
the net transfer of solvent across the membrane occurs at an effectively
constant rate. If the rate of diffusion can be measured with sufficient
accuracy, the osmotic pressure of the solution can be calculated. The
design, construction and use of a simple instrument based on this principle
are described subsequently.

MEASUREMENTS OF SOLVENT DIFFUSION

Previous determinations of osmotic pressures from rates of solvent diffusion
have been based upon extrapolation to zero rate of data obtained at various
hydrostatic heads®!'-!*, The osmotic pressure is then equal to the hydro-
static pressure.

An alternative approach consists of comparing the rates of diffusion
(measured by the small decrease in hydrostatic head with time) at the same
hydrostatic head when the osmometer is filled in turn with pure solvent
and with the polymer solution. If these rates are R, and R cm/h,
respectively, and the head is H cm, then

R,=kH
and R=k(H-7)

where k is a constant depending upon tube bore, membrane area and
membrane permeability, and = cm is the osmotic pressure of the solution.
w may therefore be calculated readily from R, and R.

EXPERIMENTAL

Design of the constant pressure dynamic osmometer

The membrane is of small area and it is convenient to mount it hori-
zontally. Since wide measuring tubes are employed, one of these also serves
for filling and emptying the osmometer. An instrument of the utmost
simplicity is therefore possible (Figure 1). The glass cell of the osmometer
is constructed from a standard Quickfit flat flange (FG 15) drawn down
near the flange and joined to a length of 2-5mm precision bore tubing*,
which in turn is joined to a filling cup of wider bore. A reference tube
of 2-5 mm precision bore is provided to enable the correction for capillary
rise to be made. The membrane, which has an outer diameter of 35 mm
and a working diameter of 15 mm, is held in place across the flange by
means of a Teflon gasket and two circular brass plates secured by bolts.
Solvent is contained in the outer cylindrical jacket which is provided with
a glass lid. The osmometer cell requires 4 to 5ml of solution and a
minimum of 20 ml of solvent is required in the outer jacket.

The osmometer was rigidly supported in a thermostat at 25° +0-005°C.

*In more recent work 2:0 mm precision bore tubing has been found preferable,
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A cathetometer (Precision Tool and Instrument Co. Ltd) with 50 cm
column and lenses giving a focal length of approximately 15 cm was used.
Both thermostat and cathetometer were placed on the same rigid, vibration-
free bench. With suitable illumination giving very sharp images of the
menisci, it was possible to read the position of each level to the nearest
0-001 cm without any difficulty.
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j g Figure I—The constant
dynamic osmo-

pressure
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of osmometer; B glass lid;
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' 12 membrane; 1  polythene
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Polymer samples

Six samples of polymethyl methacrylate were prepared by polymerization
in a high vacuum of carefully purified monomer (I.C.1. Ltd) at 60° (80° for
sample D3) in 50 per cent, dried, AR grade benzene solution, using
azobisisobutyronitrile as initiator, Polymerizations were carried to ten per
cent conversion, after which the polymers were isolated by precipitation
with methanol. The polymers were purified by reprecipitation from AR
benzene solution with methanol. They were dried under vacuum and finely
powdered.

Three pure, unfractionated polystyrenes of known molecular weight were
kindly supplied by Dr N. Grassie. The molecular weights of these polymers
had been determined in benzene solution using a modified Fuoss—Mead
osmometer with gel cellophane membrane, by the static equilibrium method.

Membrane conditioning
‘PECEL’ 600 grade cellophane membranes (35 mm diameter) supplied
by Polymer Consultants Ltd, were used in the constant pressure dynamic
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osmometer and in the Pinner-Stabin osmometer. The membranes, initially
packed in aqueous acetone, were conditioned by soaking for 12h in each
of the following baths, prior to storage in benzene: 100 per cent acetone,
33 per cent benzene-acetone, 66 per cent benzene-acetone, and 100 per
cent benzene. The solvent permeability constant®® for these membranes
was of the order of 2 x 10~* h—*. Subsequent experiments have shown that
Sylvania 300 grade cellophane membranes, conditioned in the same way,
have higher solvent permeability without being less retentive to polymer.

Molecular weights using the Pinner-Stabin osmometer

The molecular weights of the six polymethyl methacrylate samples were
determined in AR benzene solution using a Pinner-Stabin osmometer
supplied by Polymer Consultants Ltd. Pinner’s technique was used'®. The
results of these measurements are shown in Figure 4 and in Table 1.

Table 1. Results of molecular weight determinations for polymethyl methacrylate

samples
Molecular weight by
Polymer Pinner-Stabin constant pressure
osmomeler dynamic osmometer
D7 486 000 460 000
D6 316 000 316 000
D4 224 000 230 000
D2 131 000 126 000
D1 116 000 97 000
D3 33 000* 28 000

*Result after correction for solute diffusion.

The data for sample D3 have been corrected for solute diffusion by a linear
extrapolation to the time of filling the osmometer of the plot of head versus
time after a constant decay rate had been established. This method of
correction has been demonstrated to be unreliable -when ‘fast’ membranes
are used®'®, but has been employed by recent workers'” using slower
membranes. The results to be discussed below suggest that in the present
work, with slow membranes, the correction is inadequate.

Preparation of polymer solutions

A stock solution of polymer, containing 1-3 to 1-5 g/100g solution, was
first prepared in 50 ml AR benzene; dilutions of this solution were made
by weighing a suitable quantity, making the volume up to about 15 ml with
benzene, and reweighing.

Filling the osmometer

Solutions and solvent were preheated to 25° before use in the osmometer.
The solvent in the outer jacket was changed first; the osmometer cell was
then filled by using a hypodermic syringe, the 8 in. long plain-ended needle
of which was inserted through the filling cup and measuring tube. It was
emptied by a similar method. After two rinses with 3 ml portions of the
solution to be used, each portion being left in the osmometer for two
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minutes, the cell was filled to the desired level, which could be adjusted
readily by adding or withdrawing liquid with the syringe. None of these
operations requires the osmometer to be moved from its normal position
in the outer jacket.

The trapping of air bubbles in an osmometer is a problem which arises
from time to time with most types. It will be noted that the design of
this instrument makes it impossible for a bubble to become trapped inside
the cell: any bubble present must rise up the measuring tube and thereby
escape. It is possible for bubbles to be trapped underneath the osmometer
when the solvent in the outer jacket is changed. These are immediately
obvious to the eye and are readily displaced.

The hydrostatic pressure at which the osmometer is used can be varied
as desired. Selection of a constant value for all experiments is advantageous,
however, since it removes a variable factor. In all the measurements sub-
sequently described a hydrostatic pressure of 6 £0-2cm was employed.
The time allowed for thermal equilibrium, and equilibrium between the
membrane and the solution, to be established, was also kept strictly
standardized. Readings were commenced 50 minutes after filling the
osmometer.

Measurement of rate of solvent diffusion

Initial readings were made of the liquid levels first in the reference tube
and then in the measuring tube. Readings of the level in the measuring
tube were then made at regular time intervals chosen such that the fall
between readings was appreciable. Since only the fine adjustment of the
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Figure 2—Typical rate plots obtained with the constant pressure

dynamic osmometer. Polymethyl methacrylate sample D1. The plot

with greatest slope is for solvent and the remaining plots are for the

polymer solutions, the most concentrated solution giving the plot
of least slope
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cathetometer was touched during these readings, each one could be made
with confidence to the nearest 0-001 cm. It is of course essential that the
osmometer, thermostat and cathetometer should not be subjected to move-
ment of any kind or vibration during the series of readings. A simple
source of error which might be overlooked is to rest the elbows on the
bench while reading the cathetometer. After at least six readings of the
level in the measuring tube the level in the reference tube, which undergoes
very little change, was again noted. The fall in level in the measuring tube
(or, less commonly, when the osmotic pressure is greater than the hydro-
static pressure, the rise in level) with time was plotted. In all cases the
plots obtained were linear with very little scatter, and the slopes, giving
the rates of diffusion in cm/h, could be determined unambiguously
(Figure 2). The total fall in any one such determination was 0-03 to
0-10cm and the mean hydrostatic pressure during the fall was obtained
by taking the mean of the two readings of the reference tube and sub-

tracting this value from the reading of the measuring tube half way through
the experiment.

Determination of molecular weights

The osmometer was first conditioned to the polymer being used by
filling it with a portion of the most concentrated solution and allowing it to
stand overnight. On the following morning the osmometer was emptied and
(after two rinses as described above) refilled with solution of the same
concentration. The hydrostatic pressure was adjusted to 6+0-2cm and
the rate of diffusion was determined (after allowing 50 minutes for equili-
bration) as described previously. This procedure was repeated for the
remaining solutions, in order of decreasing concentration, and finally for
solvent. It was important that the rate with solvent was determined
immediately after the polymer solutions and that the osmometer received
only the same amount of rinsing as when it was filled with solution. All
the solutions and the solvent should be examined on the same day.

These measurements yielded a series of linear- plots (Figure 2), the
greatest slope being obtained with the solvent and the smallest slope with

the most concentrated polymer solution. These slopes give the rates of
diffusion, R, in cm/h. Using the relations

R,=kH, and R=k(H-7)

where H, and H cm are the mean hydrostatic pressures during the experi-
ments, = was calculated for each solution. The value of R, (rate with
solvent in the osmometer) determined directly should be regarded as only
approximate. Experimental values tend to be too high. For this reason
the direct determination of R, may be omitted if desired. A true R, value
was obtained by plotting values of R, corrected to a constant value of H
(using an approximate value of R, to give a value of &k for this purpose)
against solution concentration and extrapolating the curve to zero concen-
tration (Figure 3). It is important to emphasize that these plots are curves
for the polymers examined. High experimental R, values and high R
values for very dilute solutions can sometimes give a misleading impression
that the plot is linear, resulting in an erroneous extrapolation,
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Molecular weights were obtained from the =/c against ¢ plots in the
usual way'®,

Results for the polymethyl methacrylate
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Table 1 with the corresponding values obtained with the Pinner-Stabin
osmometer, The =/c against ¢ plots obtained with the two osmometers
for the same polymers are shown in Figure 4.

The molecular weights of the polystyrene samples are compared in
Table 2 with the corresponding results obtained with a Fuoss-Mead
osmometer., The =/c against ¢ plots determined for these polymers using the
constant pressure dynamic osmometer are given in Figure 5.

Figure 5—=/c versus c¢ plots for
three polystyrene samples. = is
expressed in cm solvent and ¢
in g/100 g solution. Data ob-
tained with the constant pres-
sure dynamic osmometer
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Table 2. Results of molecular weight determinations for polystyrene samples

Molecular weight by
Polymer Fuoss-Mead constant pressure
osmometer dynamic osmometer
A 421 000 460 000
B 130 000 120 000
C 99 000 68 000

DISCUSSION

Adsorption and membrane permeability

It has been found in these investigations that with the same membrane
in the osmometer, the value of R, does not remain constant over a period
of weeks. This is attributed to polymer adsorption effects and is illustrated
most clearly when a new membrane is used. Changes in permeability of
the order of 10 to 20 per cent may then be observed after the osmometer
has first been filled with a polymer solution. Similar effects have
been reported by Vaughan'®. The behaviour normally observed in the
course of a series of molecular weight measurements is that the membrane
permeability tends to decrease slowly over a long period. Low molecular
weight polymers produce a more rapid decrease in membrane permeability
than those of higher molecular weight. If the osmometer is subsequently
rinsed repeatedly and left standing with solvent this effect can be reversed,
but desorption has been found to occur less readily than adsorption. It is
for these reasons that in these molecular weight determinations the
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osmometer was always conditioned to the polymer to be used by allowing
it to stand overnight in contact with the solution of the highest concen-
tration to achieve ‘adsorption equilibrium’. It appears to be necessary to
carry out this conditioning with a stock solution of concentration 1-3 to
1:5g/100g solution; with lower concentrations some experiments suggest
that the desired effect is not achieved overnight. The fact that this equili-
bration is a slow process is emphasized by observations of Alvang and
Samuelson®®. Since the =/c against ¢ plots have exactly the same slopes as
those obtained for the same polymers with a Pinner-Stabin osmometer, by
the static equilibrium method, this is taken as proof that there is no
significant change in membrane permeability in the course of each individual
molecular weight determination. Changes in permeability of the membrane
can occur, however, when solvent or very dilute polymer solution are
examined in the osmometer: some desorption appears to occur and rates
are then too high. It is for this reason that experimentally determined R,
values and R values for solutions with ¢ < 0-4 g/100g may be unreliable.
The recommended method of evaluating R, is by extrapolation of the R
versus ¢ plot as described above. The effect of an erroneous value of R,
(and hence k) is that the =/c versus c¢ plot obtained shows very bad
curvature or an anomalous slope.

Sensitivity and accuracy of the osmometer

The osmometer has in theory a considerably poorer sensitivity than
conventional instruments operated by the static equilibrium method,
because of limitations in the measurement of very small changes in liquid
levels. It is not advisable to use solutions with concentrations lower than
0-4 g/100g solution. Above this value, however, the results of Figure 4
show that the scatter of points is not significantly worse than for data
obtained by use of the Pinner-Stabin osmometer. The great speed with
which measurements can be carried out makes it feasible to duplicate
determinations if desired.

An inspection of Tables I and 2 shows that for molecular weights above
150 000 the constant pressure dynamic osmometer gives results in excellent
agreement with those obtained by the Pinner-Stabin and Fuoss-Mead
instruments. Below this value, however, there are differences in the results,
and the lower the molecular weight of the polymer, the bigger is the
discrepancy. It is significant that in this region of molecular weight the
constant pressure dynamic osmometer consistently gives lower results.
This is a very strong indication that this osmometer is less subject to
errors due to diffusion of low molecular weight polymer through the
membrane. This is an advantage at which the design of the osmometer
aimed. It is explained by the following considerations. If the total amount
of polymer diffused during the period of measurement is assumed to be
proportional to the available membrane area and to the time, then the
relative amounts diffused for the three types of osmometer would be
expected to be, as a rough approximation, as given in Table 3. Clearly
the constant pressure dynamic osmometer ought to be considerably less
affected by diffusion of solute: this is in keeping with the results obtained.

Proof of the absence of significant amounts of diffusion with this
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Table 3. Comparison of amounts of polymer diffused through membrane during
measurements with three types of osmometer

Membrane area  Time taken per Relative

Osmometer (cm?) measurement (h) amount

diffused
Fuoss—Mead 80 4 89
Pinner-Stabin 90 24 60
Constant pressure dynamic 18 2 1

osmometer is provided by the linearity of the rate plots obtained. Diffusion
of polymer would cause these plots to show upward curvature; this has
not been observed with the present group of polymer samples.

CONCLUSIONS

The osmometer described in this paper has some advantages over previous
types of osmometer. In particular, by virtue of its extremely small membrane
area and short measurement time, it is less subject to errors due to diffusion
of polymer through the membrane. It is of low cost, easily constructed,
robust, and extremely easy to manipulate. The amounts of solution and
solvent required are small. The entire cell volume is clearly visible at all
times. The osmometer yields results very quickly: eight to twelve hours are
required for a complete molecular weight determination. It appears to
be free from many of the difficulties associated with other types of
osmometer.

These advantages are achieved at the expense of some loss in sensitivity.
It is not feasible, therefore, to work at very low solution concentrations.
Since conventional osmometers do not attain anything near their theoretical
sensitivity in practice, this reduced sensitivity is less important than it
appears at first sight. The method of use of the osmometer is based on
the assumption that the membrane permeability remains constant through-
out investigation of a series of solutions of a given polymer on the same
day. Provided overnight conditioning, rinsing procedure, equilibration time,
etc., are strictly standardized, this assumption has been found valid for the
polymers studied, in the concentration range 0-4 to 1-5g/100g solution;
it may not be valid outside this range, and for other polymer—solvent
systems it would be desirable to establish that the assumption is sound. The
most serious disadvantage of the osmometer is the difficulty in measuring
true R, values directly: this makes it necessary to rely on an extrapolation,
curved in the present cases, with the inevitable uncertainty that this
involves. It is believed, however, that the disadvantages the osmometer
possesses are outweighed by its speed in use, its simplicity, and the freedom
from the many troubles associated with conventional osmometers, and that
it offers a promising alternative approach to osmotic pressure measurements.

Chemistry Department,
The University,
Glasgow, W.2, Scotland
(Received August 1962)
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The Dielectric Behaviour of Oxidized
High-pressure Polyethylene 1

C. A. F. TunNMaN

Dielectric measurements on oxidized high-pressure polyethylene and mixtures

of model substances in high-pressure polyethylene can be explained by assum-

ing that the low-frequency (=) dispersion is due to chain movement in the

crystallites and that the high-frequency (v) dispersion is related to movements
in the amorphous phase.

IN THE last few years a number of dielectric investigations have been
carried out on oxidized polyethylenes. Reddish and Barrie' examined a
linear polyethylene (Marlex—50), paying special attention to the low-
frequency losses (main maximum or «-peak). From the calculation of the
effective dipole moment they concluded, in agreement with Michailov?, that
the existence of the a-peak is related to the movement of the carbonyl
groups in the crystalline phase of the polymer.

High-pressure polyethylene has been examined extensively in particular
by Michailov and co-workers*®. The effect of mechanical and thermal
treatments on the frequency and temperature location of the loss peaks was
examined. The same authors calculated the concentration of carbonyl
groups in the low- and high-frequency loss peaks.

German investigators, including Becker and Wolf*, ascribed the exist-
ence of the a-peak to movements of chains in the amorphous phase between
the crystallites and/or crystallite blocks, and not to a molecular movement
in the crystallites.

In the light of this controversy attention in the present study is paid
chiefly to the collection of further information on the background of the
existence of the main maximum.

APPARATUS
The dielectric measurements were performed in the frequency range 10> to
3 x 10® ¢/s; except at higher frequencies, the temperature interval was from
~100° to +80°C. Between 10% and 2 x 10° ¢/s use was made of a Schering
bridge (Rohde-Schwarz, Miinchen, Germany).

The measurements in the range 10° to 10® ¢/s were carried out by means
of capacity variation in a tuned circuit® (Marconi Instruments Ltd, St
Albans, England). At frequencies exceeding 8 x 10" ¢/s we used a re-entrant
resonant cavity made in this laboratory?®.

EXPERIMENTAL RESULTS
Oxidized high-pressure polyethylene
The oxidation of the polyethylene was effected in two different ways:
(i) by ageing in an air-conditioning cabinet, and
(i) by milling for three hours at 160°C.
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Polyethylenes oxidized by these methods yield different tan 8/log f curves
(f denotes frequency) at room temperature (see Figure I).
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Figure 1—Dielectric loss/frequency curves of oxidized
high-pressure polyethylene: ® Artificially aged at 25°C
by means of ultra-violet light; O Artificially aged at
160°C by milling for three hours
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Figure 2—Dielectric loss/frequency curves of oxidized
high-pressure polyethylene at different temperatures
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The low, medium and high frequency peaks are referred to as the «-, §-
and y-transitions. In the curves for ‘mildly’ oxidized polyethylene the «-peak
can hardly be observed. The results set forth below were obtained with
material aged on a mill. The oxygen content proved to have no important
effect on the frequency pertaining to the maximum in the a-peak. Figure 2
shows the dielectric loss as function of the frequency at various temperatures.

Interest here centres on the area under the peaks and the frequencies
pertaining to the various maximum peak values at different temperatures.

To separate the peaks use was made of the empirical relation of Fuoss
and Kirkwood”

€. /¢’ =cosh a1n (0n/w) ¢))

where o =2=f and v,, denotes the value of o for which ¢” is a maximum:
e” =¢};. The parameter a is a measure of the width of the dispersion peak:
0=a=<1.

The procedure used was as follows. For ¢” values not too far from the
maximum of a given peak cosh~* (¢]./¢") was plotted versus the logarithm
of the frequency. a was calculated from the slope of the straight line thus
found. Furthermore, using (1), the values of £ in the neighbourhood of
the maximum of an adjoining peak were calculated. The experimental
values in the neighbourhood of this maximum were diminished by these
¢” values, after which the a value of the neighbouring peak was determined
graphically. Then the disturbing effect of this peak on the former one was
brought into account. Especially in those cases where the interfering effect
of other peaks is small, relation (1) is adequately satisfied.

Independently of the shape of the distribution function, the surface A
under a dispersion peak is given by the relation

+co
A ES 8”d ln w :%W (53 - Eac) (2)

The difference between the static dielectric constant ¢, and the dielectric
constant for infinitely high frequency ¢, is proportional to nu?/T where n
denotes the number of dipoles per cm® active in the relaxation process,
T being the absolute temperature and u the effective dipole moment of
the dipoles considered. In the diluted dipole system with which we are

5_
41
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S
~—
?E 2+
w
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I 1 ! |

1 ! 1
243 283
T,°K
Figure 3—(¢”,T/a) versus temperature curves for oxidized
high-pressure polyethylene
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concerned here, the short range dipole—dipole interaction can be neglected
and the effective moment equals the dipole moment of the polar group in
the solid phase. Substitution of (1) in (2) and integration gives

A=(n"]a) 3

Consequently, quantity (s;;/a) is a measure of surface under the &”
versus log o curve and is directly related to the number of dipoles per cm®.

In Figure 3 this quantity has been plotted versus the temperature for
the three peaks. The value of ¢,,T/a for the y-peak, and probably also for
the B-peak, increases with rising temperature. The o-peak however,
decreases as the temperature goes up and disappears altogether at the
melting point of this polyethylene.

The temperature and frequency locations of the various maxima are
indicated in Figure 4, both for normally compressed and heat-treated plates.

Such a heat-treatment, in which the material, while being cooled down
from the molten state is kept a few degrees below the melting point for a
period of 48 hours and subsequently slowly cooled down further, causes
a widening of the loss spectrum. The maximum of the «-peak at a given
temperature is now found at a lower frequency, while at a given frequency
the maximum is found at a higher temperature. For the ;3- and y-peaks
the opposite holds true. The slopes of the curves in Figure 4, which are a
measure of the activation energies of the relaxation processes, are indicated
in the figure. The relation between log f» and 1/T for the v maxima is not
quite linear.

High-pressure polyethylene mixed with model substances

As is well known, the tan 8 versus temperature (tand versus frequency)
curve obtained in mechanical loss measurements on high-pressure poly-
ethylene also shows three maxima. In studying comparable dielectrical
and mechanical loss peaks it is mostly assumed that identical chain elements
take part in the movements. Willbourn® ascribes the existence of the
mechanical 8-peak to movements of the chain parts containing the branch-
ing points. Measured dielectrically therefore this peak would be due mainly
to movements of dipoles on tertiary C atoms (OH groups). Such a structure
exists in bis-heptadecyl-n-butyl carbinol. The view that the mechanical
v-peak is related to movements of short linear chain parts of the polyolefin
chain in the amorphous part of the material is quite generally accepted.
So it is instructive to compare the results mentioned above with those
obtained on a mixture of high-pressure polyethylene with ketones and a
tertiary alcohol.

Furthermore, the content of polar groups calculated from the surface of
the dispersion peaks can be directly checked by means of calibration sub-
stances. The following admixtures were used: stearone (C,,H,(CO)C, . H,),
nonapentacontanone (C,,H,,COC,,H;,) and bis-heptadecyl-n-butyl carbinol

(l)H
(Cl 7H35—"C—Cl 7Ha 5)

CH,
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These substances were prepared synthetically by Mr Bos of this labora-
tory. The model substances, together with the polyethylene, were dissolved
in xylene at 120°C, after which the whole system was cooled down to
about 40°C at which temperature the solvent was removed by evaporation
in vacuo. This procedure gave identical results as compounding on the mill,

9

i I i 1
35 40 45 50 55 €0
103/1
Figure 4—Log f,... versus (1/T) curves of o, 8 and y dispersion
peaks for oxidized high-pressure polyethylene : normal;
—~ — — — after heat treatment
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Figure 5—Dielectric loss/ frequency 33
curves at 23°C of mixtures of
high-pressure  polyethylene and
model substances: I Stearone
(CHg:)CO; 11 High-pressure poly-
ethylene+3%  (CyHs)eCO; 1II
High-pressure  polyethylene + 39,
(CrHy:CO+3% CrHahC <G, 17
IV High-pressure polyethylene+
1:5% (C2Hs):CO

tan & x 104
N
(8,

| | 1
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Figure 5

Figure 5 shows the tand versus logf curve at room temperature for:
I. Stearone; II. Stearone mixed with high-pressure polyethylene; III.
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Stearone + tertiary alcohol mixed with high-pressure polyethylene; and
IV. Nonapentacontanone mixed with high-pressure polyethylene.

The mixtures show a picture differing from that of stearone alone.
It is noteworthy that the admixed tertiary alcohol cannot be traced in the
frequency range examined (no B-peak).

Figure 6 shows <,T /a as function of the absolute temperature T for the
two ketone mixtures. Here, too, the quantity is not constant and varies in
the same way as in oxidized polyethylene. Compared with the a-peaks the
y-peaks are small. For the short ketone a maximum in (.7 /a). is found.
Figure 7 shows the frequency location of the maximum losses as function
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Figure 6—(c”, T|/a) versus temperature curves of ¢ and y dis-

persion peaks for mixtures of high-pressure polyethylene and

normal Kketones: O  High-pressure  polyethylene+39%

(CrH:):CO; O High-pressure polyethylene +1:5% (CaoHis9):CO

o
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Figure 7—Log f,,, versus (1/T) curves of ¢ and y dispersion
peaks for mixtures of high-pressure polyethylene and normal
ketones: O . High-pressure polyethylene+39% (CyHs)CO;
O High-pressure polyethylene+ 1:5% (CaoHs9)2CO
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of 1/T. The activation energies of the a-peaks for the C,; and C;, mixtures
amount to 20 kcal/mol and 26 kcal/mol respectively.

DISCUSSION

The experimental results can be explained by assuming that the y-dispersion
has an amorphous character and that the contributions to the «-dispersion
are related to the movement of chains in the crystallites, more specifically
to an internal rotary movement around the longitudinal axis of the chain.
It is reasonable to assume that during cooling of the melt after previous
oxidation, a portion of the carbonyl groups will be taken up in the
crystalline phase.

Diffusion of oxygen will take place preferentially in the amorphous
phase. From Figure 1 it follows that the chains contributing to the
a-dispersion will be less liable to oxidation at room temperature than the
chains contributing to the 8- and y-peaks. In Figure 2 it can be seen that
during melting of the crystallites the a-peak decreases and disappears at
the melting point. The curve resembles the crystallinity /temperature curve.

X-ray investigations carried out by Dr Vonk® in this laboratory have
shown that cooling of high-pressure polyethylene at sub-normal rate reduces
the size of the crystalline unit cell (Aab=0-5 per cent) and slightly
increases the length of the crystallite in the direction of the chain axis.
This may account for the shifting of the peak towards lower frequencies
after the heat treatment.

The calculated result (see below) shows that the number of carbonyl
groups contributing to the « and v dispersions is nearly equal to the total
number of carbonyl groups found in the material by other analytical
methods. For systems of the type considered here, in which short-range
interaction between the dipoles is small, the various theoretical relations
for calculating the dipole concentration from e,—¢,, lead to practically
identical results. The calculation was carried out by means of Harris and
Alder’s formula'® (H.A)).

The values found with the Onsager-Frohlich’s relation

g, —E = 381’_ M_Z ? 41’1 2
T\ 2+ g 3 3xT M

are about seven per cent higher (u, denotes vacuum moment and » the
number of dipoles per cm®) [H. FROHLICH. Theory of Dielectrics. Clarendon
Press: Oxford, 1949].

With n dipoles per cm®, with dipole moment u, contributing to ¢, — ¢,
the H.A. formula reads

— — 35' /"’2 Eco+2
N 5”‘4“"(2ss+1) (3kT)( 3 ) “

For the three types of relaxation e, 8 and y equation (4) can be written
as follows

4r
&= 3pE (Zsii—l) [(np*)a+ (np?)p + ()] (E""———; 2) ®)
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Furthermore
Sa_slao=(2/7c)(Aa+Aﬁ+A.y) (6)
The quantities (nu*)., s and , in (5) are calculated by means of the following
relation
2A _ 4~x 3, ) \
(“_)a.ﬂ.y T 3kT (m) (_3_) (np*)a, 8, D

where the surface 4 of the relative loss peak is related, according to (3),
with ¢//a and the dipole moment u in the solid substance can be related
with the vacuum moment p, by means of the Onsager equation

€+ 2 €,
B= fho ( °°; ) (——225 :;) ®
The dielectric constant of the oxidized high-pressure polyethylene at
3x10%c/s was found to be 2:23; the value derived from the refractive
index was 2:334. X

This value was used for ¢,. Subsequently, the static dielectric constant
was calculated with the aid of (6). The difference ¢, —¢,, amounted to at
most five per cent of the value for ¢,

The dipole moments u, and x, were calculated by means of (8) from
the vacuum moment of methylethylketone, u; is calculated from the moment
of n-butylalcohol.

Comparing curves I and II in Figure 5, we may conclude that small
amounts of stearone are miscible in polyethylene. According to Figure 6
the value of ¢.T/a corresponding to the low frequency peaks of the two

Table 1. Oxygen content of samples investigated

Infra-red Dielectric Added
No. of
No. of No. of carbonyl hydroxyl No. of No. of
Specimen carbonyl groups groups carbonyl | hydroxyl
groups %107 per cm* x 107t groups 8roups
x107** per cm® x 10~ X107
per cm® per cm* per cm®
@ Y ety B
PO 43
High-pressure polyethylene
ageing time 3 h 3-99 1-38 1-51 2-89 2:64 — -
PO 90
High-pressure polyethylene
ageing time 3 h 219 091 050 1-41 1-52 —_ —_
PO 425 A
High-pressure polyethylene
+(Cy;Hy-),CO - 222 311 — —_ — 3-33 —_
PO 425 A
High-pressure polyethylene 1-98 2:76 {<0-40 —_— 0 336 300
+(Cy7Hy),CO
Cy
+HCHCS
PO 425 A
High-pressure polyethylene 0-83 079 <020 - - 0-88 —_
+(CyH ) CO
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ketone mixtures decreases with increasing temperature. This tendency is
analogous to that of the a-peak in oxidized polyethylene. Below room
temperature, however, the stearone mixture shows different behaviour. We
also noted slight high-frequency losses in the two mixtures; plotted as a
function of the temperature these losses varied in the same way as the
v-dispersion in oxidized polyethylene. Curves II and III in Figure 5 are
identical, the effect of the bisheptadecyl-n-butyl carbinol will probably
become noticeable at frequencies higher than those applied here. This
suggests that the hydroxyl groups on tertiary carbon atoms, which con-
tribute to the B-peak in oxidized polyethylene, are less mobile and are
enclosed, for example, between crystalline particles.

The mixing experiments may be used to check the procedure of calcu-
lating the dipole concentration. It appears that the content of carbonyl
groups in the ketone mixtures calculated by means of the dielectric theory
is in reasonable agreement with the amount admixed.

The values found by infra-red analysis are slightly low; the infra-red
values for oxidized polyethylene, however, are higher than the corres-
ponding dielectric values, as can be seen in Table 1.

Sillars'* and Pelmore'? carried out dielectric measurements on esters of
different length dissolved in paraffin. The frequencies pertaining to the
maxima found by these authors have been plotted versus the number of
carbon atoms in the chain (Figure 8).

Figure 8—Frequency of maximum loss
fmax, @S 2 function of chain length: n.
O SiLLars, R. W. Proc. Roy. Soc. A,
1938, 169, 66; Esters in paraffins:
O PeLmorg, D. R. Proc. Roy. Soc. A,
1939, 172, 502; Ketones in high-pressure
polyethylene: & Author

These values can be readily extrapolated towards our results found for
the ketones in polyethylene. Assuming internal rotation taking place in the
crystallite, the curve can be calculated theoretically. This will be done in
paper II of this series.

The author is indebted to Dr Th. A. Veerkamp who kindly supplied the
infra-red data and to Dr C. van Heerden with whom he had several helpful
discussions. Thanks are also due to Mr P. L. C. Jetten for carrying out
the measurements.
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A Study of X-ray Long Periods Produced
by Annealing Polyethylene Crystals

F. J. BALTA CaLLESA*, D. C. BASSETTtT and A. KELLER

Several new effects found by annealing polyethylene crystals in air are reported.
The onset of the increase of spacing is at lower temperatures for crystals of
lower fold length. In addition crystals with lamellae thicker than 120 A show a
decrease of the long spacing when annealed between 95°C and 125°C. This
does not affect the fold length but involves an increased molecular tilt within
the crystal lamellae. An explanation in terms of the rearrangement of fold
packing is given in agreement with other recent findings. The increase of fold
length occurring at higher temperatures is accompanied by a molecular re-
orientation (rotation of crystal axes around bs) in these specimens. For
lamellae thinner than 120 A the increase of fold length is the first noticeable
effect; it occurs with increasing rate the lower the initial fold length. Near the
melting point a molecular reorientation by rotation around as takes place. To
account for the behaviour of the different samples both thermodynamic and
kinetic arguments are put forward. The dominant part played by the latter
is demonstrated, and the possible role played by defects in the packing of
chain-folded molecular ribbons is emphasized.

IT is now established that the discrete low-angle X-ray diffraction maxima
exhibited by solution-crystallized high polymers derive from the packing of
chain-folded lamellae where the long spacings have been identified with
the thickness of the Jamellae and this in turn with the length of the fold.
The exact identity of the fold length and layer thickness will be scrutinized
further below; for the immediate purpose it should suffice that the low-
angle reflections provide a measure of fold length. In a given solvent-
polymer system these spacings are uniquely determined by the temperature
at which the crystals are grown, higher crystallization temperatures giving
higher spacings. However, when the crystals already formed are annealed
subsequently, these spacings may increase. Bassett and Keller* first found
the increase to be associated with a rearrangement of the molecular
orientation within the polyethylene crystals studied, corresponding to a
rotation of the unit cell around the b, crystallographic axis. In Statton and
Geil’s experiments?, the long spacings increased with unaltered orientation
of the molecules, the increase being associated with a corresponding lamellar
thickening. They concluded that the molecules must refold to a longer fold
length, a conclusion substantiated by the subsequent work of Hirai er al.®,
Statton*, Fischer®, and Fischer and Schmidt®. The phenomenon of refolding
is of great intrinsic interest for the understanding of molecular motion
within the solid state, and is relevant to all ahnealing phenomena in general.
Secondly, it is of interest for comparison with the predictions of the theories
of chain folding. Such theories are basically of two types, the kinetic and
the equilibrium. A kinetic theory’—® supposes that a chain-folded crystal
corresponds to the state which allows quickest nucleation and growth
sequence and thus need not be in a state of lowest free energy. In contrast,
an equilibrium theory® supposes that there is an optimum crystal dimension

*present address: Instituto de Fisica ‘Alonso de Sta Cruz’, C.S.I1.C., Serrano 119, Madrid 6, Spain.
1Present address: Bell Telephone Laboratories, Inc., Murray Hill, New Jersey, U.S.A.
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when the free energy is minimized. Several attempts have been made to
discriminate between these two types of theory by looking for reversibility
in the change of long period with suitable annealing, the argument being
that such a reversibility would be expected only if the long period were
an equilibrium property.

With the exception of the work by Ranby and Brumberger'?, the increase
of the long spacing on heating was found to be irreversible (refs. 3, 6, and
our own experiments reported here). The experimental conditions of Ranby
and Brumberger'’ are not straightforward. First, their annealing at lower
temperature, which they claim to result in a decrease of the long spacing,
was carried out in a liquid which is a better solvent than the one from
which the crystals grew. Hence dissolution and subsequent recrystallization
at the lower temperatures remains a possibility. Secondly, they used
substantial pressure in compressing their sediments, which is itself sufficient
to produce a decrease of the spacing, for reasons which may well be similar
to those to be discussed below. Thus on present evidence the decrease of
long spacing on cooling cannot be considered proved. However, a decrease
of long periods has recently been reported by Zachmann and Schmidt'?,
working with bulk polyethylene terephthalate, not on cooling but when
heated—an-effect which these authors cannot explain. The morphology of
the latter system is not exactly known.

A decrease of the long spacing cn heating has also been found by us in
solution-crystallized polyethylene single crystals and this effect is attributed
not to a decrease in the fold period, but to a decrease in thickness of crystal
lamellae caused by a change in molecular orientation in their interior.
Some experiments on the dependence of subsequent annealing behaviour
on initial fold period will also be described.

EXPERIMENTAL RESULTS

Materials and techniques

Low pressure polyethylene Marlex-50 was crystallized from dilute
(<< 0-1 per cent) xylene solutions at various temperatures. After precipitation
the crystals were filtered from suspension either at room temperature or
at the crystallization temperature’® to form oriented crystal mats in which
the lamellae of the individual crystals lie essentially in the plane of the
specimens. X-ray photographs taken with the beam parallel to the mat
show fibre orientation with low-angle maxima on the meridian'*.

At first the X-ray patterns were recorded by a Kratky type low-angle
camera and later with a focusing Franks camera's, The latter has the
double advantage of pinhole collimation and short exposure time. With
polyethylene specimens it took about 30 minutes exposure to obtain two
orders of reflections, the first-order reflection being detected after five
minutes. This was advantageous for examination at the annealing tempera-
ture of specimens which might alter during longer exposure times. Also
the short specimen-plate distance (4 to Scm) still coupled with high
resolution (better than 600 A) facilitated simultaneous recording of wide-
and low-angle reflections, both with undistorted azimuthal intensity
distribution.
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1 mm square specimens were annealed in air on a bar controlled within
+2°C; the quoted temperatures are the maximum ones. Some X-ray
photographs showing both low- and wide-angle patterns were taken of hot
specimens, but as this was found not to have any effect on spacing values,
most specimens were examined after cooling. This point was checked by
comparing identical specimens one of which was cooled between successive
anneals and the other was not. No difference in long period values was
found. A rapid heating rate was used; the cold specimen reached the
desired temperature within a few seconds.

Decrease of long spacing

Observations showing a decrease of long spacing were mostly made on
crystals grown at 90°C, having a long period of 145 to 165 A. As grown
these crystals are monolayer truncated lozenges of {(312) (110); (A0)) (100)}
type, i.e. which have fold surfaces of {312}, type in the {110} sectors,
forming either a hollow pyramid or a particular related habit (Bassett,
Frank and Keller'®). If this fold surface is preserved in the layers when
they lie flat after sedimentation, it would imply a fold length some 15 per
cent greater than the layer thickness, in the range of 160 to 180 A. This is
in agreement with the observed splitting of the 200 X-ray wide-angle arc
whose maxima are found at 25° to 30° from the equator™'?, implying that
the molecules are tilted through a substantial angle (in fact through 25°
to 30°) with respect to the plane of sedimentation. Thus for a given fold
length the long period will be a function of the molecular tilt as revealed
by the split of the 200 reflections. We find that the smallest long periods
are associated with the largest tilts (Table I) and, as we shall show,
give the smallest decrease of long period when annealed. Conversely, a
change in fold period can be safely inferred from a change in long spacing
only if the latter lies beyond any effect attributable to a molecular
reorientation within the azimuthal spread of the arcs in the diffraction
pattern. This spread is necessarily large, because of the inherent dis-
orientation within the sedimented specimen. For this reason the much
smaller splits of the 020 and 110 arcs (the latter consisting of two com-
ponents) expected from the above crystal habit cannot be clearly resolved,
though maximum values may be assigned®®,

In contrast to the usual monotonic increase of long period on annealing
polyethylene single crystal specimens®®®, these 90°C specimens show a
decrease of up to 15 A to a constant value which does not increase again
until beyond 122°C. After 30 minutes at 127°C, the spacing is approxi-
mately the same as the original one. The decrease of spacing correlates with
the sharpening of the low-angle maxima which subsequently broaden only
with the eventual increase of spacing. Simultaneously with the decrease of
spacing, the 200 reflection moves noticeably further from the equator to a
value of approximately 32°.

The spacing decrease is complete after 15 hours annealing at 97°C,
thereafter subsequent treatment, e.g. 15 hours at 117°C, or 30 minutes at
122°C has not changed it. The decrease itself is apparently continuous,
30 minutes annealing at 95°C giving an intermediate value of the spacing
decrease. These and other details are given in Table 1 and Figure 1.
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The decrease of spacing can be accounted for by the increased molecular
tilt. For suppose initially the fold surface in the (110) sector of a crystal is
(hkl), and finally (hkl’), both fold surfaces being horizontal, i.e. in the

400l (a) ’ (b)
i 650}~
340 600~
- 5501
ot
< 280|-
e 500
1. -
@
a
o | 15 hours 450~
S 2201~ heating
o |
| 400
Mixed 30minutes B
160 product heating 350
[ ]
| Mixed product Meiting  300[~
— ! fi,/ point
100 L1 1 1l 11 |
100 10 120 © 130 140 80 100 120 140
Treatment temperature, °C
155 ()
= VN
0 150|- v N
2 v R i
o v
a WY
o 145]- Vo
od \ \ o
o Sel N
- . 0 °
L | 1 I | !
M 80 100 110 120 130
temp. Temperature, °C

Figure 1—X-ray long period/annealing temperature curves for poly-
ethylene: (a) for sedimented single crystals of initial fold length
104 A, with annealing times of 30 minutes and 15 hours. (Reprinted
with permission from Statton and Geil; J. appl. Polym. Sci. 1960, 3,
357); (b) for unstretched melt-crystallized bulk, quenched to 0°C with
annealing times of 24 hours. (Reprinted with permission, from Fischer
and Schmidt, Angew. Chem. 1962, 74, 551); (c) for a sedimented
aggregate of crystals grown at 90°C. Full lines indicate where the
same specimen was annealed successively at different temperatures.
Annealing times: 30 minutes (open circles), 15 hours (full circles)
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Table 1. A comparison of the X-ray long period d and the rotation ¢ of the 200
reflection maximum from the equator for various specimens both at room temperature
and after 30 minutes annealing at 117°C

Crystalliza-
Specimen tion temp. dorig. A 6%rig. dir A 6%y
°c
6 90 152 27 144 32
9 90 160 27 153 32
13 90 148 32 147 31
39 90 162 26 147 31
41 85 128 23 123 28

specimen plane. Then the tipping of the 200 reflections away from the
equator, ¢, is given by

sin¢=sin 4 - cos x (1)

for the (hkl), surface, where 9 is the angle (4kl), A (001),, i.e. the molecular
inclination in the layer and x is the angle (Ak0), A (100),. In particular,
let us set A:k=3:1 and let the (200) tilt change from 27° to 32° (as
observed), then the molecular inclination in the layer changes from 30° to
36°. This involves a six per cent decrease in layer thickness (i.e. long
period) which is in good agreement with experiment.

Annealing beyond 127°C causes both the low-angle spacing to increase
very rapidly and the reflection to broaden so that it cannot readily be
resolved, though maxima of about 400 A have been detected. This is also
the region of the pronounced molecular reorientation effects reported
previously' and to be referred to again later. Complete randomization
resulting from visible melting and recrystallization occurs by 130°C; up to
this point the low-angle scattering remains meridional. This early ‘melting’
of the crystals several degrees below the ccnventional melting point may
be attributed to the presence of the chain folds. The finding of Fischer and
Schmidt® that at 130°C, and for a similar heating.rate to ours, the bire-
fringence drops within a few minutes to a low value which it keeps for at
least 30 minutes, is support for these observations. The spacing decrease
on heating is not restricted to crystals grown at 90°C. We examined one
specimen formed at 85°C of long period 128 A. This also shows simila-
behaviour, the spacing decreasing to 123 A and then remaining constant to
beyond 122°C; there may be also a slight increase in 200 splitting. In
summary: the annealing of polyethylene crystals grown at higher tempera-
tures proceeds in a different way both from thinner crystals and from the
unoriented quenched bulk®®. The comparative annealing temperature/time
curves are shown in Figure 1.

Dependence of annealing behaviour on fold period

Statton and Geil® found that in their crystals which were of 104 A step
height the long period began to increase suddenly at 110°C. According to
our results, crystals of 145 to 165 A initial fold period behave differently
from those of Statton and Geil implying that the annealing behaviour is a
function of the initial fold length. We examined two further specimens
with different initial long periods, namely 114 A and 98 A, first to compare
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the temperatures where the increase of spacing starts, and secondly to
compare the course of the increase of spacing in the two specimens sub-
jected to identical treatments.

Again we found that the temperature of 110°C is not unique. The 98 A
specimen had increased its spacing to 105 A after 30 minutes at 102°C
whereas the 114 A specimen showed no change after 30 minutes at 112°C
but had increased to 128 A after 30 minutes at 117°C.

For the comparative annealing experiment both specimens were placed
side by side on the hot bar and annealed for 30 minutes at 117°C, 122°C
and 127°C respectively. As Figure 2 shows, the 98 A specimen exhibited a
much greater increase in long spacing and the two spacing/temperature
curves cross.
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Molecular reorientation coupled with increase of fold length

Molecular reorientation® which is associated with a pronounced increase
of the long period up to 300 A or more can occur in the course of annealing,
the corresponding reflection often becoming unresolvable owing to the
continuous central scatter. These effects occur in the upper range of
annealing temperatures between 125°C and the melting point. The exact
temperature values depend on the specimen and on the heating rate. They
fall in two classes

(a) In crystals with initial long spacings above 120 A, i.e. those which
form above 80°C the unit cell rotates through a discrete angle around b,
which stays in the plane of the mat. This is revealed by pronounced split-
ting of the 200 reflections with the 020 arcs staying at and even further
contracting to the equator. This 200 splitting is much larger than that
which is observed at lower temperatures associated with the decrease of
long spacing and can even result in the 200 arc becoming meridional.
Earlier this trend has also been followed on individual single crystal layers
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by means of electron diffraction' when the associated morphological effects
were also described.

(b) In crystals with initial fold length less than 120 A the unit cell
rotates around the g, axis, this axis remaining in the plane of the crystal
mat. So far this change was observed to be discontinuous. Within a tem-
perature interval of 1° the 020 reflection moves apparently discontinuously
from the equator to the meridian.

DISCUSSION

Annealing was found to produce two effects; an increase of fold length
and a change of orientation of the straight segments of the folded molecules
with respect to the plane of the lamellae. Depending on specimen and
condition of heating these effects can occur separately and successively or
simultaneously. They both affect the long spacings recorded, which
accordingly can be taken as a measure of the fold length only if the effect
of molecular reorientation is accounted for.

One kind of molecular reorientation consists of an increase in the mole-
cular tilt which occurs a little above the temperature of crystallization
(95° to 120°C) in crystals having initial fold length greater than 120 A.
It takes place without change in the fold length and results in a decrease
of the long period. This effect can best be discussed in connection with
single crystal growth with which we believe it is closely associated.

Studies on the morphology of single crystals have revealed that the
folds arrange themselves in a staggered configuration where the fold
surfaces and thus the lamellar planes are inclined to the straight segment
direction. The regularity of the staggering results in well-defined pyramidal
and related habits'’. On the other hand recent formulation of the kinetic
theory of polymer crystal growth visualizes crystals forming with a
fluctuating fold length, i.e. with an irregular fold surface®. Such a surface
could, however, rearrange subsequently to a more regular geometry leading
to uniform fold length with the folds staggering regularly as required for
the most efficient packing. Indeed, strong indications of the existence of
such rearrangements have been found experimentally'®. While the rearrange-
ment must occur at the crystallization temperature to account for the regular
geometries observed, annealing at higher temperatures might be expected
to result in still greater degree of perfection. There is recent calorimetric
evidence that such changes do occur once the annealing temperature exceeds
the crystallization temperature even before an increase of the fold length
becomes noticeable (Karasz; private communication).

With the crystals grown at 80° to 90°C we observe three effects: decrease
of long spacing, increase of molecular tilt and sharpening of the low angle
refiection. The last is evidence in itself for increasing order. The first two
effects are clearly linked, the increase of tilt resulting in lower spacing. An
explanation for the latter would be that greater staggering is produced by
annealing to a more ordered state of packing involving a larger inclination
of the molecules to the lamellar surfaces. The possibility that larger
staggering may be favoured by the higher temperatures is indicated by the
observation that crystals grown at 90°C have a more oblique structure,
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{312}, fold surfaces, than the ones grown at lower temperatures (76°C)
which have {314}, fold surfaces'®. Also with n-paraffins, the staggering can
be increased with annealing'® against all previous expectations according
to which form of higher symmetry would be favoured at higher tempera-
tures. Bassett, Frank and Keller'® also find indications of {311}, fold
surfaces possibly forming from {312}, when 90°C grown truncated lozenges
are annealed in xylene suspension. However, in the present case the increase
in obliquity is small and if we start from {312}, fold surfaces this increase
could only lead to fractional / indices provided there is no major change
in the k and k indices. This would be an irregular surface if the sub-cell
is preserved after the transition and it is not clear why this should corres-
pond to a more stable final state towards which the system would tend,
nor why this should be a more ordered packing.

A more likely alternative is the elimination of defects in the overall
envelope of the layer. Thus we suppose that after growth plus rearrange-
ment, the final fold surface consists of domains of one staggered structure
diluted with non-staggered regions to give a smaller overall stagger. It is
unlikely that the unstaggered regions have their optimum fold packing, and
annealing may allow them to move towards this. One would expect any
change of staggering to occur in a similar direction to that already existing,
when the inclination of the molecules within the layer envelope would
increase, the fold packing would be more regular and the long period would
decrease, provided the regions of uniform stagger are of dimensions of the
order of the layer thickness.

Summing up, we consider the phenomena under discussion as a result
of changes in fold packing due either to a change to a structure of incréasing
stagger or, more probably, to the elimination of defects in the overall
envelope of a folded layer.

The second type of molecular reorientation near the melting point,
where the fold length also increases considerably, is of greater magnitude
and is not obviously associated with fold staggering or with crystal growth.
It resembles the reorientation effects associated with the relaxation of
drawn fibres, The rotation around the b, axis to the final state with
the 200 reflection meridional is reminiscent of both relaxation effects and
spherulite growth as has been pointed out previously'. The rotation around
the a, axis observed with crystals of lower fold length has no counterpart
in the bulk polymer according to our present knowledge.

The first type of molecular reorientation with unaltered fold length is
not observed in crystals formed below about 80°C (long spacing << 120 A),
Here the first noticeable change is the increase of the long period
unequivocally identified with the increase in the fold length®. This is
preceded by an intermediate state of partial melting®*, after which the
system recrystallizes with an increased fold length. (We have confirmed this
intermediate partial melting when annealing 150 A layers just below their
melting point after having annealed previously at 120°C. The sharp wide-
angle pattern disappears and does not reappear until after about 30 minutes).
If the specimen is kept at the annealing temperature the fold length
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increases with time apparently indefinitely. Fischer and Schmidt® express
this time dependence by the relation

P=K log(tft,)+ P, (2)

involving P, the long period at time ¢,, P the long period at time ¢ and a
constant K which is an increasing function of temperature. As it stands
this relationship would, at a given temperature, imply that all specimens
with the same long period would show identical rates of increase of long
period. The cross-over of the curves in our Figure 2, however, implies that
K is also a decreasing function of long period though we have not checked
that the time/long period relationship of the type in equation (2) actually
holds for the specimens in question.

Figures 1 and 2 show that the increase of fold length for single-crystal
specimens occurs at successively higher temperatures the greater the initial
value. Insofar as the observed ‘partial melting’ is related to true thermo-
dynamic melting, this is in qualitative agreement with expectation and it
is of interest to use our data for comparison with theory.

For a quantitative assessment we invoke the melting point fold length

relation
T:"=Tm(1— 2"“) 3

Ah

which Hoffman and Weeks'® derived by considering the basal surfaces only
and by replacing Af (free energy difference between the bulk phases) with
Af+T,/T,. Here Ty, is the melting point for infinite fold length, 77, that
of fold length I, Ah is the heat of fusion per unit volume and o, the free
energy per unit area of the basal surface. The latest estimate®® for T.. is
141°C, Ah is 2-8 x 10° erg/cm?®, o, is somewhat controversial ranging from
30 to 140 erg/cm?® as quoted by various crystallization theories where it
appears as a parameter. An a priori geometric argument (Frank, unpub-
lished) gives 100erg/cm® as a lower limit (see review by Keller?'). In
Table 2 we compare the predicted melting point (7)., with the observed

Table 2. Comparison of melting points ((T,, ), ) calculated for three different
fold lengths, for different values of o, with the observed lowest transformation
temperature ((T, m’)obs.)

Fold (T oare, °C
Sample length (T 1 Dovs,
No: A °C o, erg/cm?
30 50 80 110 140
1 170 122-127 134 132 127 122 117
2 114 112-117 133 128 120 112 105
3 98 <102 132 126 117 108 99

transformation temperature (77),, for our three samples for different
values of o.. While reasonable agreement is obtained it is not possible to
fit all values for o, constant. For samples 1 and 2 o, at about 100 erg/cm?*
gives the best fit while for sample 3 it is about 140 erg/cm®. o, may vary
slightly with temperature but particularly so with the nature of the fold
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surface. After flattening, fold surfaces as distinct as (001), and (312), occur
between which some variation of o, seems reasonable. Larger o, values
are expected from less regular fold packings which in fact are found in
samples with lower fold lengths, this being in the right direction for a
successful fit for sample 3. However, an increase in o, by as much as
40 per cent (due to packing considerations alone) may be questionable,
which might indicate that sample 3 transforms at somewhat lower tempera-
tures than required by this approach.

This last point is brought out much more strongly by the behaviour of
the quenched bulk [Figure 1(b)] with a lowest transformation limit at 90°C,
This would require o, to be about 800 erg/cm?. It would be smaller than
this if the crystallite length (fold length?) were only a portion of the long
period®. Even so the o, values obtainable by this approach are unreason-
ably large. Discrepancies like these point to the role played by other,
essentially kinetic, factors in influencing the increase of fold length which
on the other hand would be sensitively affected by defects. A likely example
for this will now be quoted.
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Figure 3—Schematic representation of the advantage an interstitial

folded ribbon confers on a crystal in increasing its fold period. In

(b) the interstitial ribbon may increase its fold length and contract

laterally without creating vacancies in the crystal. This is not possible
for the more regular ribbon-packing shown in (a)

During the refolding process, a molecule must, as it were, pull in its end
and in so doing leave a row of lattice vacancies. This, as pointed out to us by
F. C. Frank, requires considerable energy and would probably be helped
if the folded ribbon in question were interstitial so that the vacant segment
portion could be filled by contraction of the adjacent ribbons (Figure 3).
In ¢, projection, this process would appear as the climb of an edge of
dislocation. Such a mechanism would clearly be a function of crystal
perfection and thus of crystal growth. Hence, crystals of longer fold length,
being grown more slowly, could well contain fewer interstitial ribbons and
other suitable defects. This would delay the sliding-chain diffusion processes
required for increase of fold lengths to progressively higher temperatures
than thermodynamic considerations would suggest.

Figure 2 shows an effect which seems clearly attributable to such factors.
After identical anneals, a 98 A sample eventually changes to a higher fold
length than a 114 A sample. This would not be so if the transformation
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were purely a melting phenomenon. However, the 98 A sample is expected
to contain more defects than the 114 A and therefore has an ingrown facility
for more rapid changes of fold length.

The quenched bulk, regarded as a highly defective chain-folded system,
would also be able to increase fold length easily and it may well be that
the higher transition temperatures shown by the single-crystal specimens
represent the varying extents of delayed transformation produced by
increasing crystal perfection.
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Correction

Solution and Diffusion in Silicone Rubber
I—A Comparison with Natural Rubber

BARRER, BARRIE and RAMAN, Polymer, Lond. 1962, 3, 595

REPLACE Table 7 by the following Table, containing corrected values of D,:

Rubber A Rubber B Rubber C

Substance Ep  Dox10°, Ep Dox10°| Ep  Dox103
n-C:Hp 4200 601 | 3800 357 | 4300 906
iso-CsHip 4000 395 | 4500 798 | 4400 873
n-C:Hn 4300 574 | 390 .312 | 3700 310
neo-CsHuz 4200 305 | 4000 224 | 4500 716

Figure 2 is then replaced as below :

[' -
2t /o
g 7
2 « Figure 2—Log Dy versus
= Y A Ep/T. ®—npatural rubber;
ok x —silicone rubber
-2t *
£
1 | ’
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EyT

It is now seen that the points for silicone rubber in the plot of log D,
versus Ep/T lie on the same curve as those for the natural rubbers of
ref. 5. A linear plot is expected according to the zone theory.
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Notes

Viscosity and Swelling Behaviour of Lightly Crosslinked
Microgels

MICROGELS' are unique materials and present an ideal opportunity for the
study of the solution properties of polymers. Incorporating an adequate
amount of crosslinking agent in a latex produces a molecule which retains
its spherical structure on isolation and dissolution in a suitable solvent.
Thus, the question of a suitable model for the solute is obviated. Since
viscosity is an absolute method for size determination of spheres, a
correlation of solvent-polymer interactions with swelling behaviour can
readily be made utilizing viscosity measurements of these microgel particles
in various solvents.

EXPERIMENTAL

The various microgels used in this study were prepared by emulsion
copolymerization of styrene and divinylbenzene (DVB). A typical recipe is:

20:0 cm® 20 per cent Dupanol ME solution
9:6 cm® 5 per cent K,S,0, solution
9-6 cm® 5 per cent NaHCO, solution
79-9g Styrene
0-6 g 786 per cent active DVB
205-0 cm® water

The monomers used were Dow Chemical Co. materials. The resultant latex
was freeze-coagulated, filtered and washed free of emulsifier with water and
methanol. Drying at a temperature less than 50°C in a vacuum oven
produced a white flufly powder which could readily be dispersed in a
suitable solvent. Latexes containing various DVB contents and of various
particle diameters were prepared in a similar fashion. Electron micrographs
of all dried latexes were obtained to determine original diameters.

Viscosity measurements were made at 25° +0-1°C using modified 5 cm?
Ostwald viscometers. Flow times ranged from 100 to 1000 seconds,
generally being about 200 seconds.

THEORY

The introduction of a colloidal material into a solvent causes an increase
in the viscosity. The extent of the increase varies widely with the nature
of the particles. Einstein® calculated the change in the viscosity of a system
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containing hard spheres. His result, valid only for very dilute systems, is
usually written

LimTs 4,
¢2__)0¢—p =25

2

where ¢, is the volume fraction of solute,

If the hydrodynamic behaviour of microgel particles in dilute solution
follows Einstein’s theory, it should be possible to correlate the viscosity
data for all of the solvent-microgel systems by a single curve which is
independent of initial particle size, dispersing media and DVB content of
microgel. The only dependency should be on the fraction of the volume
occupied by the solute. Such a correlation should also be independent of
the value of the constant of the Einstein equation.

RESULTS

Since one of the problems is to determine the swollen particle diameters,
it is not possible a priori to calculate the volume fraction occupied by the
microgel. In order to surmount this difficulty, it was assumed that solutions
having the same specific viscosity contained the same volume fraction of

x

51
[.A.
|
3- Figure I—Viscosity behaviour of micro-
a gels. O 46B in methylethylketone; A 46B
&1 in perchlorethylene; X 50A in chloro-
) form; O 50C in chloroform

: : L
0 1 2 3 4 5 6 7

microgel. A specific viscosity of 1-0 was chosen as the reference point.
The concentration of microgel which gave a specific viscosity of 1-0 was
found by examination of the 7,, versus C plots and was given the designation
C, (Figure I). The microgel particles have a different C, in each of the
solvents used. Dividing the weight concentration by the pertinent C,
reduces all of the data to the same arbitrary volume concentration scale.

A plot of 4.,/(C/C,) versus C/C, is shown in Figure 2. At low concen-
trations the data fit a single curve as predicted by the Einstein equation.
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NOTES

At higher concentrations the viscosity characteristics of the solutions are
non-Newtonian. Since no effort was made to correct the measured viscosities
to zero shear rates, it is not surprising that the data exhibit some scatter
at higher concentrations of microgel. This good correlation of the viscosities

14}-

|

12

Figure 2—Master plot of micro- \010

gel viscosity behaviour. A 50A & 8

in ethylbenzene; A 50B in g.

chloroform; X 50A in chloro- S 6l

form; O 50C in perchlorethyl- &

ene; ® 46B in MEK; 00 50C in
chloroform

1 | {
07 04 08 12 16 20 24 28 32
C/Cq

of such disperse systems seems to show that the dilute microgel solutions
can be described by the Einstein law. This being so allows the calculation
of volume swelling, or swelling factor, of the microgel spheres from the
intrinsic viscosities by assuming an Einstein constant of 2-5 and a dry
density of 1-0 for the microgel. The intrinsic viscosities and calculated
swelling factors are listed in Table 1.

Table 1. Composition and solution properties of microgels

DVB Initial Swelling factors
Sample content diameter Solvent [n] Viscosity Light
per cent dlg™ scattering
50A 01 738 Toluene 069 276 13-2
Chioroform 059 236 -—
Ethylbenzene 037 14-8 —
50B 03 740 Chloroform 0-50 20-0 -
Toluene 032 12-8 -—
Ethylbenzene 031 124 —
17D 03 1306 Toluene — —_ 13:5
17E 03 1294 ‘Toluene —_ — 14-5
17G 03 743 Toluene — — 13-9
Toluene — — 12-7
Toluene — — 12-7
Butanone — — 9-91
Butanone — — 917
50C 05 743 Chloroform 030 12:0 13-4
Perchlorethylene — — 9-32
Toluene 021 84 7-95
Toluene — —_ 8-40
Ethylbenzene 0-18 72 842
Butanone — — 7-56
46B 05 746 Chloroform 032 12-8 188
Toluene 0-28 11-2 14-1
para-Xylenc 0-28 11-2 —
Perchloroethylene 024 96 -—_
Ethylbenzene 024 96 —
Butanone 016 64 —
50D 1-0 740 Toluene 0-20 80 —
Chloroform 0-18 72 —
Ethylbenzene 015 60 -—
50E 30 740 Toluene 020 80 —_—
Chloroform 018 72 —
Ethylbenzene 0 (8 32 -—
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DISCUSSION

Examination of Table I shows that the swelling factor increases with
decreasing crosslinking, just as one would expect. The agreement between
the diameters calculated from viscosity measurements and those obtained
by light scattering is good at higher DVB contents. At low DVB content
(0-1 per cent) the two methods do not agree. Light scattering data obtained
on these particles do not show an increase in swelling at low DVB content.
Shashoua and Beaman® reported that styrene-DVB microgels at 0-25 per
cent DVB and less exhibited two components when they were ultra-
centrifuged. The suggestion is that these lightly crosslinked polymers are
a mixture of highly branched and essentially linear molecules. It is felt
that the present results are in line with those of the earlier investigators
and that the probable branched nature of the low DVB materials renders
them susceptible to analysis using a sphere model in viscosity studies
beyond the point where light scattering supports this viewpoint.

13-
120
o]
7]
2
o Figure 3—Relationship between swelling
§10_ factor and solvent. P denotes perchlor-
“;' ethylene; C, chloroform; T, toluene; X,
N p-xylene; EB, ethylbenzene; O 50C;
>9 0 46B
n
o
28
>

7k oEB

) aMEK
] H I | I | | J
74 78 82 86 90

Cohesive energy density

Finally, a plot of the swelling factor against the solvent cohesive energy
density is presented in Figure 3. This plot has the same qualitative features
as a plot of intrinsic viscosity versus cohesive energy density for linear
polymers. Thus, the swelling of microgel and the extension of linear
polymers have their origin in similar thermodynamic solvent-solute
interactions.

The author wishes to express his appreciation to Dr W. A. Pavelich for
the light scattering data and his many helpful discussions of the problem.
Also, to the Dow Chemical Co. for sponsoring and releasing this work

for publication, C. L. SIEGLAFF
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P.O. Box 348, Painesville, Ohio (Received January 1963)

REFERENCES

1 SHASHOUA, V. E. and BEAMAN, R. G. J. Polym. Sci. 1958, 33, 101-117
2 EINSTEIN, A. Ann. Phys., Lpz. 1906, 19, 289; 1911, 34, 591

284



NOTES

The Effect of Zinc Oxide on the Cobalt-60 Gamma Initiated
Polymerization of Vinyl Monomers at Low Temperatures

A NUMBER of papers have been published in which the effect of various
solid additives on the radiation initiated polymerization of isobutene at
solid carbon dioxide temperatures has been discussed', and it has been
shown that many inorganic materials can cause striking increases in the
G value observed for monomer consumption. It has been generally accepted
that the additives are able to capture electrons produced by ionization of
the isobutene and the lifetime of the positive ions in the liquid phase is
thus increased, so that cationically propagated chains are able to grow to
a greater extent than would otherwise be possible. It would appear on the
basis of such a mechanism that the effect should not be confined to
isobutene, and similar rate increases would be expected in any monomer
capable of undergoing a cationic propagation process. We have accordingly
studied the effect of zinc oxide on the polymerization of styrene, 2-methyl
styrene and cyclohexene, which are known to polymerize by a cationic
mechanism: methyl methacrylate and isoprene were also investigated
although it is not certain that a cationic polymerization can occur with
these two monomers. All the experiments were carried out at as low a
temperature as possible without freezing the monomers and conversions
were followed either by dilatometry or by a simple gravimetric technique.

Purification of the monomers was rigorous, and each purified monomer
was outgassed and dried in vacuo over a suitable drying agent (see Table I).

Table 1
1
Temperature P Method Rate of
Monomer Drying W1 fraction of I?: tdelr‘: ;{Z‘," of rate polymeri-
agent zinc oxide irradiation (rad | k) measure- zation
O ment (%I
Isoprene Sodium 0 —785 6-9x10* Gravimetric | 0-005
025 —78:5 6-9%X104 Gravimetric 0-013
r 0 —405 3-1x10° Gravimetric 0-388
Methyl Barium | 0 ~40'5 3-1x10° Dilatometer 0-444
methacrylate oxide . 0-30 —40-5 3 1x10° Gravimetric 0-317
0-45 —40'5 3-1x10° Dilatometer 0432
Cyclo- Barium 0 -78'5 2:0X10* Dilatometer Nil
hexene oxide 0-50 —785 2:0x10* Dilatometer Nit
Styrene Calcium 0 —250 3-1X10° Dilatometer <0-005
hydride 0-50 —250 3-1X10° Dilatometer <0-005
a-Methyl Silica 0 -18-0 3-1x10° Dilatometer <0-005
styrene gel 0-50 —-180 3-1X10° Dilatometer <0005

It was then distilled on the vacuum line into a vessel containing zinc oxide
made and outgassed as described in ref. 4. The results obtained are
summarized in Table 1. The radiation intensities used were chosen so that
if zinc oxide gave rate increases comparable with those produced in
isobutene conversions of about 60 per cent per hour would be obtained.
In fact, the additive produced very little change in polymerization rate of
any of the monomers studied, and although the rates are generally too
low for accurate measurement, it is clear that nothing like the increase in
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rate by a factor of 10° to 10* which we have obtained with isobutene is
involved.

It has also been shown in this laboratory® that zinc oxide has little
effect on the rate of polymerization of butyl vinyl ether at —78°C, and
it would therefore appear that the very large effect of additives on the
polymerization rate of isobutene is not a general phenomenon but is con-
fined to this monomer. The reason for this specificity is not as yet clear,
but it would seem that the mechanism of the additive effect in isobutene
must be rather more complex than has been previously envisaged.

F. L. DALTON
K. HAvyakawa

Wantage Research Laboratory (A.E.R.E.),
Radiation Branch,
Isotope Research Division,

Wantage, Berks.
(Received February 1963)

REFERENCES
1 WORRALL, R. and CHARLESBY, A. Internat. J. appl. Radiation and Isotopes,
1958, 6, 8
2DavisoN, W. H. T., PINNEr, S. H. and WoRRALL, R. Proc. Roy. Soc. A, 1959,
252, 187

3 WORRALL, R. and PINNER, S. H. J. Polym. Sci. 1959, 34, 229
4 DALTON, F. L., GLaAwWITSCH, G. and ROBERTS, R. Polymer, Lond. 1961, 2, 419

5 BALLANTINE, D. S. Unpublished results

286



Contributions to Polymer

Papers accepted for future issues of
POLYMER include the following:

The Crystallization of Polyethylene after Partial Melting—W. BANKS,
M. GORDON and A. SHARPLES
The Diffusion and Clustering of Water Vapour in Polymers—J. A. BARRIE

and B. PLATT
Dipole Relaxation in the Crystalline Phase of Polymers II—C. A. F.

TunNMAN

Crystallization of Gutta Percha and Synthetic trans-1,4-Polyisoprenes—
W. CooPER and G. VAUGHAN

Solid State Polymerization of B-Propiolactone—G. DAVID, J. VAN DER
PARREN, F. PROVOOST and A. LiGOTTI

Viscosity | Molecular Weight Relation in Bulk Polymers I—H. P.
SCHREIBER, E. B. BAGLEY and D. C. WEST

Viscosity | Molecular Weight Relation in Bulk Polymers II—Onset of non-
Newtonian Flow—H. P. SCHREIBER

An Infra-red Study of the Deuteration of Cellulose and Cellulose
Derivatives—R. JEFFRIES

The Glass Transition Temperature of Polymeric Sulphur—A. V. TOBOLSKY,
W. MacKNIGHT, R. B. BEEVERS and V. D. GupTa

Gamma-irradiation Polymerization of Isobutene and B-Propiolactone at
Low Temperature—C. DAvVID, F. PROvo0osST and G. VERDUYN

Aminolysis of Polyethylene Terephthalate—H. ZAuN and H. PFEIFER

Molecular Motion in Polyethylene IV—D. W. McCALL and D. C. DougLAss

A New Transition in Polystyrene, I, II, III—G. MORAGLIO, F. DaNUSSO,
V. BiancHo, C. Rossi, A. M. Liquorr and F. QUADRIFOGLIO

Free Radical Reactions in Irradiated Polyethylene—M. G. ORMEROD

The Radiation Chemistry of Some Polysiloxanes: An Electron Spin
Resonance Study—M. G. ORMEROD and A. CHARLESBY

The Mechanical Degradation of Polymers—C. BOOTH

Dynamic Birefringence of Polymethylacrylate—B. E. READ

Solution and Bulk Properties of Branched Vinyl Acetates, 1, 1I, 11—
L. M. Hosss, V. C. LoNg, G. C. BErrY and R. G. Craic

Polycarbonates from the 2,2,44-Tetramethylcyclobutane-1,3-diols [—
Preparation and Structure—Miss M. GawLAK and J. B. ROSE

Polycarbonates from the 2,244-Tetramethylcyclobutane-1,3-diols 11—
Crystal Structure and Melting Behaviour—A. TURNER JONES and R. P.

PALMER
287



CONTRIBUTIONS TO POLYMER

The Temperature Dependence of Extensional Creep in Polyethylene
Terephthalate—I. M. WARD

The Radiation Chemistry of Polymethacrylic Acid, Polyacrylic Acid and
Their Esters; An Electron Spin Resonance Study—M. G. ORMEROD
and A. CHARLESBY

Crystallinity and Disorder Parameters in Nylon 6 and Nylon 7—W. RULAND

Mechanism of the Ductile-Brittle Transition in Linear Polyethylene—
S. STRELLA and S. NEWMAN

A Thermodynamic Description of the Defect Solid State of Linear High
Polymers—B. WUNDERLICH

Graft Copolymerization Initiated by Poly-p-lithiostyrene—M. B. HUGLIN

Structure and Properties of Crazes in Polycarbonate and Other Glassy
Polymers—R. P. KAMBOUR

The Crystallization of Polymethylene Copolymers: Morphology—J. B.
JacksoN and P. J. FLoRY ‘

Description and Calibration of an Elasto-osmometer—H. J. M. A. MIERAS
and W. PrINS

Resonance-induced Polymerizations—R. J. ORR

CoNTRIBUTIONS should be addressed to the Editors, Polymer, 4-5 Bell Yard,
London, W.C.2. -

Authors are solely responsible for the factual accuracy of their papers.
All papers will be read by one or more referees, whose names will not
normally be disclosed to authors. On acceptance for publication papers
are subject to editorial amendment.

If any tables or illustrations have been published elsewhere, the editors
must be informed so that they can obtain the necessary permission from
the original publishers.

All communications should be expressed in clear and direct English,
using the minimum number of words consistent with clarity. Papers in
other languages can only be accepted in very exceptional circumstances.

A leaflet of instructions to contributors is available on application to the
editorial office.

288



The Crystallization of Polyethylene
after Partial Melting

W. BaNkS, M. GOrRDON* and A. SHARPLES

The crystallization of polyethylene has been shown to be independent of the
previous temperature of melting, even when the melting point is exceeded by
as little as 0-3°C. The persistence of nuclei which are progressively removed
as the temperature is raised above the melting point is thus excluded. Partial
melting at temperatures below the melting point, however, does leave seeds
which can act as centres for further growth on subsequent cooling, and this
seeded crystallization appears to involve sub-units of structure within the out-
lines of the original spherulites. A detailed account is given of this new type
of crystallization, and possible mechanisms for the process are considered.

THE growth of the solid phase in a crystallizing polymer arises from nuclei
which form in the super-cooled melt, and is generally considered to develop
in three dimensions to give spherulitic structures’. Previous workers have
observed that the temperature to which the molten polymer is raised prior
to crysallization may be an important factor in determining subsequent
behaviour'—* and this has led to the hypothesis that, on melting, remnants
of the previous structure may act as nuclei, or seeds, unless temperatures
well above the melting point are used to destroy them. This hypothesis
is considered here in relation to polyethylene.

In addition, a new type of crystallization process is reported, which
occurs when a solid sample of polymer is partially melted at temperatures
below the melting point, and subsequently crystallized in the presence of
the unmelted material.

EXPERIMENTAL

Materials

The polyethylene samples used were identical with those reported in
an earlier publication*; the important characteristics are summarized here
in Table 1. Degrees of polymerization, P,, were determined viscometric-
ally, and the melting point, T, was found from the volume/temperature
relationship, for samples which had been crystallized for up to 30 000

Table 1. Characteristic parameters of polyethylene samples

Sample Py Tn°C Comments
3 670 1359 Fraction from Phillips Polyethylene A
5908 350 135:5 Fraction from Phillips Polyethylene B
5907 1800 1361 Fraction from Phillips Polyethylene B
5905 7 300 1366 Fraction from Phillips Polyethylene B
5902 14 800 1368 Fraction from Phillips Polyethylene B
5901 18 500 1368 Fraction from Phillips Polyethylene B

*Present address: Chemistry Department, Imperial College, South Kensington, London.
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minutes at temperatures such that the half-lives of the primary crystalliza-
tion were ca. 30 min. The poly(ethylene oxide) sample was supplied by
Polymer Consultants Ltd.

Dilatometry

The techniques used in the present investigation have been described
in a previous paper*. The samples were moulded to suitable shapes for
insertion into the dilatometers at temperatures just sufficient to enable
flow to occur. The melt temperature varied from sample to sample but
never exceeded 180°C, and this was the only prior heat treatment to which
the samples were subjected. Values for the fraction of crystalline material,
x, were determined from density measurements?.

Microscopy

Readily observable spherulites are not normally found in polyethylene
unless the sample is subjected to drastic pretreatment®, Consequently, the
histories of the samples used in the present study are given in the next
section and considered in relation to the results obtained. Sample thick-
nesses of approximately 104 were used throughout, and crystallization
temperatures were controlled by a thermostatted hot-stage to +0:05°C.
Visual observations were taken using a 10 x eyepiece, and a 6 mm objec-
tive; photographs were made using the 6 mm objective alone.

RESULTS
Dilatometry
It has previously been shown* that the primary crystallization of polyethy-
lene conforms to the Avrami equation

WL/W,=exp (—zt") M

where W, /W, is the weight fraction of the liquid phase remaining after
time ¢ and z is constant for a given temperature. Current theory® requires
that n be an integer with a value of 1, 2, 3 or 4, but in practice fractional
values have been observed* for polyethylene. The process can be followed
dilatometrically and the fraction of unconverted material found from the
equation

Wi/Wo=(h—ho)/(ho—hs) @

where A, is the dilatometric height at time ¢ and oo indicates the end of the
primary stage. In some polymers, including polyethylene, the primary
crystallization is followed by a secondary process which has a different
time dependence, and this complicates the analysis of the data. However,
a method has been proposed for separating the two processes, and the
results given here for the Avrami parameters, n and z, are obtained using
this approach®.

(a) Effect of melt temperature on subsequent crystallization—In Figure
1 the crystallization of a polyethylene fraction, 5901 (T.=136-8°C), is
given as typical of the behaviour of all the samples studied. Premelting
the sample for 15 minutes at 210°C or 137-1°C leads to identical results;

290



THE CRYSTALLIZATION OF POLYETHYLENE AFTER PARTIAL MELTING

when the sample is heated at 0-9°C below its melting point, however, a
considerable difference in behaviour is observed, and the half-life of the
process decreases from 100 min to 17-5. It is evident that all memory
of previous crystallizations is effectively removed at the melting point, and
that no further change occurs even when the melt temperature is increased
by 70°C. (At much higher temperatures changes are observed but these
are more consistent with degradation.) Consequently, the persistence above
the melting point of nuclei whose concentration is reduced only by pro-
longed heating can be excluded as a possibility in the case of polyethylene.

(b) Crystallization from seeds formed by partial melting—The work
of Hoffman, Weeks and Murphey?® using poly(chlorotrifluorethylene) sug-
gests that on partial melting the growth from primary nuclei is reversed
until some at least of the original sporadically formed nuclei remain. These
are then assumed to be capable of acting as seeds when the polymer is
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Figure I—Crystallization of polyethylene fraction 5901
(Tm=136'8°C) at 127-50°C. * preheated at 210°C; O pre-
heated at 137-1°C; ® preheated at 135-90°C

again crystallized at a lower temperature. The nucleation process thus
changes from being sporadic to being predetermined, and the Avrami ex-
ponent,  (equation 1), is expected to decrease by one unit"’. The results
in Figure I show that partial melting in polyethylene does lead to an
increase in rate during subsequent crystallization, as would be expected
from the above hypothesis, and so a more detailed analysis of the data is
made below to test whether the proposed mechanism is operative in the
present case.

The seeded process indicated in Figure 1 was carried out on several
polyethylene fractions by first crystallizing to well into the secondary stage,
and then raising the temperature to various values below the melting point,
to leave differing amounts of seed crystallinity, x,, at equilibrium. The
temperature was then lowered to enable the seeded crystallization process
to occur.
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(i) Time dependence of seeded crystallization. In all cases it was found
that the results conform to an Avrami-type equation of the form

(h: — hoo) [ (he — b)) =exp (—z,t") 3

where £, is the dilatometric height at the start of the process when the seed
crystallinity is equal to x,, and z, is a constant for given values of crystal-
lization temperature and x,. The results for fraction 5907 at a fixed

0-0
/ /

Figure 2—Polyethylene fraction
5907 crystallized at 130-00°C after
partial melting at various tempera-
tures below the . melting point
to leave different amounts of
seed crystallinity. Plot of log

Log[-log (A-hhs-h.]

h,—h
—log —* > ) versus log ¢ for

-1-0 hs_hor
X,=01108 @; x,=0-1806 x;

X,=0-33150

]
15

1-0
Log (time) [min]

temperature of crystallization but for different values of x, are given in
Figure 2, and it can be seen that they are in excellent agreement with
equation (3). An important feature is that x., the crystallinity at the end
of the Avrami or primary crystallizationt, as characterized by A, in
equation (3), is the same for the seeded crystallization as for the unseeded
process (see Table 2).

(ii) The value of the exponent, n. The Avrami exponent, n (from
equation 3), decreases as the amount of seed crystallinity is increased, until
eventually a constant value is attained. This is illustrated in Figure 3, and
results for the limiting value are given in Table 2. These vary from sample
to sample over the range 1-25 to 1-58 and, as for the unseeded crystalliza-
tion*, are significantly different from any of the integral values required by
existing theory**°, The point of immediate interest, however, is that n
decreases by considerably more than one unit on seeding, which is more
than would be expected if the Hoffman, Weeks and Murphey mechanism
were operative®?. Consequently, their picture does not apply in the present
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case and, in particular, melting and seeded crystallization cannot be con-
sidered as reversible processes, involving contraction and expansion of the
original units of growth.

Table 2. Representative figures for seeded and unseeded crystallization parameters

Unseeded Seeded
Sample
Temp. n B Temp. n B
°C Xoo °C Xoo (at limi?)

5901 127:50 034 2:97 200 127-50 035 135 200
125-36 034 312 129-10 035 1-36

5902 128-40 0-38 303 150 128-14 036 1-25 140
125-73 036 354 127-82 0-36 1-29

5905 128:49 045 3:48 100 128-70 041 1-58 —_

5907 130-00 056 3-87 85 130-00 057 1-42 70
128-26 055 3-47 130-50 057 1-40

(iii) The seeded rate constant, z,. It has already been noted above that
the seeded crystallization is more rapid than the unseeded process; in fact
it was found that the seeded rate constant, z,, increases in direct proportion
to the amount of seed crystallinity present, and in Figure 4 results given

L
&4

s

Figure 3—Avrami exponent n plotted as a function of

seed crystallinity x,. O fraction 5901 crystallized at

127-50°C; A fraction 5902 crystallized at 128-14°C; ® frac-
tion 5907 crystallized at 130-00°C

for three samples can be seen to establish this point. The plots appear
to pass through the origin, and this at first sight might seem to lead to the
unacceptable conclusion that the unseeded rate constant, z, is zero. In fact,
for the cases quoted, the unseeded rate constant, z, is in the region of 10-%,
and this is indistinguishable from zero on the scale used in Figure 4. A
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comparison of this figure with z, does not of course give a quantitative
comparison of overall rate, as this depends also on the exponent, n (equa-
tion 1), which differs considerably for the seeded and unseeded cases.

(iv) Temperature dependence of seeded rate constant. It has pre-
viously been established* that the unseeded rate constant is related to
temperature of crystallization, 7., and melting point, 7., by the equation

log z=A4 —nB/AT? “4)

where AT=T,,—T. For the limited range of temperatures over which
it is possible to make measurements (i.e. ca. 2°C), an identical relation

Ve
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z, x10? [time in minutes]

{ 1
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Figure 4—Seeded rate constant z, plotted as a function of

seed crystallinity x,; O fraction 5902 crystallized at 128-14°C;

A fraction 5905 crystallized at 128-70°C; @ fraction 5907
crystallized at 130-00°C

was found to hold for z, (at a fixed value of x,) using the same values of
T, as for the unseeded experiments. Also, the parameter, B, which is
characteristic of the nature of the growing surface®, has, within experi-
mental error, the same value for the two types of crystallization, even
though it varies considerably from one sample to another (Table 2).

(v) Secondary crystallization. During the secondary stage, which
accounts for the production of a significant fraction of crystalline material
in polyethylene, the crystallinity increases with time according to the
equation*

x=C+Dlogt (5)

where D is a constant which is very little affected by changes in tempera-
ture and molecular weight and ¢ has its origin at the beginning of the
secondary process. In a previous study* of the unseeded crystallization
of polyethylene, D was found to have a value of 0-09+0-01 for a wide
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range of samples and crystallization temperatures. In the present study
of the seeded process, a similar secondary erystallization was found to
occur after the completion of the primary, or Avrami, stage with an
identical value of D. A typical set of results is given in Figure 5 and it
can be seen that the secondary crystallization is the same for seeded and
unseeded runs.

Microsopy

Comparative observations on the same sample by the two techniques
of dilatometry and microscopy could be considerably informative with
regard to the phenomena reported in the previous section, but unfortun-
ately they are restricted by the fact that, in general, polyethylene does not
produce microscopically resolvable growth units during its normal crystal-
lization®. Spherulites of observable dimensions (>>10-* cm diameter) can
be obtained, but it is considered that the methods used to produce them
result in a stage which is not characteristic of the original material. It is
possible that the unresolvable structures normally obtained may consist

0-60f- /)

>
050 /}5‘
[ ]
040 1 ] 1
10' 10? 10° 104
Time, min

Figure 5—Post-Avrami stage kinetics for fraction 5905 crystal-

lized at 128-70°C; O x,=0-0125; X x,=0-0644; ® x,=0-0934.

The straight line represents the data for the unseeded
experiment

of very small spherulites, or at least of units of structure which represent
the first stage in the growth of a spherulite, with dimensions in the range
107° to 107* cm, and if this is so the observations recorded below on larger
spherulites may be applicable to the normal structures, such as are formed
during the dilatometric experiments. However, this point has not yet
been conclusively established.

First, in a sample which has not been specially treated, and hence where
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observations on resolvable spherulites are not possible, the overall appear-
ance of the birefringent structure undergoes the changes recorded in Table
3, on partial melting and seeded crystallization. The point at which bire-
fringence disappears completely, as judged visually, depends considerably
on the sample, and on the time and temperature of crystallization, and may
sometimes be as much as 4°C below the dilatometrically determined
melting point. This presumably reflects the differences also to be found in
the melting distribution curves, or volume/temperature relationships. Con-
sequently the values of x, determined dilatometrically (Table 3) were

Table 3. Polyethylene fraction 5907 (T, =1361°C). Microscopic appearance on
partial melting and seeded crystallization
(Crystallized initially at 128-0°C for 270 min)

Time for first
sign of b.r. to
Seed Temp. of partial Intensity of appear during
crystallinity melting birefringence subsequent
Xs °C crystallization at
’ 128-:0°C
0-60 1340 Starts to decrease -
0-04 135-8 Completely 2 min
disappears
0-01 136:0 Completely 5 min
disappears
0 136:1 Completely 12 min
disappears
0 136-2 Completely 12 min
disappears
0 150 Completely 12 min
disappears

measured for a sample of fraction 5907 crystallized under the same condi-
tions as were used in the microscopy experiments. The time for the first
sign of birefringence to reappear on crystallizing after partial melting is
taken as an inverse measure of the rate, and this can be seen to regain
its value for the unseeded process at the same temperature as that at which
all crystallinity is lost, i.e, at the dilatometric melting point. Thus it is
confirmed that all memory of previous structure is removed at the melting
point.

Next a sample of fraction 5908 was studied, after it had been subjected
to a prior heat treatment which converted it to a form where large spheru-
lites (10-2 cm) could be observed. The treatment involved four hours
heating at 300°C in vacuo between glass slides, and resulted in a film
whose melting point determined microscopically, was found to be 131-2°C.
The effect of this treatment is not established with certainty. but it is
possible that physical aggregation of nuclei occurs, thereby effectively re-
ducing their number, and so increasing the size of the bodies grown from
them®. In the present case, the reduced melting point indicates that degra-
dation had also occurred.

A typical photograph of the spherulites produced in this sample is given
in Figure 6. On partial melting to the point where no birefringence is left,
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and crystallizing by lowering the temperature, the birefringence reappears
uniformly within the outlines of the original spherulites, and has the granu-
lar appearance typified in Figure 7. This confirms the conclusion reached

Figure 6—A spherulitic sample of fraction 5908, produced
by an arbitrary heat treatment. Spherulites grown from the
melt at 118-4°C for 8 minutes

Figure 7—QGranular structure produced within spherulite out-
lines shown in Figure 6, by partial melting at 127-6°C followed
by seeded crystallization at 118:4°C for 1 min

above, that partial melting and seeded crystallization do not involve the
contraction and expansion of the spherulites along their original lines of
growth. Instead it is evident that partial melting leaves seeds within the
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original spherulites, which then initiate the growth of sub-units of structure
during the subsequent seeded crystallization. Unfortunately, it is not
possible to relate the formation of this granular structure to the quantita-
tive amount of seeded crystallinity remaining as a result of partial melting,
owing to the unrepresentative nature of the large spherulites, as noted
above. It can be said, however, that the granular structure typified by
Figure 7 can be obtained in a wide variety of spherulitic polymers (poly-
esters, polyamides, polypropylene and polyethylene oxide), if suitable tem-
peratures of partial melting are chosen. In addition, there are indications

Figure 8—Spherulites in poly(ethylene oxide) obtained by com-
pletely melting at 80°C, and then crystallizing at 56:8°C for
20 min

in the literature that this type of structure has been obtained by previous
workers®®.

If the granular appearance in Figure 7 arises from a large number of
sub-units of structures formed within the original spherulite outline, and
if progressive increase of temperature of partial melting reduces the num-
ber of seeds from which these structures are formed (as is implied by the
correlation given in Figure 4), then careful control of conditions should
reduce the number of seeds to an extent where subsequent growth is micro-
scopically resolvable. This was found to be possible with the above sample
of polyethylene fraction 5908, but the effect is easier to control and demon-
strate in poly(ethylene oxide), whose temperature coeflicient is more
favourable. In Figure 9, the seeded growth within the original outlines
of poly(ethylene oxide) spherulites (Figure 8) can be seen to stem from
easily resolvable centres, and to take the form of small spherulites similar
in appearance to those arising during the unseeded process (Figure 8). In
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addition, measurements made on these seeded spherulites showed that the
radial growth rates are the same for the two cases.

Finally, if a polyethylene spherulite is partially melted and allowed to
crystallize from seeds (Figure 7), subsequent growth, after the original

Figure 9—Resolvable structures formed within outlines of
spherulites shown in Figure 8 by partial melting at 65-7°C
followed by seeded crystallization at 56:8°C

Figure 10--Same field as shown in Figure 7, but after a further
5 min growth at 118:4°C
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spherulite outline is filled in to give a granular structure, continues in a
way which is identical to the unseeded growth. This is demonstrated in
Figure 10.

DISCUSSION

The dilatometric and microscopic experiments on polyethylene show that
all memory of previous crystallizations is effectively removed at the melting
point, and that subsequent kinetic behaviour is reproducible even when ihe
sample is heated further to as much as 70°C above this temperature. Thus
the persistence of nuclei in the melt, either as aggregates of polymer
molecules’, or in cracks in impurities®, is excluded in the present case.
Similar results on poly(decamethylene terephthalate!®!") indicate that the
situation is not unique. This does not exclude the possibility that the
unseeded crystallization is nucleated by heterogeneities (in fact the indica-
tions are that this is so®'') but it does mean that, if heterogeneous nuclei
are present, they are not progressively decreased in number when the tem-
perature is raised, and then reformed on subsequent crystallization, as is
required by the above hypotheses!.

When the sample is partially melted at temperatures below the melting
point, seeds do remain which can act as nuclei for further growth on sub-
sequent cooling. The possibility that the observed effects may be explained
in terms of simple contraction and expansion of the original spherulites,
however, as suggested by Hoffman, Weeks and Murphey for poly(choro-
trifluorethylene)?, is ruled out first by the fact that the Avrami exponent
n decreases in the present case by considerably more than the predicted
value of one unit (Zable 2); and secondly by the microscopic appearance
of seeded spherulites (Figures 7 and 9). Previous workers'*** have found
that the intensity of scattered light follows different paths during melting
and cooling, thus confirming the contention that melting is not a simple
reversal of the unseeded crystallization process. -

The values of n obtained for seeded crystallization are quite low (1-25
to 1-58), and in all cases they are significantly different from the integers
required by theory®. Fractional and constant values of # (2-0 to 4-0) have
similarly been found* for the unseeded process but no satisfactory explana-
tion has so far been advanced to account for the effect. There is an
indication®, however, that low values of n occur when the final size of the
growth unit is small so that it is reasonable to deduce that the growth units
formed during seeded crystallization are very much smaller than those pro-
duced in the unseeded process. This is of course confirmed by the micro-
scopic observations which show that sub-units of structure are formed
from a large number of seeds left within the outlines of the original spheru-
lites (Figure 9). It has previously been suggested!* that low values of n
may occur when the structure is a granular one consisting of many small
growth units, on the assumption that the number of dimensions in which
growth can occur is similarly reduced during the early stages in their
formation. However, if this explanation is applicable here, it requires
modification to account for the fact that the values of n observed are both
fractional and constant throughout a given crystallization run.
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In untreated polyethylene even the unseeded crystallization gives rise
to very small growth units which are in fact microscopically unresolvable
(<C10~* cm). As the seeded growth must involve sub-units which are
even smaller, one possibility which immediately suggests itself is that these
sub-units are the microcrystallites of size approximately 10-¢ cm. If this
is so there is one important fact that requires consideration. For the un-
seeded crystallization, the rate-controlling step in the growth of the
spherulites is generally considered to be one of secondary nucleation®.
The form of the temperature dependence is accounted for on this assump-
tion*®. The growth of the microcrystallites, however, is unlikely to pro-
ceed by a similar mechanism, and yet the temperature dependence of the
seeded crystallization found in the present experiments not only takes the
same form as that for the unseeded process; it also has the same value
for the characteristic parameter, B (equation 4 and Table 2). Consequently,
although it is certain that seeded crystallization involves the growth of sub-
units of structure much smaller in size than the original spherulites, it is
not possible at this stage to speculate with certainty on their nature.

Apart from the lower values of n, the seeded crystallization resembles
the unseeded process in many ways. Thus the crystallinity at the end of
the primary stage, x., is the same in both cases, as is the temperature
dependence parameter, B (Table 2). Also, after x, is passed the subse-
quent secondary crystallization is the same, as can be seen from Figure 5.
Finally, in poly(ethylene oxide), where the seeded growth can be resolved,
the growth units are similar both in appearance and growth rate to the
original spherulites. One important difference, however, is that seeded
crystallization occurs in the presence of unmelted crystalline material whose
volume is not negligible. The question thus arises as to the location of ihe
seeds in relation to this crystalline material.

It might appear at first sight that although the contraction and expansion
of the original spherulites during partial melting and seeded crystallization
is excluded, a process of this nature could be occurring uniformly with the
sub-units within the spherulites. This, however, is .excluded by ihe form
of equation (3), which shows that the start of each seeded crystallization
is a unique state, characterized, for example, by an apparent induction
period of zero rate (provided that n341). Thus, the state arrived at by
melting to, say ten per cent crystallinity, and then crystallizing to twenty
per cent, is different from that produced simply by melting directly to
twenty per cent; the subsequent rate plots are not superimposable, a point
which also follows from equation (3). It is of course possible that melting
occurs along a different axis from that involved in subsequent growth,
but it is difficult to visualize any picture which would allow space for the
development of crystallinity under these conditions.

A more likely picture is one which assumes that the crystalline material
remaining after partial melting is inert, and that crystallization on subse-
quent cooling occurs in the molten regions from seeds of negligible volume.
The decrease in rate which occurs as the melting point is approached (cf.
Figure 4) is thus accounted for on this picture by the progressive disappear-
ance of seeds from the molten regions. The postulate of crystallization

301



W. BANKS, M. GORDON and A. SHARPLES

from seeds of negligible volume, in the presence of inert unmelted material, is
the one which best accounts for the observed time-dependence of the seeded
process (Figure 3). It is also consistent with the broad melting behaviour,
which suggests the presence of a range of structural units of varying temper-
ature stability.

SUMMARY

The general picture proposed to account for the process of seeded crystal-
lization is thus one whereby partial melting leaves seeds of negligible
volume, which decrease in concentration as the melting point is approached.
The rate of crystallization on subsequent cooling is determined by these
seeds, and not by the bulk of the unmelted crystalline material, which
remains inert. Growth develops from large numbers of seeds within the
outlines of the original spherulites, and resembles in many ways the growth
of the parent structures.
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The Diffusion and Clustering of Water
Vapour in Polymers

J. A. BARRIE and B. PLATT

Steady s:ate permeation and sorption equilibrium measurements have been
made on the water-polydimethylsiloxane system at 35°, 50° and 65°C, and on
the water—polymethylmethacrylate system at 50°C. The results have been
analysed to determire the concentration dependence of the diffusion coefficient,
which in both systems is found to decrease as the concentration of water is
increased. The concentration dependence is interpreted in terms of clustering
of the water molecules which renders an ever increasing proportion of the
overall concentration relatively immobile. A recent model which describes the
polymerization of water in an inert continuum is used to evaluate the fractions
of polymeric water species present in the polymer. The total flux is then
regarded as the sum of the flux contributions from each polymeric species
assuming that no contribution to flow occurs within a cluster. The model pre-
dicts satisfactorily the shape of the D versus C curve for water—polydimethyl-
siloxane but the data are not sufficiently accurate to determine whether water
species higher than monomer contribute significantly to the overall flux. Satis-
factory agreement is not obtained with the D versus C curve for
polymethylmethacrylate and the limitations of the model are discussed.

THE diffusion coefficients of organic vapours in polymers are usually found
to increase as the penetrant concentration is raised. Generally this effect
has been associated with the plasticizing action of the penetrant molecule
whilst more specifically Meares has interpreted this concentration depend-
ence in terms of the variation of the segmental jumping frequency with
the free volume of the polymer-penetrant mixture'. With water vapour as
penetrant the normal concentration dependence is often less marked and
in fact for polyvinyl acetate, cellulose nitrate, cellulose acetate and 6-10
nylon the diffusion coefficient has been reported’ as constant over an
appreciable range in the concentration®. Even more striking is the decrease
in the diffusion coefficient with concentration observed with polyethylene®
and ethylcellulose* and which was attributed to the formation of clusters
of water molecules within the polymer. The results of the present investi-
gation indicate a similar ccncentration dependence for the diffusion coeffi-
cient of water vapour in polydimethylsiloxane and polymethylmethacrylate.
A recent model proposed to account for the polymerization of water in an
inert medium such as toluene or benzene provides a means of estimating
the cluster size distribution’. Relationships derived from this theory are
combined with the diffusion equation in an attempt to describe the magnitude
and form of the concentration dependence of the water vapour diffusion
coefficient.

EXPERIMENTAL
Polydimethylsiloxane sheets approximately 2 mm thick were supplied by
Imperial Chemical Industries and were prepared from a polydimethyl-
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siloxane gum crosslinked by curing with one per cent by weight of
2,4-dichlorobenzoylperoxide.

Polymethylmethacrylate films approximately 02 mm thick were prepared
by casting from a benzene solution on a mercury surface followed by
outgassing for 12 h at 120°C under high vacuum.

Sorption isotherms were obtained with the polymer sample suspended
from the end of a calibrated silica spiral enclosed in a high vacuum
apparatus similar to that employed by Barrer and Barrie*.

Steady state permeation rates were measured as a function of the
upstream vapour pressure which was maintained constant throughout a
single determination. The effluent vapour was sorbed by a dehydrated
aluminosilicate suspended from a calibrated silica spiral and the weight
of water permeated in a given time in the steady state calculated. But for
the fact that mercury cut-offs were used in place of stopcocks to isolate
the effluent system, the apparatus was similar to that of Barrer and Barrie®,

012}~ -l
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0-08|- by

0-04

C (g per 100g of polymer)
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Figure 1—Sorption isotherms for water: (a) Polydimethyl-
siloxane: (O) 35°C, (®) 60°C; (b) Polymethylmethacrylate
at 50°C: (O) sorption, (®) desorption

RESULTS

The permeation rate P is expressed as the number of grammes of water
which passed in one hour across 1 cm® of polymer membrane in the steady
state of flow. The permeability coefficient P is defined by PIl/p, where I
(cm) is the membrane thickness and p, (cm of mercury) is the vapour
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pressure at the upstream face. The concentration C is the number of
grammes of water vapour sorbed by 100g of thoroughly outgassed polymer.
Both C and P were obtained as functions of the upstream relative pressure
p./p, as shown in Figures I and 2 respectively. Plots of P versus C were
then constructed of which some typical examples are shown in Figure 3.

o

£

(84
Figure 2—Dependence of the per- "¢
meation rate on the relative pres- o
sure at the upstream face for © 2
polydimethylsiloxane: (O) 35°C; x

(®) 50°C

p/p,

With the above units for P and C, and with D (cm?sec™) the diffusion

coefficient and p (g cm™') the density of the polymer one has for steady
state flow

P=-36pD0C/ox=—D'2C/éx )
from which it follows that
D=(/36p)(dP/dC) 2

The concentration dependence of the diffusion coefficient is then determined
from the slope of the P versus C curve at different values of the concen-
tration.

Polydimethylsiloxane

Since the amount of water vapour sorbed by the silicone rubber was
small even at high relative pressures the accuracy of the data was somewhat
reduced and some indication of the error involved is shown in Figure I(a).
However, the shape of the isotherm is clearly defined and is typical of simple
solution behaviour or of sorption systems where sorbate-sorbate inter-
actions are relatively stronger than those of sorbate-sorbent. Within the
limits of the experimental error no hysteresis was observed.
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Values of the permeation rate for a given membrane were reproducible
to within +2 per cent, and for a given temperature the dependence on the
relative pressure at the upstream face was given by

P=A(p,/po)—B(p./p.) (3)
and so L
P=P,—a(p./p,) @

A, B and a are temperature dependent positive constants and P, is the
permeability coefficient at zero relative pressure. In Table I are given

a
sl
“
£
O
=
iy
S 4r Figure 3—Dependence of per-
Ef meation rate on concentration
at the upstream face for poly-
dimethylsiloxane (a) 65°C; (b)
b 35°C
2+
] ! 1 !
0 0-04 0-08 012 016

C{g per 100g of polymer)

values of P,, while in Figures 2 and 3 the permeation rate is shown as a
function of the relative pressure and of the concentration C at the upstream
face respectively.

Table 1. Values of an 10° (gcm/cm?/h/cm Hg), aX 10° and D, _, X 10° (cm? sec—1)

T°C P, a D,.,
35 127 007 7
50 1-17 014 9
65 095 012 10

The most interesting feature of the data is the marked decrease in the
diffusion coefficient with increasing concentration of water as indicated in
Figure 4. Values of the diffusion coefficient at zero concentration (D¢-,) are
also included in Table 1 and may be compared with values of the order
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1077 to 10~° (cm® sec™") encountered with most polymers in this temperature
range. The values of D.., are not considered accurate enough to give a
reliable estimate for the activation energy for diffusion but an approximate
value of 3 kcal mole™® has been calculated. Relatively large diffusion
coefficients have also been measured for hydrocarbon vapours in silicone
rubbers and were shown to be a consequence of low energies of activation
for diffusion®.

Figure 4—Concentration de-
pendence of the diffusion co-
efficient for  polydimethyl-
siloxane at 65°C: (a) equation
(13), C,=0-18; (b) equation (13),
C,=0225 and D;=D3=D=0;
(¢) experimental; (d) equation
(13), C,=0'18 and D:=D3=D
=0; and at 35°C: (e) experi-
mental; (f) equation (13),
C,=012 and D:=D;=D=0

!
0 0-04 0-08 012
C(g per 100g of polymer)

Polymethylmethacrylate

Sorption isotherms exhibited hysteresis but the sorption branch was
reproducible provided that the sample was first outgassed and that the
isotherm was determined by stepwise addition. A typical isotherm is shown
in Figure 1(b) and it is observed that the sorptive capacity for water vapour
of the polymethylmethacrylate is almost ten times that of the polydimethyl-
siloxane. The isotherms are similar to those reported by several investi-
gators’~ and ‘a comparison of the amounts sorbed at a relative pressure
of 0-75 is made in Table 2. Those of Brauer and Sweeney'® showed a
similar type of hysteresis and were independent of temperature in the range
20° to 60°C.

Table 2. Comparison of C (g/100g) values at 50°C for p/py=0'75
1.3* 1.37 1.18 149

*This investigation.

The permeation rate was determined as a function of the relative pressure
at 50°C only, and again the data were well represented by equations (3)
and (4). Compared with a value of 1:17 x 10~* for polydimethylsiloxane,
P, was only 7-4x10°" even although the sorptive capacity of the poly-
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methylmethacrylate was much greater. This is again a reflection of the
relatively large diffusion coefficients encountered with silicone rubbers, thus
at 50°C, D¢, for the polymethylmethacrylate is 1-3 x 10~7 compared with
9x 10~* for the polydimethylsiloxane. From Figure 5 it is seen that the
diffusion coefficient decreases almost linearly with concentration, The same
system has also been studied using the sorption—desorption kinetic technique.
Bueche’ found that sorption-kinetic data yielded values of D which decreased
with increasing concentration, while corresponding desorption data gave a
constant D. Further the rate of desorption was faster than the corresponding

16

Dx 108 ¢cm? /sec

I 1

0 0-8 16

C(g per 100g of polymer)

Figure 5—Concentration dependence of the diffusion co-

efficient for polymethylmethacrylate at 50°C: —O—

experimental; equa}_ig_n (13), C€3=30 and
Ds=D3=D=0

rate of sorption, and somewhat similar results were obtained by Thomas®
for the same system. This behaviour is in agreement, at least qualitatively,
with Crank’s** analysis of sorption—desorption kinetics for Fickian diffusion
with D decreasing as the concentration is increased. Both Bueche’ and
Thomas® regarded the diffusion coefficient as constant in their analyses and
obtained values of approximately 4 and 5 x 10-® respectively at 50°C. These
average values are in fact much less than the corresponding value of
D¢_, (13 x 107%) derived from the steady-state data of this investigation.

DISCUSSION
Although diffusion coefficients which decrease with concentration of water
vapour have been reported for polyethylene®, ethylcellulose*, polydimethyl-
siloxane and polymethylmethacrylate, this behaviour is not common to
all polymer-water vapour systems. For example, in polyvinylalcohol? and
cellulose®® the diffusion coefficient increases rapidly with concentration,
which is the normal concentration dependence observed with organic
vapours and is attributed to the swelling or plasticizing action of the
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penetrant. To explain the decrease in the diffusion coefficient with con-
centration it was postulated that monomeric water was the major diffusion
species and that as a result of clustering the proportion of monomer
decreased as the total concentration was increased*.

Polymerization or clustering of water in polymers

in general one may expect clustering of penetrant when penetrani-peneirant
interactions are stronger than those of penetrant-polymer. Rogers, Stanneit
and Szwarc13 used relations developed by Zimm and Lundberg™ to deduce
that in the Sufpl.iuﬂ of Ofganic vapours b:y p\’)l]\,ux_yncuc considerable

clustering of penetrant occurred.

More recently the properties of water solutions in benzene and toluene
have been discussed in terms of a model which describes the polymerization
of water in an inert continuum®. In this the water molecule is regarded
as a tetrafunctional monomer in which all four hydrogen bonds are
independent in the sense that the free energy of formation of any one
is unaffected by the state of the others. The polymerization process is
considered to be a purely random formation of hydrogen bonds and the
gel point is identified with the saturation or precipitation point of the system.
More specifically the weight fraction of polymeric species composed of n
water molecules is given by

;fqn—l (l _ q)ln—2n+2 (;.f'l _ ’!)! (5)
(n-D({fn-2n+2)!

where f=4 is the functionality of the water molecules and ¢ is the fraction

of the hydrogen bonds actually formed. The saturation point of the

system is defined by

W, =

q.=1/(f-1) 6

and the law of mass action for the breaking of a hydrogen bond may be
written
K=C(1-4Y/q Q)

If C, is the saturation concentration of water it follows K = 4C,.

Diffusion wiih clusier formation
It is assumed that diffusion of water molecules within a cluster or
polymeric species is negligible and that the equilibrium distribution of

Annohnn f(\ nl\fotnc in tha mhra during tha. ctaade state of flow
cquauscn il Wie memorane Gurifng i Siady siaw Of niow.

If there is no interference between the diffusional flow of each species then
P=-3 D.3C,|ox= — D'3C|dx (8)
1

where the subscripts 1, 2 . . . n denote respectively monomer, dimer . . . n-mer
of water and C is the total concentration of water in the polymer. It follows
that

p=3p,dc,/dc 9)
1

and the quantity dC./dC can be obtained from the polymerization theory
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outlined above. Thus with w,=C,/C, and substituting the negative root of
the quadratic equation (7) into equation (5), one obtains

_ 3n! Q2C+K -k (k—K)*™*? (10)
" (n-1D1Q2n+2)! 23niCee
where k=(K?+4KC)'/2. The positive root of equation (7) was discarded

since it gives g = 1. The quantity dC,/dC can be evaluated from equation
(10) and for monomeric species one has, since f=4,

C

C,=(k—K)*/16C* (11)
and
dC, (k—-K)' 8K ,(k—K)
dc — 16cC® {k 3 C } (12)
Polydimethylsiloxane

Since the solubility of water in the polydimethylsiloxane is so low
specific interactions between polymer and penetrant may be ruled out. A
probable value of C, was estimated by extrapolation of the isotherm data
to a relative pressure of unity and at 65°C was in the range 0-15 to 0-30
weight per cent. For water in benzene at 67°C, C,=0-26 per cent® and it
is reasonable to assume that specific polymer—penetrant interactions are
absent from the dimethylsiloxane-water system.

In the limit C— 0, dC,/dC —> 1, and (D,);-, can be identified with the
experimental diffusion coefficient D..,, which at 65°C is 10-5x107°, As
the concentration of water is small the plasticizing effect will be slight and
to a first approximation D, can be regarded as constant and equal to D¢-,
throughout the whole of the concentration range. An estimate of the diffusion
coefficients for dimer and trimer is made by analogy with the results of
Barrer and Skirrow® for diffusion of methane, ethane and propane in
natural rubber at 40°C. The ratios of the diffusion coefficient for these
three hydrocarbons were 145 : 54 : 34 which when applied to water monomer,
dimer and trimer gives 10-5:3-6:2:1 for D,:D,:D, at 65°C. Polymer
species of four or more water molecules are considered as having an
average diffusion coefficient (D) to which is assigned a somewhat arbitrary
value of 1x10~°, This is probably an overestimate particularly as some
of the larger polymeric species may be highly branched and have relatively
low diffusion coefficients. Equation (9) is now written

dC, dcC, dc, = dc, dc,
D=D, —+ ac +D, ac +D3 riel D[l— (d—c aE + f)] 13)

since ﬁl dC,/dC =1, The relative importance of the terms in equation (13)

1
is shown in Table 3 with C,=0-18 at 65°C.

The contribution to the diffusion process of polymeric species with n > 3
becomes significant for C/C, > 0-33. However, it is emphasized that the
calculations purposely overestimate these same terms and in the range of
C/C, from 0 to 0-66 a reasonable approximation may be made by con-
sidering monomeric water as the sole diffusing species. In Figure 4 the
experimental D versus C relationship at 65°C is compared with that
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Table 3
C:=0-18 at 65°C
. dCl . dC2 . ac, . 3 dc,

C/C, lOSdC 36dC 21dC 10[1 ?dC DX 105
0 10-5 0 0 0 10-5
0-055 7-67 073 0-10 0-02 8-52
011 571 0-94 023 0-08 6-96
0-22 3-36 0-88 033 0-27 4-84
033 2:02 0-66 0-30 0-48 3-46
0-44 1-28 0-46 023 0-64 2-61
0-66 0-46 0-18 010 0-85 1-59

predicted from equation (13) with in the one case all water species diffusing
and in the other monomer only. The effect of C, is also considered by
recalculating the curve for monomer diffusion with a C, value of 0-225.
In each case the form of the D versus C curve is similar to that obtained
experimentally and in this respect the theory is satisfactory, but the
accuracy of the data does not enable one to distinguish between the several
theoretical curves of Figure 4.

The D versus C curves at 50° and 35°C were similar in shape to that
at 65°C, and also in Figure 4 the data at 35°C are compared with the
theoretical curve calculated assuming monomer diffusion only, Satisfactory
agreement is obtained with a C, value of 0-12 compared with the corres-
ponding value of 0-225 at 65°C. This is in accord with the isotherm data of
Figure 1(a) where it is clear that the sorptive capacity of the polymer
increases with temperature at a given relative pressure.

Polymethylmethacrylate

In Figure 5 the theoretical curve assuming monomer diffusion only, with
D,=D;.,=133x10"" and C,=3-00, lies well below the experimental one
and although to aliow for diffusion of polymeric species would minimize
this difference the curvature of the theoretical line is not borne out by
experiment. However, the sorptive capacity of the polymethylmethacrylate
is at least ten times that of the polydimethylsiloxane which suggests that
this polymer cannot be regarded as an inert continuum. This is also true
for ethylcellulose the sorptive capacity of which is of the same order as
that of polymethylmethacrylate.

Previous work with glassy polymers has indicated the presence of
cavities’®~'® in which penetrant molecules are sorbed preferentially with little
disturbance of the ambient polymer matrix. Polymerization of the water
molecules may be expected to develop more freely in these cavities relative
to the denser regions of the matrix where some degree of expansion would
be necessary. Further, both polymethylmethacrylate and ethylcellulose
contain polar groups and these, apart from increasing the sorptive capacity
of the polymer, in turn may act as centres of nucleation for cluster growth,
In either case, the theory can no longer be considered adequate and the
distribution given by equation (5) may be considerably distorted. In addition
the relatively higher sorptive capacities of these polymers could lead to
significant plasticization of the matrix and an associated increase in the
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diffusicn coefficient with concentration. Nevertheless, the decrease in D
with C observed for both of these polymers suggests that some mechanism
of clustering is predominant in determining the concentration dependence of
the diffusion coefficient.

The sorption isotherms of all three polymers are similar in shape to
those of systems exhibiting normal solution behaviour. Isotherms of this
form also obtain for systems where sorbate-sorbate interactions are
stronger than those of sorbate-sorbent. If the sole mechanism of sorption
were the interaction of the water molecules with a limited number of sites
of interaction such as polar groups or cavities then initially a Langmuir
type isotherm, eventually superseded by normal solution behaviour, should
result, This is indeed so when hydrocarbon vapours are sorbed by ethyl-
cellulose'”. However, the isotherms with water as sorbate show no trace
of Langmuir sorption unless this occurs at relatively low concentrations
and apparently the water—polymer interactions are not sufficiently strong
to prevent clustering, presumably around the specific sites of interaction.

The sorption isotherms and the D versus C relationships obtained by
Rouse® for the water—polyethylene system were similar in form to those
for the polydimethylsiloxane one but his data have not been analysed in
terms of the cluster model in view of discrepancies in the literature solu-
bility data which have been discussed in some detail by Klute'®. Moreover,
Yasuda and Stannett*® have recently published data which indicated that
clustering was present in ethylcellulose and rubber hydrochloride but was
absent from polyethylene, polypropylene and polyethyleneterephthalate.
It was suggested that the latter do not have the means of nucleation under
the normal conditions of exposure and that the polyethylene of Rouse may
have been oxidized sufficiently to provide centres for initiating clustering
or some form of capillary condensation. Although trace catalyst or perhaps
the Si—O-Si linkage may play a similar role in polydimethylsiloxane, such
an explanation is less likely for the water-benzene system® and for the
methanol-benzene system for which Caldwell and Babb?*!' postulated the
existence of polymeric species of methanol to account for the concentration
dependence of the diffusion coefficient.

In conclusion, the proposed model for diffusion describes satisfactorily
the form of the D versus C relationship for the water—polydimethylsiloxane
system in which polymer—penetrant interactions are weak. The sorptive
capacities of polymethylmethacrylate and ethylcellulose for water are
relatively higher and these polymers can no longer be regarded entirely
as an inert continuum for the water polymerization process. The theory no
longer describes satisfactorily the shape of the D versus C curves even
although clustering is still dominant.

This work was supported by the Ministry of Aviation and is part. of an
investigation of water diffusion in polymer films.

Physical Chemistry Department,
Imperial College of Science and Technology,

London, SW.7
(Received September 1962)
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Dipole Relaxation in the Crystalline
Phase of Polymers—II

C. A. F. TuuNMAN

The frequency location and temperature dependence of the dielectric losses,
experimentally established in mixtures of long chain esters with paraffins and
long chain ketones with polyethylene, can be satisfactorily explained if it is
assumed that the chains in the crystals take part in a rotation process. Brink-
man's diffusion theory for independent particles based on the two-hole model
is extended to the case for polymer chains. For flexible chains several
energetically different rotations are possible. It is found that the reaction rate
constant is practically fully determined by the energetically most favourable
rotation starting at the head or tail of the chain.

WHEN ‘long-chain ketones’ are dissolved in polyethylene it appears that,
as regards the frequency location, over 90 per cent of the dielectric loss
of the solution is comparable with the loss of a real solid solution of these
molecules in crystalline paraffins'. This justifies the assumption that when
a molten, slightly oxidized polyethylene is subjected to cooling, a number
of oxidized chains will occur in the crystallites. In a previous publication®
attention was drawn to the possibility that these crystalline chains may be
responsible for the dielectric low-frequency losses in oxidized high-pressure
polyethylene. The principal arguments on which this hypothesis is based
are:

(i) the decrease of the low-frequency losses with increasing temperature,
resulting in the disappearance of these losses at the crystalline melting
point of the polymer;

(ii) the fact that the low-frequency losses at room temperature occur only
if the oxidation takes place at temperatures higher than the melting
point.

Upon mild oxidation at room temperature only the ‘amorphous’ medium

and high frequency losses occur; this can be ascribed to the fact that

diffusion of oxygen takes place preferably in the amorphous regions.

It is well-known that in paraffin and polyethylene the carbon atoms tend
to form flat chains with parallel axes. Such a structure suggests that
rotation of a chain about the longitudinal axis from a’ stable position 1
across a potential barrier to a stable position 2 can with good purpose be
related to a relaxation process in the crystalline phase of polyethylene.

Frohlich? calculated the difference AU between the maximum and
minimum values of this potential for chains of different lengths in paraffin
crystals. The experimentally found dependence of the relaxation time on
the chain length could thus be reasonably accounted for by means of the
formula r=constant x exp (AU/kT). This relation, however, still contains
an unknown constant which has to be chosen so as to fit the experimental
data.
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Recently, however, Brinkman® derived an expression for the two-hole
model, which for the case AU > kT permits calculation of the number
of particles per unit of time diffusing from the one potential hole to the
other. This makes it possible to relate the relaxation time for loose particles
quantitatively to a friction parameter and to the parameters that determine
the potential function.

It will be investigated in what way Brinkman’s theory can be applied for
describing dipole relaxation in lattice structures, as in paraffins where a
chain molecule can occupy two equilibrium positions. Our aim is to
indicate a general relationship between the dielectric measuring quantities,
which determine the relaxation time, and the above-mentioned parameters,
which are correlated with the lattice structure. Using this relationship, we
shall endeavour to give a theoretical explanation of the change in frequency
of the low-frequency losses with the length of polar model chains dissolved
in paraffin and polyethylene, and of the influence of the temperature on
the frequencies of these losses.

DIPOLE RELAXATION IN LATTICE STRUCTURES
Brinkman® used the two-hole model for describing diffusion of loose
particles. In this model (see Figure 1) practically all particles are concen-
trated in the two minima of a potential field.

U

Figure 1—Two-hole model;
potential energy versus angle of

Au rotation

é

I !
| !
L !
0 77/2 4

The variable ¢ may be, for example, a rotation angle. The particles are
dispersed in a medium of a given temperature and viscosity. The energy
needed for making the particles diffuse from hole 1 into hole 2 and vice
versa is suppiied by the medium. An essential condition in Brinkman’s
approach is that AU > kT. This entails that in the equilibrium condition
the particle density o on the barrier can be practically neglected. So, when
n, and n, represent the numbers of particles in hole 1 and hole 2 respectively,
the following relation is valid :

+x/2 3x/2
m=[rde; m=[pdsi m4m=n M
-x/2 wl2
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The restriction that the height of the barrier must be very great compared
with kT furthermore permits p (¢) to be approximately represented by a
Boltzmann distribution for each separate hole. The number of particles
w (¢) diffusing from hole 1 into hole 2 per unit of time at point ¢ is, to a
good approximation, described by Smoluchowski’s equations :
op ow P {6U kT 6p}

In the latter equation { represents a rotatory friction coefficient defined as
the ratio between moment of force and angular velocity. Introducing the
assumption that w (¢) is approximately independent of ¢, Brinkman for a
symmetric potential now derives from (2) the following relation :

~dn,/dt=dn,/dt=K (n,—n,) 3)

The quantity K in this equation has the function of a reaction constant.
Its relation to the shape of the potential curve appears from the following
equations :

+z/2 "
k=L, - [ exo(~vkT) 40 L= [exp(+ UG8 (@)
U1, ;
- o

The integrand of I_ contributes essentially to the integral only in the hole,
that of I, only on the barrier. At equilibrium dn, /df=0 and hence, according
to (3), n,—n,=0. Schwarzl* used the formal solutions (3) and (4) for
describing mechanical relaxation phenomena, paying special attention to
non-linear behaviour.

Chains present in the crystalline phase of a polymer may exist in several
stable energy conditions. For example, the chain molecules in paraffin
crystals may occupy two equilibrium positions. To illustrate this point the
unit cell of a polyethylene crystal is shown in Figure 2 (see ref. 5). The chain

Figure 2—Unit cell of poly-
ethylene crystal
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molecules are normal to the plane of the rectangle and constitute a flat
zig-zag chain the projections of which are shown. By rotation about the
longitudinal axis through an angle of 180° a chain may evidefitly be moved
from the one position into the other. We assume that if a molecule contains
a carbonyl or ester group, the lattice will not be disturbed to any appre-
ciable extent and the two levels of equal minimum energy will remain
unchanged. In these positions the dipoles are oppositely directed because
the carbonyl group lies in the chain plane and is arranged perpendicular to
the chain axis (Figure 3). The system to be considered here consists of a
dilute solution of such polar chains in paraffin or polyethylene crystals.
The chains may differ in length, but may never be longer than the crystals
in which they are incorporated.

Figure 3—Polyethylene chain with carbonyl group

Straightforward application of Brinkman’s theory to such a system is
possible only. if the chain is perfectly rigid. Only then will the function
U (¢) be unique. The flexible chains, however, may move from hole 1 to
hole 2 in many ways. This is a direct result of the fact that twisting is liable
to occur in a flexible chain. For, in the case of twist practically the full
energy needed for moving the whole chain over the barrier will be produced
at the moment when the head of the chain has arrived in hole 2, irrespective
of the chain length still present in hole 1. Should the movement start from
the middle of the chain, the amount of energy will be about twice as large.
Since the angle ¢ along the chain is normally not constant, the potential
energy will hereinafter be considered as a function of 3, i.e. the average value
of ¢. The various ways along which the chain can be transferred from
hole 1 to hole 2 correspond to different U (3) functions. The minimum
values of this U (3) function for $=0 and #== are equal. Each transition
makes its own contribution to the average value <K)> of the reaction
constant, The function for which U () is minimum will make the largest
contribution to <K).

Choosing the head of the chain as the point where the rotation is applied,
one finds this function by determining for each value of the rotation angle
at the point of application the chain location for which the potential energy
is minimum. The effect of the energetically less favourable rotations for an
arbitrary point of application on <K can be approximately brought into
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account by separately minimizing the energy of the LH and RH part by
the same procedure.
For the polymer system equation (4) then changes into:

+z/2 P
KTy1 N\, _ .
Ky= §_<TI+> 1___{:xp( UkT)dF; L= ! exp (+ U/kT) 4

&)

In the next section, where the effect of the chain length on the relaxation
time in crystalline polymers will be discussed, {K) will be approximately
calculated following this procedure, and the influence of the energetically
less favourable rotation will be considered.

So far, the system has been considered in the absence of an electric field
and the equations given can be applied both to the polar and apolar chains.
Application of an electric field permits the rotation process of the pelar
chains to be studied separately. The polar group acts as a tracer by means
of which the relaxation process manifests itself as dielectric relaxation.
In a static field E a new distribution of the polar chains over the two holes
is set up. By dielectric relaxation is now meant the retarded adjustment of
this distribution.

It will be indicated how the average relaxation time = for our model can
be related to ¢(K) and the dielectric measuring quantities. In the poly-
crystalline material those crystallites are selected, whose dipoles include
angles with the field direction equal to 6; and é;+~ in holes 1 and 2
respectively. If in the dilute system, one neglects the influence of other
dipoles the potential energies in holes 1 and 2 are U,—uE cosf; and
U,+ pE cos 6; respectively. In practice the field strength is such that
uE <€ kT. Equation (3), which describes the rate at which deviations from
equilibrium are eliminated, now becomes :

={K)> [(n,~n,)—A); n,+n,=n; ©)

dt dr

where n; represents the total number of particles with orientation i in the
two holes. Under equilibrium conditions, unlike in the case where no
electric field is present, there will exist a difference between n, and n,.
Using Boltzmann’s theorem and the condition that ©E < kT, we now find,
after neglecting terms of the A? and higher orders,

A=npE cos 9,/ kT

_dn, _dn,

and, hence, for (6)
—dn,/dt=<K) [(2n, — n)) — nuE cos® 6,/ kT] )

The contribution of the n; dipoles to the polarization amounts to
P,=p(2n, —n)) cos b,
Using (7). the derivative of P, with respect to time is found
dP,/dt=2<{K)[—P,+ np*E cos 6,/ kT] 8
So, the rate at which the equilibrium polarization is realized upon generation
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of E is fully determined by the reaction rate constant {K). This becomes

clear when it is borne in mind that:

(i) equation (3) has been derived under the condition AU > kT and X is
determined almost completely by AU;

(ii) equation (8) has been derived for the case uE < kT.

In equation (8) 2 <K represents a reciprocal dielectric relaxation time

2<4K>=<1/7) 9

This time relates to the time the dipoles need for moving from the one hole
into the other. The polarization in the holes themselves and the associated
relaxation time is left out of account. The second term in the RH member of
(8) represents the equilibrium polarization P,, of the group of dipoles under
consideration. The total value of P., in 1 cm® sphere in which n dipoles
are present is found by averaging over all angles 6;: P, =nu*E/[3 kT.
1t is not our intention to indicate how P,, should be related to the dielectric
quantities ¢ and ¢,. The problems presenting themselves here have been
extensively discussed in the literature. They are related to the value of
the internal field E during application of an external field E, and to the
value of x when allowance is made for the dipole-dipole interaction. We
assume that in an alternating field where the frequency is small compared
with the frequency with which the polarization in the holes is established,
equation (8) remains valid. The relationship between <{1/7> and o,, i.e.
the circle frequency at which ¢” [the imaginary part of ¢ (iw)] becomes
maximum, can then be found in a simple manner. Choosing for E (iwf)
the Lorentz field E (iwf)=31e (inf)+2] . E, (ivf) we find the relationship

A/ (et 2)/ (e +2)]=0n (109

By means of (5) the experimental value of {1/7) can be related to the
potentials U ($) which determine the reaction constant <K).

For all the concentrations of model substances used, the ratio
(s+2)/(s+2) in equation (10) is approximately equal to 1-02, so that
{1/7) was put equal t0 ©,,

RELAXATION TIME AND CHAIN LENGTH

U () can be calculated essentially for chains of a given length incorporated
in crystallites of equal or greater length. In long chains torsion will play a
part, with the result that the chain is gradually moved across the potential
barrier. The maximum energy needed for transferring the chain from hole 1
to hole 2 will for these chains be approximately independent of the chain
length; with short chains this energy is approximately proportional to the
chain length. For rotations starting from the head or tail of the chain this
maximum energy, i.e. AU for $==/2, has been calculated by Frohlich?
With a view to calculating the integrals 7_ and I, in the expression of the
average reaction constant {K)», however, the whole variation of the function
U () for all values of ¢ is important. Following Frohlich, the chain is
considered to be continuous and the distance from a given point to chain
head is indicated by z,; in a chain of m monomers of length a therefore z,
is equal to ma. Assuming that the interaction—and twisting—energy are
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proportional to ¢? and (d¢/dz)* respectively, the internal energy of the
chain is found from
%
U=U0+fudz (11)
0
where u=1A4%a(d¢/dz)*+1B%*/a.

A? and B? have the dimension of an energy per monomer unit per radial
square. Integration is feasible if ¢ as a function of z is known; ¢ (2) is found
by minimizing the potential energy of the whole chain. In the case of
rotation starting from the point az, (0 << 2= 1) calculus of variation shows
that for (¢).,<<=/2:

(i) the function ¢ (2) in the LH interval 0 << z<C az, is determined by the
conditions B¢ =a*A* 4% /dz’ and (d¢/dz).-,=0.
(if) the function ¢ (z) in the RH interval az, << 7<< z,, is determined by the
conditions B*¢=a?A4? d%¢/dz? and (d¢/dz),,=0.
For the LH part of the chain with length «z, the following relations are
valid :

at,

AU= [(Au) dz (12)
0
and

ou ou de ou ou  d(A¢)
Au= | A¢+ A == | Ao+ ————~ ——~
“ (a¢) ** 3o/ @) (dz) (a¢) "t 5Geidd a2 Y
Upon substitution of (13) in (12) and partial integration we find for the
minimization condition :

au az, a2, au d au
AU= 2% A = s =
U= s@ra ™ +of [a¢ & (a(ds»/dz))]A‘”dz 0

At the point of application az, the condition A¢=0 must be satisfied. At
all other values of z the conditicn Au=0 is valid for all values of Ag,
which leads to conditions (i). Conditions (if) are derived in a similar way
for the RH part of the chain with length (1 —- 2) z,.
Using p as abbreviation of B/aA, we find the solutions
cosh (p2)

1 (2)=(9)azo cosh paz,

for 0<z<<agz, (14a)

cosh p (z,—2)
coshp(l-2a)z,

Integrating (11) and using the two conditions yields:
_ Ata de, do,
0=t G0 [(0 ) - (28)-0]

~U, + 2241, ttanh pz, + tanh p (1 - 0) 2, (15)
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The energy U is fully determined by the degree of twisting d¢/dz of the
two parts and by the value of the rotation angle ¢ at the point of application
where A¢=0. The final part of (15) furthermore shows that the energy is
proportional to the sum of the tanh of the lengths of the two parts, i.e.
proportional to tanh (B/A) am and tanh (B/A4) (1 —a) m. At a given value
of ¢as, U is minimum for «=1, because

tanh (B/ A) m < tanh (B/A) am+tanh (B/A)(1—a) m

Normally, when only one potential barrier has to be accounted for, the
influence of the shape of the potential function is disregarded. The approxi-
mate relaxation time is then found from the following relation

In 7 ~ constant + AU/ kT (16)

In our system the most important barrier is passed when the rotation is
characterized by «=1, i.e. head or tail end as point of application. Then
the chain is in a condition of maximum energy when its middle segment
has arrived at =/2 and according to equation (15) with =1 AU is given
by AU=AB(=?/4)tanh (Bm/2A4). By dissolution of ketones of different
lengths in paraffins, the slope S,,=(d log v/dm),, can in principle be derived
from dielectric loss measurements. From (16) it follows that for this slope
S~ 0536 (B*/ kT) sech? (Bm/2A). Hence, for a given slope and a given
chain length the relation between 4B and B/ A is approximatively given by

AB =~ 1-866kTS,, (B A)™* cosh® (Bm[2A4) a7

For each value of m, AB=cc if B/ A=0; the values of B/ A for which AB

is minimum satisfy (B/A)~'=m tanh (Bm/2A4). Our aim is to investigate

whether there exists one set of values of AB and B/A for which the
experimental curve of the slope S as a function of the chain length m can
be calculated by means of the theory set forth in the preceding section.

Should this be possible, then the curves in which AB has been plotted

versus B/A for a given chain length, will intersect in one point. The

significance of equation (17) is twofold :

() it indicates the shape of the AB versus B/ A plots numerically obtained
by applying the more exact elaborate procedure;

(ii) comparing the relaxation time obtained from the theory with approxi-
mate time found from (17), the influence of the less favourable rotations
and the shape of the potential function can be estimated.

According to the theory of the two-hole model the slope S, can, with the
aid of equations (5) and (9), be related to the quantity dlog {1//_I.>/dm

S = — (d log <1/1_1.> N dlog(1/0) )

dm dm (1%)
The value of the term dlog (1/{)/dm amounts to 5 to 10 per cent of the
value of S,, and may, to a good approximation, be obtained by assuming
that the friction coefficient of the chain is proportional to the number of
monomers: {={,m. The quantity {1/I_I.» can be calculated approxi-
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mately by calculating U (¢) and ¢ for any given point of application along
the chain (e =< 1):

Aja=2 ,—j— (19)

The equations (14) and (15) can be applied only in the range ¢az, << =/2,
For larger angles of rotation we selected a continuous series of chain
positions as represented in Figure 4. The value of z, for which ¢, (z)==/2
is here represented as 2.

72 z'

|

1
2a-1)zy az, zy

Z ———

Figure 4—Series of chain positions for a rotation starting
at the point azo

Four regions can be distinguished :

(@) Z =0z (B) RQa—1)z,<<7 < az,;

@ 0=7=Qa-12z,; ) Z=0.
From 7’ and the point of reflection of z with respect to the az, axis the
chain can adjust itself freely; the condition (d¢/dz).,,=0 should then be

satisfied for the regions (), (c) and (d). The expressions for U ($) and & in
the four regions are different. In (b) e.g.
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2 AB

4‘:2; {tanh pz’ -2 tanh p (a2, — ) + tanh p {z, (1-22)+ 2} +4p (a2, - 7]

Using a digital electronic computer the quantity d (log {1/1_1,»)/dm was
calculated for m=20, 25, 30, 40 and 60 for a large number of values of
AB and B/ A. In calculating { (1/1_1.) da no use was made of ,those values
of a for which (1/11;). <001 (1/1_1,).-,.

DISCUSSION AND EXPERIMENTAL RESULTS

Sillars® and Pelmore’ performed dielectric examinations on dilute solutions
of esters in paraffins. The frequencies of the maxima in ¢” for these model
substances, together with those found by us on stearone (C,,H,,COC,,H,;)
and nonapentacontanone (C,,H;,COC,,H,,) dissolved in low-density poly-
ethylene, are plotted as a function of m in Figure 5. The values of

6l Figure 5—Frequency of
maximum loss f,,, as a
function of the number of
- monomers m in the chain.
; Esters in paraffins: O
SiLLARS, R. W. Proc. Roy.
Soc. A, 1938, 169, 166; O
PeLMORE, D. R. Proc. Roy.
Soc. A, 1939, 172, 502.
Ketones in low-density poly-
o- ethylene: A Author

'ZF ! )

1
20 30 40 50 60
m

l g ,max
N
I

—(d 10g fmax./dm+0-4343/m) for the various chain lengths derived from
the experimental curve are marked O in Figure 6. Plotted in Figure 7 for
various chain lengths are those values of AB and B/A for which the
quantity dlog {1/I_1,)>/dm calculated by means of the computer corres-
ponds to this slope.

The curves intersect in the point: AB=5-9x 107" erg and B/A=
7-3x10-2 so that the following expressions are found for the two
parameters (where mon stands for monomer unit):

B*=4-3x 10" erg/mon rad? and 4>=8-1x 10~*? erg/mon rad® (20)
The curve in Figure 6, calculated by means of these values for AB and B/ A,
fits in well with the experimental points. The values of the energy para-
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Figure 6—Calculated {d log f,,, /dm+0'4343/m} versus m
curve; points indicated are obtained from experimental
log fu.r versus m curve

meters found from the point of intersection of the AB versus B/ A curves
with the aid of the approximation formula (17) are of the same order of
magnitude. This implies that the reaction rate constant is practically fully
determined by the rotation characterized by a=1, and that the influence of
the energetically less favourable rotations can be substantially neglected.

6040 30 25

0 002 004 006 008 010 012 0%
B/A

Figure 7—Values of the energy parameters 4B and B/A

for various chain lengths for which the calculated value of

the slope {dlog f,,, /dm}, equals the experimental value
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From (5), (9) and (10) it follows that
wn = (2kT O A /111D 2D

The value of the rotatory friction coefficient { calculated by means of (21)
with m=35is {=1-1 x 107" erg sec.

Measurement of the temperature dependence of the dispersion maximum
furnished a possibility of checking the AB and B/ A values found. To this
end the logarithms of the frequencies for which ¢” becomes maximum with
m=35 and m=159 have been plotted versus 1/T in Figure 8. The relation
found is linear, which implies that the activation energy AH, defined by

5
4L
3
= 3
2 Wﬂs k cat/mol

2 ' \

AH=24k cal/ mol

1 L 1 1 A 1 1
28 30 32 34 36 38 40
1/T x 103 °K

Figure 8—Log fn,, versus 1/T curves: O low-density
polyethylene plus (CaxsHsg)2 CO; % low-density polyethylene
plus (CirHsz): CO

the equation
o, =constant exp (—-AH/kT) (22)

is independent of the temperature.

In Figure 9 log {1/1_1.» is shown as a function of 1/7T. The function
was calculated for the values of the energy parameters given in (20) on
the assumption that these values are to a first approximation independent
of the temperature. Assuming that ¢ is also to a first approximation
independent of the temperature, the following relationship between AH
and the slope of the curves in Figure 9 can be derived from (21) and (22)

dlog {1/11.)
d@/7)

The values of AH calculated by means of (23) from Figure 9 with m=35
and m=359 amount to 181 and 20-7 kcal/mol respectively; the effect of

326

AH=RT-2303R (23)



DIPOLE RELAXATION IN THE CRYSTALLINE PHASE OF POLYMERS—II

—log {1/ 1.1,)

1 { 1 i ! } |
34 36 3-8 40
103/71

Figure 9—Calculated values of log (1/1_1 ) at various
temperatures

the rotations characterized by « <1 is slight here also; calculating AH by
means of the equation AH =~ RT —2-303Rdlog(1/I_1.),=,/d(1/T) we
find 17-9 and 20-5 kcal/mol respectively. The experimental values obtained
from Figure 8 are 19 and 24 kcal/mol respectively. Assuming (AU)um, =~
AH, then (AU)um, = AB (x%/4) tanh (Bm/2A)—which determines the mini-
mum height (AU)nm. of the potential barrier—yields a different method of
approximation for calculating AH. It appears that values of AH calculated
in this way with m=35 and m=159 are 17-9 and 20-4 kcal/mol. Miiller® in
Table 5 of his article mentions two values of the van der Waals potential of
one CH, group in solid paraffin calculated in different ways for a number of
¢ values; in Table 6 he gives the corresponding approximated values for the
repulsion potential calculated by means of Slater’s helium potential. From
these data we derive for B? either 14:6 x 10~* erg/mon rad® or 7-7 x 10~*
erg/mon rad®.

As to A%, we then expect a value of the order of the bond energy of one
CH, group in the chain. This is about 80 kcal/mol, which corresponds
to approximately 5 x 107? erg/monomer.

The values of A and B derived theoretically from the experiments with
model substances are reasonable therefore, while the activation energies
calculated with these values fit in well with the experimental values, The
dielectric low-frequency losses in oxidized high-pressure polyethylene are
related to the crystalline percentage and are probably caused by a similar
motion process. The theory may probably be helpful here to explain the
changes in frequency location and the amount of the losses occurring
after mechanical and thermal treatments. Of late increasing interest is
being taken in the existence of a more than qualitative correlation between
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dielectric and mechanical losses. It is not impossible therefore that the
mechanical low-frequency losses (o peak) are also produced via a chain
rotation in the crystallites.

The author is indebted to Dr C. van Heerden for valuable discussions in
the preparation of this paper and to Dr R. Notrot, under whose supervision
the calculations with an electronic computer were made.

Centraal Laboratorium,
Staatsmijnen in Limburg,
Geleen, The Netherlands
(Received August 1962)
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Crystallization of Gutta Percha and
Synthetic trans-1,4-Polyisoprenes’

W. CooPER and G. VAUGHAN

The crystallization of gutta percha and synthetic trans-14-polyisoprene has
been studied by differential thermal analysis and by dilatometry. Rate con-
stants have been obtained for crystallization from melts and for interconversion
of the isomorphous forms. Synthetic polymers of the highest trans-1,4 content
crystallize at essentially the same rate and to the same extent as do the natural
polymers. The transformation of B to a crystalline forms occurs rapidly over
the narrow temperature range from 53° to 63°C.

Polymers containing appreciable amounts of the 8 form show some pre-
crystallization at 40° to 45°C prior to melting which may amount to as much
as 25 per cent of the total crystallinity. Admixture of natural rubber with
trans-polyisoprene causes a marked reduction in rate of crystallization, but the
melting points and the volume fractions of gutta percha which crystallize are
not reduced. The reduction in rate is ascribed mainly to an increase in the

bulk viscosity of the mixture of gutta percha and rubber.

NATURAL trans-1,4-polyisoprenes, gutta percha and balata, exist in two
forms (« and ) in the unstressed conditions, of different melting points
and with distinguishable crystalline lattices. It has been established that
cooling rapidly from elevated temperatures gives the low melting (8) form
which is transformed into the more stable « form on heating at temperatures
close to the melting point of the 3 form'. The experimentally determined
melting points obtained by rapid heating have been found to lie as much
as 8°C below the equilibrium melting points®. More recently differential
thermal analysis (DTA) has shown that the relative proportions of « and
B forms depend on the rate of melting as well as on the thermal history
of the sample®. It was also shown that synthetic trans-polyisoprene (TPI)
behaves in essentially the same way. However, little is known of the speed
of isomerization and there are also little published data on the rates of
crystallization of these polymers. It is the purpose of this paper to clarify
these aspects and to compare gutta percha with synthetic trans-polyisoprenes
obtained by various coordination catalysts. In addition the influence of
blending natural rubber with the gutta percha on the crystallization
behaviour is examined.

EXPERIMENTAL
DTA

The equipment for this work has been described elsewhere®; for the
present report the more sensitive apparatus with isolated cells, which
requires 2 g samples, was employed.

*Paper presented at the Eleventh Canadian High Polymer Forum, Windsor. Canada, 5 to 7 September 1962,
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Dilatometry

Standard U type dilatometers fitted with lower tungsten contacts were
used. Samples were outgassed at 10~* mm of mercury at 80° to 90°C before
filling the dilatometers with mercury to a standard reference mark at 80°C.
Samples of 2 to 3 g were used for the rate measurements and 0-1 to 0-2g
for the melting curves. Capillaries were 1:25 mm and 0-50 mm i.d. and bulb
sizes were 10cm® and 1cm® respectively. Heating rate in all cases was
6°C/h. Volume changes were followed continuously using the automatic
tracking device described previously®. Several samples of trans-
polyisoprene, both -natural and synthetic, gave an average value of
1150 cm?®/g for the specific volume of the amorphous polymer at 80°C
with an extrapolated expansion coefficient of 8-2x 10~*cm®/g °C over the
range 20° to 80°C, in good agreement with published data'?. Estimates
of the degree of crystallinity from dilatometric data necessitate accurate
values for the densities of the two crystalline forms, obtained from electron
and X-ray diffraction studies. Mandelkern® used the values 1-04 g/cm® and
1-05 g/cm?® for the 8 and « forms respectively which had been proposed
by Fisher®. However, from the cell volumes given by Fisher the densities
are calculated to be 1:02(7)g/cm® and 1-05(6) g/cm®. As the differences
between these -densities could arise from an error of one per cent in
estimating unit cell dimensions (an error less than those quoted in the
literature®), it does not seem justifiable to place too much reliance on
them, and we have taken a mean value of 1-04 g/cm?® at 20°C to apply to
both forms. The coefficients of expansion for the crystalline forms of
4-7x10*cm®/g °C, derived from melting curves and the estimates of
crystallinity, are therefore dependent on the precision of this value.

Kinetic data are expressed in terms of the equation

C:=C, {1l —exp(—kt™}

based on the Avrami relation’. C, and C,, are the fractions of crystalline
material after time ¢ and after infinite time, the latter value being deter-
mined by extrapolation.

Plasticity measurements were made using the Wallace Rapid Plastimeter.
The results are expressed in arbitrary units, the higher the number the
higher the bulk viscosity of the material.

The following polymers were examined: Tjipetir gutta percha, three
grades of balata and three synthetic trans-1,4-polyisoprenes distinguished
by the catalysts used for their preparation

[A, VCI,—AIEt,; B, TiCl,—Al(Et), and C, VCl,—AIEt,—Ti(OPr),].

RESULTS

Melting points of isomorphous forms

The = form of gutta percha annealed at 56°C had a m.pt of 66°C.
When the annealing temperature was raised the melting point progressively
increased; annealed at 64°C the polymer had a melting point of 70-5°C
(Figure 1).

The B form, obtained by rapid chilling from 80°C, had a melting point
of 57°C. Annealing at 53°C resulted in a progressive increase to 60°C.
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Figure 1—Change in proportions of ¢ and 8 polymers
(upper curves, full) and in melting points of the ¢ form
(dashed), of samples of gutta percha heated at 64°C.
Initial treatment (lower curves): annealed (full), rapidly

chilled (dashed)
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Figure 2—Differential ther-

mograms of gutta percha:

(a) Chilled rapidly to 0°C,

(B); (b) Slowly cooled, (a

and B); (c) Annealed at 58°C,
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(Dilatometric values were somewhat higher than those obtained by DTA,
namely, 68° and 57-5°C.) In Figures 2 and 3 is shown the dependence of
crystalline form on the thermal treatment of the polymer. Blending of

w 13
=
§
']
E 109
S
v 107
§
& 105
103 ] ! L 1 1 1
20 30 40 50 60 70 80
Temperature,®C

Figure 3—Specific volume/temperature curves for gutta percha: (a)
Chilled rapidly to 0°C, (8); (b) Slowly chilled, (¢« and B); (c) Annealed
at 58°C, (a)

natural rubber (up to 40 per cent of the mixture) with gutta percha caused
no depression of melting points.

In Table 1 are melting points (DTA) for synthetic trans-polyisoprenes
obtained in the different crystalline forms.

Table 1. Melting points of trans-polyisoprenes

trans-Polyisoprene M.pt, °C
@ B
Type A 67 — .

65-4 60-5 (also small transition at 49°C)
— 56'5
65 59
— 56'5

C 64 58 (additional transition at 52°C)

Crystallinity—Table 2 gives the crystallinities of the polymers, alone
and in blends with natural rubber. In blends the crystallinity is based only
on the amount of ¢trans-polyisoprene present.

Table 2. Crystallinities of gutta percha, trans-polyisoprenes and blends with
natural rubber

Polymer % Crystallinity
a B*
Gutta percha 4?2 32 (3N
Gutta percha/Rubber 90/10 (w/w) 39 29 (37
75/25 41 34 (37)
60/40 41 34 (36)
trans-Polyisoprene Type A 34 29 (32)
Type B 32 —
TPI-A/Rubber 75/25 (w/w) 36 —_

*Numerals in parentheses refer to total crystallinity including the partial recrystallization which occurs
at 40° to 45°C (sec Discussion).
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Table 3. Dependence of isomerization rate on annealing temperature

Half times (h) for B -> o isomerization*

Annealing Gutta Gutta percha[rubber blends TPI
temp.°C  percha 90/ 10 75/25 60/40 Type A
52 — (100) — — — 155

54 05t (5) - — — 34

56 10 (0°5) 135 20 30 34

58 12 (1-5) 15 23 27 —

60 79 — 83 143 V.large —

68 — (100) — — — —

*Most of the data refer to dilatometric measu-ements, numerals in parentheses obtained by DTA.
tSample incompletely molten.

Table 4. Rates of crystallization of gutta percha, trans-polyisoprene and blends with
natural rubber

Gutta percha
Crystalliza- k Experi- Crystallinity
Polymer temp. Calc. for mental T1/2 (on gutta
composition (8] n=3 value of {min) percha)
(t in min) n
52'5 3-39x10-? 3-:00 593 0-35
510 120X 10-8 3-00 413 037
100/0 475 1-88x10-7 3-05 177 035
450 1-14X10-8 2:74 96 0-36
425 5:25x10-¢ 3-00 54 037
50 3-39X10-1° 2-81 1270 0-39
90/10 475 2:37x10-9 2-84 695 039
450 141X 108 3-:00 365 038
42'5 1-34X10-7 3-50 170 0-38
50 2:96 X 1010 2-81 1330 0-39
75/25 475 3-11X10-° 3-00 620 0-40
450 2-:00x10-8 3:00 336 0-40
42'5 1411 X10-7 3-00 183 038
50 2:87X10-11 3-02 3180 0-39
60/40 475 3-04x10-10 2:76 1380 0-40
450 194X 10-* 3:00 740 0-40
425 1-80%X 108 3-00 365 039

trans-Polyisoprene, type A

50 4:46x10-? 300 600 029
100/0 475 4-66X10-8 3-00 252 0-29
45-0 3-12%x10-7 3-00 130 0-29
50 4-79X 10-11 300 2430 034
75/25 475 3-89 10-10 3-00 1215 0-34
45-0 3-11x10-° 3-00 600 034
Table 5. Rates of crystallization of natural trans-polyisoprenes
1172 9140°C n
Sample (min) 100 ml g—1
Tijipetir gutta percha 27 1-74
Manaos balata 46 1:54
Demerara balata 15 1-58
Aniba balata 14 1-87
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Transformation of B to « form

Table 3 gives typical data for the times of half change from the 8 form
for gutta percha, blends with natural rubber and trans-polyisoprene.

Samples of chilled gutta percha and gutta percha annealed at 58°C for
24 hours were stored at 64°C for varying periods. They were then rapidly
chilled and examined by DTA. The changes in the proportions of « and
B are shown in Figure 1.

Rates of crystallization

In Table 4 are given summarized data for the different polymers and
blends. Plots of log {In1/(1-C,/C,)} against logt gave good straight
lines up to 60 per cent crystallization for the blends with natural rubber
and to 55 per cent with pure gutta percha. Calculation of the overall rate
constant (k) was from the best line of slope 3 through the points; comparison
with the actual experimental values of the gradients indicated that deviations
from 3 were small. The times for half-crystallization (7,,,), were obtained
directly from experimental data.

Table 5 shows comparative crystallization rates of four natural trans-
polyisoprenes (within experimental limits the crystallinities and melting
points were identical). Intrinsic viscosities of the polymers (benzene, 32°C)
are also given.

DISCUSSION
Melting behaviour

The melting points of the two isomorphous forms of gutta percha are
in agreement with values obtained elsewhere®. Over the range of heating
rates from 1 to 15 degrees per hour the melting points did not vary
greatly, although there was a small increase at the lowest rates.

When the 8 form of gutta percha is heated melting starts to occur at
about 40°C and is followed by some crystallization at about 42°C. The
extent of the recrystallization is considerable and it can account for up
to 25 per cent of the observed crystallinity (Table 2). It has been suggested®
to be the result of alignment after melting of stress-distorted crystallites
formed during the rapid cooling which is necessary to obtain pure 8 form.
As would be expected, neither the stretched 8 form of gutta percha nor
the « form of the polymer show any recrystallization before melting. If
the sample is heated at 45°C and slowly cooled there is an increase in
density. Remelting then occurs without any recrystallization and the whole
melting transition is of B8 polymer (Figure 4). The possibility that the
volume contraction (Figure 5) results from the collapse of voids produced
in the polymer by rapid cooling (voids are produced by stretching gutta®)
is ruled out, since DTA shows heat liberation at corresponding tempera-
tures (Figure 2). The small but well defined transitions which are found
on occasion with both natural and synthetic polymers are likely also to
result from partial melting of disordered crystallites. Since these transitions
occur over a fairly wide temperature range, and particularly as they are
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Figure 4— ——®—— Normal specific volume/temperature curve.
—O—— Sample heated to 45°C, cooled to 20°C and sub-
sequently heated to 70°C

most frequently detected in synthetic trans-polyisoprene of lower steric
purity, where the formation of imperfect crystallites might be expected,
it would not be justified to assume the existence of other isomorphous
forms. The melting point of 8 polymer increases from 56° to 57°C to
58° to 60°C when it is heated for long periods at 53°C; slow crystallization
from the melt (such that some « polymer is produced at the same time)
also results in a higher melting point. Presumably under these conditions
more perfect crystallites are obtained.

The melting of « gutta percha starts at 58°C, is rapid at 62°C and is
complete at 66° to 67°C. As with the 3 form, the melting point is unchanged
over the range of heating rates used, except at the lowest rate.

1-080; -
o
&
£
(]
o 1070|
Figure 5—Precrystallization in 8 g
gutta percha (: , Annealed ‘g
--2) .
G
& 1060| -
n

-
1 ! !
105075 30 40 50
Temperature, °C’

The behaviour of TPI was parallel to that of gutta percha, and with
carefully purified samples virtually identical melting points were obtained.
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With synthetic polymers of somewhat lower steric purity the melting
points were more dependent on the cooling conditions. Slow cooling gave
higher and more sharply defined melting points. The cause of this behaviour
is not clear but it is not necessarily the result of cis-1,4 or 3,4-monomer
units in the chain, since bands corresponding to these structures have not
so far been identified in the near infra-red spectra. A possible explanation
is that it is due to the very
high molecular weights or to
70l branched molecules, which
are characteristics of many of
the synthetic polymers. Thus

on mastication the amount of

\ lower, indeterminate, melting

decreases and the melting

71,7180 min Ty;80 min points of both forms increase
60t (Figure 6).

It had previously been ob-
\ / served® that the ratios of z

to B forms were dependent
on the temperature at which
the sample had been heated
before obtaining the differen-
501~ tial thermograms. This was
thought to be due to the pre-
sence of nuclei existing in the
sample at a temperature
several degrees higher than
the experimental melting
point. Some confirmation of

Temperature, °C

A this view has now been ob-

a b tained from crystallization

rates. Although samples of

AT == gutta percha did not show

any volume change other than

Figure 6—Effect of mastication purely thermal expansion

on .meltlng behaviour of syn- above 67°C, the crystalliza-
thetic  trans-1,4-polyisoprene: . o .

(a) initial, (5) milled for 30 min tion kinetics were not repro-

ducible unless the polymer
had been melted at tempera-
tures higher than 75°C (Table 6). :

This is clearly the result of persistence of nuclei within the apparently
molten polymer, and it is the presence or absence of these nuclei which
determines the proportions of the two isomers on cooling. When heated
above 80°C and cooled rapidly, the polymer consists wholly of the 8
form*. Annealing 8 polymer has no effect up to 52°C, but transformation
to @ polymer occurs rapidly over the range 53° to 60°C. If the « polymer is

*The carlier report’ that some « polymer was always produced on rapid chilling referred to 10 g samples;
with small samples (1 to 2 g) only the 8 form is detected.
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Table 6. Influence of melting temperature on crystallization at 40°C of gutta percha*

Melting temp., °C 60 65 70 75 80 85

T1/2, min 19 16 24 32 34 34

*Sample heated 15 min at stated temperature. Thermal equilibrium was reached in 3 to 4 min at 40°C.

heated at 66°C, some melting occurs and the 8 form is subsequently found
after chilling; the remainder appears as « form from retained « nuclei.
The proportion of o polymer and its melting point both increase as the
time of heating is prolonged.

Slow cooling gives a mixture of the two forms in roughly equivalent
amounts. The proportions of « and 8 polymers found in mixtures seems to
depend on the rate of heating the sample, an increase in rate being associated
with an increase in the proportion of the 8 form®. It was thought that at the
lower rates some melted 8 form has time to recrystallize on to existing
@ nuclei or crystallites to give an apparent decrease in the proportion of
B polymer. However, since pure {3 thermograms have now been obtained,
even at the lowest rates of heating, the effect can only be important in the
presence of some of the « form. An alternative explanation is that melting
of o crystallites starts before the 3 form is fully molten, particularly with
rapid heating rates, so that some of the less ordered « crystallites are
included in the B peak.

The results obtained by dilatometry and DTA in Table 3 for the trans-
formation of 8 to « differ quite markedly, the former technique showing
very much slower rates. This is not unexpected. In the former case the
whole process takes place from an amorphous state at the temperature of
the experiment, whereas in the latter the sample is chilled prior to DTA,
and it would be expected that there would be rapid growth on existing
a nuclei as the sample is cooled. « Nuclei form only near to or. above the
melting point of 8 polymer and when samples are rapidly chilled very
few are produced. That some are formed, however, is shown by the fact
that subsequent transformation to « polymer on annealing is faster than
crystallization of polymer which has been fully mélted and then cooled
to the appropriate temperature. The fraction of « polymer is thus a measure
of the « nuclei formed as the sample cools over the temperature range
53° 10 60°C.

The crystallization of trans-polyisoprenes shows precisely the same
features as the natural polymers.

Incorporation of rubber in gutta percha does not depress the melting
points of the two forms, but it increases the fraction of the gutta which
crystallizes and reduces the proportion of precrystallization when in the
B form. Rubber is retained in the amorphous region of the polymer and,
because of the reduction in the rate of crystallization (see below), time is
available for equilibrium to be achieved. The fraction of crystalline polymer
is also increased by annealing; at 45°C to give 8 polymer (Figure 4) and
at 55°C to « polymer (Table 2). The influence of annealing or the presence
of rubber on the fraction which crystallizes can be explained if less volume
is excluded between crystallites as a result of reduced nucleation relative
to growth'.
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The transformation of 8 to « polymer in blends with rubber is parallel
to that of the pure polymer being in all cases much faster than corresponding
crystallization from melts.

Kinetics of crystallization

(i) Pure polymers—The kinetic data in Table 4 are seen to give values
for n in the Avrami equation close to 3. This implies that if growth of
nuclei is spherical then the number of nuclei present remains constant
during crystallization'*: ', The dependence of the rate of crystallization of
gutta percha on temperature (7) is of the right order if the literature value
for the equilibrium melting point (T'.) of 74°C is accepted?, only a slight
deviation from linearity of the function (T,./T»—T)*. (1/T) versus k being
observed®!- % (Figure 7). trans-Polyisoprene (type A) fitted the same curve
if T. was taken to be 72°C, somewhat lower than gutta percha. With
synthetic trans-polyisoprenes there was in general considerable variation in
the rates of crystallization, dependent not only on the catalyst system
employed but also from batch to batch using the same catalyst. These
differences (r,,, varying from 11 to 55 minutes at 40°C), as in the case
of the melting characteristics, may be due to minor but undetected changes
in microstructure. (It should be mentioned here that the natural polymers
likewise show some variation in crystallization rate dependent on the source,
Table 3). On mastication a branched, high molecular weight trans-
polyisoprene (type C) of somewhat lower steric purity (97 per cent trans-1.4)
increased not only in melting point but also in rate of crystallization
(Figure 6).

(ii) Blends with natural rubber—The effect of blending natural rubber
with gutta percha in reducing the crystallization rates could be attributed
to three possible causes:

(1) a decrease in the equilbrium melting point'? %1%,

(2) a reduction in the volume in which nucleation and crystallization can
occur'®**, and

(3) a decrease in the mobility of polymer chains as a result of the high
molecular weight of the blended rubber.

The first possibility can easily be shown to be inadmissible. From the data

in Figure 7 and the crystallization rate constants of the blends it is possible

to calculate what the equilibrium melting points of the gutta would have to

be to account for the results. The calculations are shown in Table 7.

A progressive decrease in melting point would be required as the rubber
content increases. Experimentally it is found that the melting points are
independent of rubber concentration and are the same as those of the
pure polymer.

The excluded volume theory likewise fails to account for the kinetic
results. The treatment of Gent'® can be followed to calculate the influence
of rubber on the extent and rate of crystallization. It can then be shown
that the extent of crystallinity in the presence of rubber (C,). is related to
that in its absence C,, by (Cy)-/Cx=¢exp(—r) and the corresponding
crystallization half times by (r,,.)./7,.=expr/n. So far as extent of
crystallinity is concerned the agreement is fair and the theory certainly

338



CRYSTALLIZATION OF GUTTA PERCHA AND POLYISOPRENES

Table 7. Calculated equilibrium melting points (°C) for gutta percha blended

with rubber
Crystallization Gutta percha/rubber
temp., °C 100/0 90/10 75/25 60/40
500 T,=74 685 685 67-4
475 74 686 69-0 66'4
450 74 682 686 660
42'5 74 685 682 66:0
103

Figure 7—Variation of overall crystalliza-
tion rate constants (time in minutes) with
temperature. T, =347A (gutta percha
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predicts an increase in the fraction of gutta which crystallizes, in accordance
with experiment (Table 8) but the retardation of crystallization is very
much greater than would be calculated from this theory.

The dominant factor determining the rate of crystallization appears to
be the mobility of the chain segments. It would be predicted that the
higher the bulk viscosity the lower the crystallization rate and, in addition,
because of the extra time available for segments to be incorporated into a
crystalline lattice, there would be some increase in the degree of crystal-

Table 8. Influence of rubber on crystallinity of gutta percha

Volume fraction

€ )1(C)

ofgutltapercha Temperature, °C '( )
— €ex —
B =n 50 475 450 425 pi=r
1-000 1-000 1-000 1000 1000 | 1000
0904 0-963 0-991 0956 0-948 0-905
0758 0-799 0851 0833 0785 0787
0610 0-643 0681 0699 0663 0677
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linity. These views are supported by the data in Table 9 where it is shown
that blending 25 per cent of a liquid cis-polyisoprene, which increases the
plasticity, also increases the rate of crystallization, whereas 25 per cent
of crépe rubber decreases the plasticity and rate of crystallization.

Table 9. Influence of plasticity on crystallization of gutta percha blends

75/25 blends T1/2 a1 45°C % Crystallinity Plastimeter
gutta/cis-polyisoprene (min) of gutta reading
cis-Polyisoprene 190 36 3

[n]=023
Masticated rubber 370 37 75
[71=15
Crepe rubber
[7] =60 465 39 19
No additive 240 32 7

The authors wish to acknowledge the experimental assistance of
Miss R. K. Smith and Mr J. Yardley and to thank the Dunlop Rubber
Company Limited for permission to publish.
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Solid State Polymerization of
p-Propiolactone

C. Davip, J. vaN DER PARREN, F. ProvoosT and A. LiGorTl

The rate of polymerization of B-propiolactone in the solid state and the

molecular weight of the resulting polymer have been studied as a function

of dose, dose rate, temperature, oxygen content of the monomer and

initially formed polymer. Some other physical and chemical properties of

the polymer are reported. The experimental results are discussed on the
basis of stationary and non-stationary state mechanism.

SoLID state polymerization initiated by y-rays has been the subject of
many studies in the past few years'~'®. In most cases, however, the exact
reaction mechanism is not known and no definite proof exists about the
nature of the initiating species.

This work describes the solid state polymerization of B-propiolactone
between —-45° and —110°C. The kinetic behaviour of this monomer is
very different from that of solid vinyl monomers; the reaction rate, which
is negligible at low temperature in the liquid state, becomes important in
the solid state; the maximum conversion remains far below completion
and shows a temperature dependence, while the molecular weight decreases
when the irradiation dose increases.

Th polymerization rate and the molecular weight of the polymer have
been measured as functions of the radiation dose and intensity, and the
temperature and dimensions of the monomer crystals,

EXPERIMENTAL

The polymerization reaction

The monomer was dried, distilled under reduced pressure and degassed
under high vacuum and its purity checked by vapour phase chromatography.
The bulbs were filled and emptied under high vacuum. The polymer pro-
duced was determined by weighing. To obtain small crystals, the bulbs
were rapidly cooled to —78°C; larger crystals resulted from a slow cooling
process. The bulbs were kept at constant temperature in dry ice-acetone
mixture or in various solids at their melting point. Irradiations were carried
out with two °°Co ~y-ray sources with doses of 19300radh~' and
2:50 x 10° rad h=! respectively. The radiation dose was measured with a
ferrous sulphate dosimeter and corrections were made for absorption in
the cooling media.

Polymer properties

The molecular weight of the polymers was measured viscometrically and
by vapour pressure osmometry in chloroform solution'®. Titration of acid
groups was carried out by dissolving the polymer in hot chloroform, adding
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an equal volume of methanol (50 ml for 100 mg r polymer) and neutralizing
with alcoholic potassium hydroxide (0-05N), the equivalent point being
determined with a glass electrode. Determination of double bonds was
tried by three different methods described respectively by Price®’, Wys*!
and Hiibl*2,

The first two methods were ineffective with double bonds having C=0
groups as a-substituents. In the third method, standardization with methyl
acrylate showed that only five per cent of these double bonds could be
titrated. Double bond evaluation by u.v. absorption spectroscopy is not
feasible because of the lack of solubility of the polymer in adequate solvents.

The ir. spectra of polymer films were obtained with a Perkin-Elmer
Infracord spectrometer. The determination of double bonds and possible
B-propiolactone cyclic end groups was performed with a double-beam
model 21 Perkin-Elmer spectrometer, using a ten per cent solution of the
polymer in chloroform.

Nuclear magnetic resonance spectra were studied with a Varian type
apparatus using a ten per cent solution of the polymer in deuterated
chloroform. Electron micrographs were obtained with a Siemens type
Elmiskop 1 microscope using carbon replicas and palladium shadow casting.

RESULTS

Effect of irradiation time and temperature on degree of conversion and
molecular weight of polymers

The rate of polymerization, which is relatively high in the initial stage
of the reaction, decreases very rapidly after an irradiation dose of about two
to six megarads (Figures I and 2),

30 8

N
(=4

*/s Conversion

—
o
T

10

Dose, Mrad

Figure 1—Percentage conversion as a function of irradiation
dose in megarads (dose rate 2:5X 105 rad h—1)
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The extent of reaction at constant irradiation dose increases with the
temperature, except at the higher temperature (—45°C) in the vicinity of
the melting point of the monomer (—~35°C).

30}

. 20}

o

wn

©

>

c

Q

3

s 1ol 2 Dose rate 19000 radh’!
o Large crystals: dose rate 2:5x10%rad h'!
s Small crystals: dose rate 2-5x10%rad h'!

P X . . A
0 2 4 6 8 10

Dose, Mrad

Figure 2—Percentage conversion as a function of
irradiation dose in megarads at —80°C

At constant temperature, the intrinsic viscosity decreases at high con-
version; at constant dose of irradiation it increases with the temperature
(Figures 3 and 4).

Effect of intensity of irradiation
The experiments at —80°C were repeated with a dose rate of 19300

rad h~'. The extent of reaction and the intrinsic viscosity increase slightly
when the dose rate decreases (Figures 2 and 4).

Effect of physical state

The polymerization at —45°C, which for a solid monomer proceeded to
about 22 per cent, did not occur at all when the monomer was kept liquid
below its fusion point. Two series of samples, one containing small and
the other large monomer crystals, were irradiated under identical conditions
(—78°C); no difference at all was detected in the rate of reaction, while
the DP increased only slightly for the large crystals (Figures 2 and 4).

Effect of presence of oxygen and initially formed polymer on the
polymerization

The rate of reaction and the DP of the polymers formed are not affected
by the presence of oxygen. Several experiments were carried out in order
to determine the influence of initial products, The monomer was irradiated
in one branch of a U-shaped tube to a conversion of 21'5 per cent; the
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mixture was liquefied and all volatile compounds were then distilled into
the other branch which was sealed off at the central constriction. On re-
irradiation the same yield was obtained. In a second experiment, the

1-1F1240-980
—0-8
-06
o~ 104
—0-2
-0
01

Dose, Mrad

Figure 3—Intrinsic viscosity as a function of irradiation
dose in megarads (dose rate: 2:5X 105 rad h—1)

monomer was polymerized to 21-5 per cent conversion, melted, recrystal-
lized and subjected to further irradiation, which yielded only 12-5 per cent
of polymer, calculated from the amount of monomer left after the second
irradiation. Finally, two solutions of 25 per cent polymer in monomer were
crystallized and yielded on irradiation conversions of 12:2 and 14-3 per
cent respectively. :

Effect of post-irradiation

An effect of post-irradiation has been observed. After an irradiation dose
of 0-1 megarad at —80°C, the conversion is 2-3 per cent when the irradia-
tion stops but increases to 5 per cent after 20 hours.

Physical and chemical properties of polymer

X-ray diffraction analysis of the polymer reveals the existence of an
ordered fibre-like structure with a melting point of 92° to 93°C. The ordered
fibre-like structure is confirmed by electron microscopy (Figure 5) of a
polymer crystal. If, however, the low melting point of the monomer
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11t

o Large crystals: dose rate 25 x 10° radh’
ogt v Small crystals: dose rate 19000 rad h*!
o Small crystals: dose rate 25x10% radh’

[n]

01

Dose, Mrad

Figure 4—Intrinsic viscosity as a function of irradiation
dose at —80°C

does not allow the polymerization to be followed by this method, the
polyester structure was proved by i.r. spectroscopy (Figure 6), which showed
the presence of the characteristic C—0O and —C—O— bands near 1 740,
1200 and 1000cm™. From nuclear magnetic spectroscopy (Figure 7)
the same conclusions may be drawn. The values* of r obtained for the

o

two triplets were 7:29 and 5-54, which correspond to the —C—CH, and
O-—CH, protons®® respectively.

End groups were shown to be —COOH and CH,—CH-—. The number
of acid groups was determined by titration with potassium hydroxide and
found to be equal to the number of macromolecules. These acid end
groups are formed directly during the polymerization and not by reaction
of a possible ketene terminal group with a water molecule during polymer
isolation. This was shown by the following experiment. A tenfold excess
of absolute methanol was poured under vacuum on the polymer—-monomer
system after irradiation but before melting of the monomer. After 24 hours,
the monomer was melted; after another 24 hours, the polymer was isolated

*r=10 000 - 10° (Agp, —Apyg) Apyg:
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Figure 5—Electron micrograph of B-propiolactone polymer
(60 000X)
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Figure 6—Infra-red spectrum of B-propiolactone polymer (film on sodium chloride)
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and titrated; the same number of acid groups per molecule was found as
in the usual experiment. (It should be remembered that a terminal ketene
group —CH=—C=0 would react with a methanol molecule to give an
ester group —CH,"CO-OMe instead of the acid group formed in the pre-
sence of water.)

—~——incr. H
Figure 7—Nuclear magnetic spectrum of B-propiolactone polymer

Double bonds could not be determined quantitatively as explained above.
The absence of terminal four-membered rings was established by ir.
spectroscopy.

An approximate relation between {4] in dimethylformamide and M,
could be derived from measurements of the intrinsic viscosity together with
number average molecular weights obtained by vapour pressure osmometry
with low molecular weight polymers (irradiation doses lying between 5 and
11 Mrad). The polymer was precipitated from a hot solution of dimethyl-
formamide into water. One obtains thus

[r]=6-65 x 10-4 Mo

The precipitation produces a loss in weight of 5 to 10 per cent. The
variation in intrinsic viscosity after and before precipitation is never larger
than 10 per cent.

DISCUSSION

As a general rule it is very difficult to determine by normal kinetic methods
the exact mechanism or the nature of the reactive species in polymerizations
in the solid state. However, if one assumes that the reaction is of the
anionic type, since it is well known that 8-lactones in solution® are sensitive
to nucleophilic attack of anions such as OH-, Cl-, CH,—COO-, etc., the
initiation may take place by interaction of an electron and a monomer
molecule, resulting in scission of a proton

CH,—C=0 CH —C=0|- CH—COO~
e+ | . =] I — | +H
CH,—O CH.— CH,

The propagation step could then be

R; + CH,—CO—>R,—CH,—CH,—COO"
| l
CH,—O
where R is the growing anionic chain.
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The exothermicity of the polymerization of four-atom-ring monomers is
mainly due to cyclic strain in the monomer. It has been calculated for
butane®* and measured for 3,3’-bis(chloromethyl)oxacyclobutane?® in the
liquid state. The values* were respectively 22 kcal/mole and 20-2 kcal/
mole. It must be noted, however, that the differences in enthalpy and
entropy associated with the two polymerization steps :

n-C3H402 solid —> solid polymer
n-C,H402 liquid —> solid pOlyme

at the same temperature are the heat and entropy .of fusion of the mono-
mer (assuming the polymers formed to be identical. These values are not
known, but must be very small for cyclic compounds such as 8-propiolactone
in which some free rotation persists in the solid state. As an example the
enthalpy and entropy of fusion are respectively 0-14 kcal/mole and 0-81
cal/deg. mole for cyclopentane, 2-006 kcal/mole and 13-9 cal/deg. mole for
pentane.

From a kinetic point of view, the much higher rate of polymerization
in the solid state as compared with the liquid state may be due to different
factors: ,

(i) the activation energy of the propagation step may be lowered by
polarizing effects of the crystalline network;
(i) the lifetime of a reactive species in the solid state may be longer than
in the liquid state;
(iii) the frequency factor may be larger due to the orientation of the
monomers in the crystalline state.

On account of the low melting point of S-propiolactone, it was impossible
to determine its crystallographic characteristics. The structure, however, of
the very similar diketene is completely described in the literature®”; more-
over, this monomer shows the same polymerization behaviour under
irradiation. From the construction of a three-dimensional model of this
crystalline material, it could be demonstrated that the propagation step
along the a axis requires very little displacement of the monomer molecules.
The spatial arrangement of the monomer is such that an eventual reaction
between the growing chain and the hydrogen atom of the monomer along
the b axis may be very likely. Indeed, the occurrence of a transfer reaction,
which might correspond with the abstraction of a proton as in the Perkin
reaction

R,—CH,—CH,—COO™ + CHQ—(IZ:O
CH,—O
—R,—CH,—CH,—COOH + CH—COO-

2

is confirmed by experimental results. From a comparison of the value of
G and the DP of the polymers formed, one obtains a value greater than

*15 to 25 kcal/mole are common values for vinyl polymerization.
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five for the ratio of Giation=G/DP, whereas the value normally would be
between 0-1 and 0-5 for the solid state*.

Another peculiar characteristic of the polymerization is the temperature
dependence of the degree of conversion; this cannot be attributed to
equilibrium between polymerization and depolymerization since the con-
version becomes higher with increasing temperature. The intensity depend-
¢énce of the maximum conversion is negligible. The data of Figure 2 show
that the maximum conversion obtained at —80°C for two dose rates of
2-5x10°rad h™* and 19300rad h—! is proportional to I~°°:, A reaction
order with respect to monomer cannot be found from the data of Figures
Iand 2,

A kinetic scheme involving non-steady state kinetics can qualitatively
justify the most characteristic experimental results, viz. observation of a
conversion, the temperature dependence and lack of intensity dependence
of this maximum conversion, the decreasing mean molecular weight with
increasing time of irradiation, and the impossibility of establishing a normal
order of reaction with respect to the monomer. We suppose, as suggested
by Ballantine for acrylamide, that the initiation takes place at active centres,
probably crystal defects in solids. A true termination is excluded; the
growing chain probably becomes inactive for geometrical reasons, i.e. by
occupying a spatial position in which further interaction requires large
displacements of the chain. Transfer is included. We define the following
symbols :

S.S, the number of active centres at times ¢, 0, respectively
R the number of growing chains at time ¢
M, M, the monomer concentrations at times ¢, 0, respectively
k., k,, k,,and k, the rate constants for initiation, termination, propa-
gation, and transfer, respectively
Q. the number of primary chains appearing per unit time
Q: the number of secondary chains (i.e. those resulting
___ from transfer) appearing per unit time
DP the mean degree of polymerization.
R the solution of equation (1)

dR/dt=Q.-k,R (1)
Since O0;=k,S () and § satisfies the relation

ds/de=—k,S
Q. may be written k,S, e " and equation (1) becomes
dR/dt=k,S, e "t —k,R 2)
Furthermore
dM/dt= —k,RM 3)
Q:=k.RM (4)

*For radical polymerization in the liquid state, the highest value found in the literature®® is ten, and it
is mot demonstrated that transfer does not occur in that case.
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and ,

BB =M.~ M)/ [(Q:+Qdr )
From equation (2), '

R= (kS0 /(ky ~ ky)} (67 — ™) ©)

On introducing the value of R from (6) into equation (3) and integrating,
one obtains :

M _ &S,
M, k.

—In

k. k,S, (e"‘l‘ e"‘z') )

Yo\ R T TR
For large values of ¢, equation (7) becomes
M=M, exp(_kaso/kz) (8)

The function F (f)=In M,/M has an extremum only for t=0 and z=00,
Its second derivative is positive at the origin and zero when

rk=(nk,—Ink,)/(k,~ k) ®

At infinity the function tends to k,S,/k,. It can thus be represented by
Figure 8. The shape of the curve does not depend upon the relative values
of k, and k, which have only been supposed to be different.

o e K3So
Ky
[
|
i
I
|
i
0 tx t

Figure 8—Shape of curve F ()=In {Mo/M()}

Equations (3) and (6) show that no order of reaction with respect to M
can be found, since R is not constant. The maximum conversion

My —M ) M,=1—exp(—kiS,/k.)

is independent of the irradiation flux and dependent upon temperature
through k, and k,; the former, being the propagation rate constant, will
have a much larger activation energy than k, and the maximum conversion
will increase with temperature as found experimentally.
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The equation obtained for the mean degree of polymerization DP is
not simple. It can, however, be shown that DP decreases for large ¢ and

tends to a constant non-zero value. Replacing Q, and Q/ by their values in
equation (3) gives

— M,—M)
DP= s =)+ (kaJky) (M,
and OP)ron= oM (10)

So + (k4/k3) (Mo _M-oc)

Consideration of the derivative of 1/DP obtained from equation (10) shows
that DP, decreases for large ¢ if and only if

k, <k,{1-uj(e-1)}

where
u=k,S,/k,=In M,/M,, by equation (8).

Other mechanisms have been examined in the light of the experimental
results. Non-stationary state mechanisms in which the monomer concen-
tration does not appear in the propagation step cannot explain the
decreasing molecular weight observed. The usual stationary state treatment
does not hold in principle, a post-irradiation effect being observed. Special
attention has, however, been paid to the stationary state mechanism pro-
posed by Charlesby for the low temperature polymerization of isobutene 30.
In this case, the following kinetic scheme applies:

initiation rate R,/
propagation rate k, [XM,]* [M]
formation of inhibitor A rate R,/
unimolecular termination rate k, [XM;]
termination by inhibitor rate k, [XM#]TA]
chain transfer with monomer rate k., [XM;]{M]
This gives: —
M ( k Rﬂ
m(m)_ R { &R, } (an
1
e = i [l DM+ K AT+ @

where u, is the instantaneous degree of polymerization.

In the expression of 1/u,, the effect of radiation on the polymer may be
neglected for low doses such as two to three megarads. Figure 9 shows a
good agreement between experimental and calculated values for large
crystals polymerized at —80°C. Experimental results obtained at —64°C
and —45°C are also fitted by equation (11). However, the agreement is
not so good for small crystals at ‘—80°C and ~110°C.
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This type of mechanism also explains the change of molecular weight,
[M] decreasing and [A] increasing during the course of reaction. However,
in order to justify the shape of the curves the inhibitor A must be formed
with a very high value (larger than 30) to be efficient enough,

0-90
(=]
X \
~ 080
X \
\:
\\
:\\
\
\\
070, 3 5 7 3
Dose, Mrad

Figure 9—Large crystals polymerized at —80°C. X experimental
points, * calculated points. k,R,/k,=9'3, k R,/ k R,=T4X10-2

During the course of this work, a paper on the same subject appeared
in the literature®®. Our results confirm the temperature dependence of the
conversion found by Hayashi and Okamura; differences, however, exist in
the polymerization rates and maximum conversions, and different depend-
ences of the degrees of polymerization conversion are reported.
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Professor Martin from the University of Brussels who allowed us to use
his infra-red installation. Also we wish to thank Professor Vanderkelen
from the Rijksuniverstiteit in Ghent (Labortorium voor algeri. ° en
anorganische scheikunde) who obtained and studied the nuclear magnei.c
resonance spectra. A.L. is grateful to Euratom for financic: support,
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Viscosity| Molecular Weight Relation in
Bulk Polymers—I"

H. P. SCHREIBER, E. B. BAGLEY and D. C. WEST

Non-Newtonian flow in polymers appears to occur only at molecular weights
above M., the critical molecular weight above which chain entanglement is
believed to occur. Studies of the non-Newtonian behaviour in systems such as
poly(dimethylsiloxaney in a narrow molecular weight range (M <M < 5M.)
indicated a simple variation of the viscosity|molecular weight curve with
increasing shear stress. In this work polyethylene, studied over a much wider
molecular weight range (M. <M <70M.), shows more complex behaviour,
the onset of non-Newtonian flow occurring at progressively lower shear rates
or shear stresses as the molecular weight increases above M.. The dependence
of melt viscosity on molecular weight becomes less pronounced as shear stress
or shear rate is increased, permitting the calculation of a high shear rate at
which the melt viscosity apparently becomes independent of molecular weight.

Stupy of the dependence on shear of the viscosity/molecular weight
function of bulk polymers is interesting because of the light it can shed on
the importance of chain entanglements in determining non-Newtonian flow
of polymers. The presence of chain entanglements can be inferred from
plots of viscosity against molecular weight on logarithmic scales!-*. In these
plots two distinct portions can be defined for many polymer systems.
Below a critical molecular weight M., the slope of the logarithmic plot is
near unity. Above M., an abrupt transition to a power dependence in the
neighbourhood of 3-5 is often noted. This transition can be attributed to
the influence of polymer chain entanglements*® which now begin to
dominate the flow mechanism. It has been shown for several polymer
systems* ®- " ® that the critical molecular weight for entanglement also defines
the molecular weight above which non-Newtonian flow can occur, the
viscosities below M. being independent of the rate ‘of shear.

The present work extends our earlier observations® on the relationship
between Newtonian (zero shear) melt viscosity at 190°C and molecular
weight of polyethylenes to broad ranges of shear. This work is limited to a
consideration of fractionated linear (high density) polyethylenes, however,
for which chain branching and molecular weight distribution effects on the
bulk viscosity can be ignored. In this respect our investigation differs from
the interesting studies of Porter and Johnson®, who used conventional
polyethylenes in a similar shear dependence study of the viscosity / molecular
weight function for this polymer. A further difference is to be noted in
the range of molecular weights of the polymer samples involved in the two
studies. Porter and Johnson restrict their attention to molecular weights
below about 5M,, whereas the molecular weight range in this work extends
as far as 70M.. Significant extensions of the earlier work are therefore
possible.

*Presented in part at 11th Canadian High Polymer Forum. Windsor, Canada, 5-7 September 1962,
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EXPERIMENTAL
Phillips type linear polyethylenes were used. These were fractionated on
a large scale using the coacervation technique and apparatus described by
Blackmore and Alexander®. In a number of cases, initial fractions were
refractionated to attain narrower weight distributions. Six of these refraction-
ated samples were selected for use in defining a Mark-Houwink relation
to be employed in calculations of molecular weights from intrinsic viscosity
measurements. The necessary light scattering data for the calibration
fractions were obtained from a-chloronaphthalene solutions of the polymers
at 140°C, using a modified Bryce-Phoenix apparatus. Intrinsic viscosities
in tetralin solutions at 120°C were measured by previously reported
techniques'®. Pertinent light scattering and intrinsic viscosity data are given
in Table 1. The data closely define a relationship which is represented by
the equation

{11=524x10*M>" (8]
where [7] is the intrinsic viscosity (dlg=') and M, the weight-average
molecular weight, is evaluated from extrapolations to zero angle of
scattering data in a broad range of incidence angles centred about 90°.

Table 1. Characterization data for calibration fractions

Wtav. mol. wt {7 Wtav. mol. wt [n]
Fraction x10-3 dlg-1 Fraction x10-3 dlg-!
E-1 400 511 E+4 1-35 2-33
E-2 2-75 3-80 E-5 1-00 1:92
E-3 1-55 2:41 E-6 073 1-63

Equation (1) differs significantly from the equation given by Duch and
Kiichler'* who, however, used unfractionated polyethylenes and whose
[n]/M relationship is afflicted by considerable data scatter. Subsequent
molecular weight evaluation here is based on [1] measurements and
equation (1).

Ten linear polyethylene fractions were selected for use in the shear effect
studies. Melt viscosities were determined using capillary viscometers which
have been previously described'?, Viscosity measurements extended over a
shear rate range of less than 107! to 10* sec™® and a shear stress range from
less than 10* to 107 dynes cm™2, although not all samples could be studied
over the entire range of variables. Limited availability of polymer samples
restricted work to melt temperatures of 190°C. The same consideration
made it impracticable to calculate absolute viscosities on the basis of end-
correction values'?. The apparent viscosities pertain to extrusion through
capillary orifices having variable radii but constant length to radius ratios of
18-3. Repeated reversibility and reproducibility checks during an extrusion
run assure a precision in the measured viscosity values of better than
+ 5 per cent and polymer stability under all shear rates attained in this work.

To provide a basis for comparison with viscosity data at finite shear,
the apparent New